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EDITORIAL NOTE 

The present volume of Atomic and Plasma-Material Interaction Data for Fusion is devoted to a critical 
review of the physical and thermo-mechanical properties of presently considered candidate plasma-facing 
and structural materials for next-generation thermonuclear fusion reactors. The material issue in the 
engineering design of fusion reactors is currently seen as one of the most complex ones, having a strong 
impact on the basic operational and engineering reactor parameters. The preparation of this volume was 
guided by the idea of providing the fusion reactor designers with a source of critically assessed material 
properties data, including information on the material response to high heat and particle fluxes and on the 
thermo-hydrodynamic coupling with coolants. Emphasis was given not on comprehensiveness, but rather 
on presentation of the most recent results for the materials considered as prime option for plasma-facing 
reactor materials. 

The IAEA is indebted to the contributors to this volume for their dedicated effort and co-operativeness, 
and to Drs. W.B. Gauster and V.R. Barabash for their advice in formulating the scope of the compendium. 

Vienna, December 1994 
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REQUIREMENTS AND SELECTION CRITERIA FOR PLASMA-FACING MATERIALS AND 
COMPONENTS IN THE ITER EDA DESIGN 

W. B. GAUSTER, W. R. SPEARS AND THE ITER JOINT CENTRAL TEAM 
ITER Garching Joint Work Site 
Max-Planck-Institut fur Plasmaphysik 
BoltzmannstraBe 2 
D-85748 Garching bei Munchen, Germany 

ABSTRACT. The goal of the International Thermonuclear Experimental Reactor (ITER) is to 
demonstrate the scientific and technological feasibility of fusion energy for peaceful purposes. The 
Engineering Design Activities (EDA) are developing the design of this next step experiment in 
controlled fusion energy research. Severe demands are placed on performance of" materials, 
especially of those in contact with the plasma. The present status of the design is summarised, with 
emphasis on the vacuum vessel and the in-vessel components. The requirements to be met by 
plasma-facing materials and components are highlighted, and the research and development needs are 
described. 

1. INTRODUCTION 

The design of the International Thermonuclear Experimental Reactor (ITER) places unprecedented 
demands on materials performance in several areas if the projected performance goals are to be met 
[1]. Important topics include structural and electrical properties of superconducting magnet windings 
and the mechanical support elements of the magnet systems, structural and electrical properties of the 
vacuum vessel and blanket assemblies, and a wide range of requirements for the materials which 
come in contact with the plasma. The latter category is particularly extensive: it includes properties 
which influence plasma behaviour as well as those which relate to the functionality and lifetime of the 
material and the associated components. 

In all cases, availability of the materials, their fabricability, the construction, maintenance, and 
replacement processes, as well as costs, also play important roles. In addition, ITER is the first 
fusion machine in which the degradation of properties due to neutron damage is a prime concern. 

The first two years of the project's Engineering Design Activities (EDA) have resulted in an outline 
design [2,3,4]. Two operating phases for the machine are being considered. In the first, a Basic 
Performance Phase (BPP), breeding would not be needed. The function of the blanket is then to 
extract the fusion power that is produced and, together with the vacuum vessel, to shield the 
superconducting magnets. However, elementary breeding blanket modules would be tested 
functionally during this phase, in which the experience of a few thousand hours of plasma operation 
would be gained. In an Extended Performance Phase (EPP), tritium would be bred throughout the 
blanket. To be better able to test blankets for future devices in this later phase, attainment of an 
average first wall neutron fluence of up to 3 MWa/m2 should not be precluded by the performance of 
any permanent machine component. 

In this overview, the present design of the ITER machine is summarised, with emphasis on the 
vacuum vessel and the in-vessel components [4,5]. Materials needs are listed, especially for the 
elements facing the plasma. Finally, an outline is given of the associated research and development 
priorities. 
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2. SUMMARY OF THE DESIGN 

The design of ITER is intended to be conservative in the sense that a high likelihood exists of 
achieving the intended operating parameters on the basis of extrapolations from results obtained on 
existing tokamaks. A modest margin is incorporated to sustain ignition while allowing for 
uncertainties in physics and operation. To achieve safety and economic objectives, emphasis is on 
minimising complexity in design and maintenance, on achieving a low tritium inventory where 
feasible, and on optimising performance for a given cost. 

The design concept presently has the following characteristics: 
24 toroidal and 7 poloidal (including the central solenoid) field coils of Nb3Sn 
superconductor, using "cable in conduit" technology; 
toroidal field (TF) coils covered by outer structural bands and linked to a central bucking 
cylinder inside the central solenoid (CS), with the TF coils bucked against the CS; 
overturning moments on the TF coils are resisted by shear keys and outer mechanical 
supports, linking the separate TF coils into a complete toroidal structure; the TF coils generate 
a magnetic field of 5.7 T at the plasma major radius of 8.10 m, corresponding to 13 T at the 
M>3Sn conductor. 
a plasma configuration characterised by a moderately elongated cross-section and a single-null 
poloidal divertor: stability of the plasma is provided by the relatively low total resistance (5-
10|iI2) of the vacuum vessel and blanket structure, and by feedback control of the six outer 
poloidal field coils; 
inductive drive, with provision for moderate heating and (as a by-product) the capability for 
current drive by ion cyclotron, electron cyclotron, and/or neutral beam injection: the design 
foresees 50 MW of auxiliary heating, upgradable to 100 MW (by adding external equipment 
only). 
a divertor design based on physics concepts which allow thermal energy to be distributed over 
a relatively large area of the divertor channel's walls; 
for the BPP, a water-cooled shield: the first wall is integrated with the shield structure, 
although the two have separate cooling loops; 
a double-walled, fully welded vacuum vessel which acts as the first confinement barrier for 
purposes of safety; the vessel must be able to withstand the electrodynamic loads caused by 
disruptions, which cause transfer of forces both directly to the vessel and via the internal 
shield or blanket structures; 
a performance objective of about 1 MW/m2 of neutron wall loading met at a nominal fusion 
power of 1.5 GW: due to the margin available to permit ignition in most cases, the possibility 
of temporary over- (or under-) power of 20% has also to be designed for. 

The main design parameters are shown in Table 1. A cross-section of the device is-shown in Figure 
1. 

Table 1: ITER EDA Machine Parameters 

GW 

Plasma density (averaged) 
Ion temperature (averaged) 
Fusion power (nominal) 
Burn time 
Major radius 
Minor radius 
Elongation 
Toroidal magnetic field at 8.1 m 
Plasma current 

1Q20 m -3 

13 keV 
1.5 ±0.3 
1000 s 
8.1 m 
3.0 m 
1.6 
5.7 Tesla 
24 MA 
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Figure 1. Cross section of the ITER machine. 



3. VACUUM VESSEL 

3.1. Vessel Specifications 

The vacuum vessel provides a high vacuum environment for the plasma. At the same time, it is a 
safety barrier, and needs to assure adequate confinement for plausible accidents. It is designed to 
support the electromagnetic loads which result from disruptions, vertical displacement events (VDE), 
and halo currents. These loads can act directly on the vessel and also indirectly by transfer of forces 
from the first wall and blanket structure. 

Together with the blanket and shield, the vessel provides for shielding of neutrons, so that acceptable 
values of fluences to the insulators in the magnet system and of power dissipated in the conducting 
materials of the magnets are obtained. The electrical resistance of the vessel must be high enough to 
limit current flow in the vessel and low enough to aid vertical stability control. The maximum outlet 
temperature of the coolant is limited to 200°C, but higher temperatures are required for bakeout or 
during loss-of-coolant events. Detailed specifications are found in references [6] and [7]. 

3.2. Vacuum Vessel Design 

The vessel is a double-walled structure, with shells that are made of welded plates, 30-40 mm thick, 
and joined by poloidal stiffening ribs [Figure 2] to provide the required strength. The total thickness 
of the vessel varies poloidally from 0.4 to 0.7 m, with an overall height of the toroidal shells of about 
15 m. Coolant water flows between the shells at temperatures below 200°C at a maximum pressure 
of 2 MPa. The vessel can be baked at 300°C using gas or steam. 

To provide neutron shielding, the space between the shells, i.e. the region of coolant water flow, is 
filled with electrically insulated steel balls. This approach was selected for its apparent simplicity and 
low cost relative to the alternative of a structure of steel plate inserts. 

The vessel structure consists of 24 sectors, which are joined toroidally by field welding. The sector 
field joints need to accommodate the mismatch between adjacent vessel sectors. Research and 
development is needed on methods for field welding and non-destructive inspection, using remote 
handling techniques. 

Ports are provided on top of the vessel, at the mid plane, and at the bottom. The upper ports provide 
blanket access and cooling. The mid-plane ports are used to access blanket test modules and 
blanket/shield modules that are integrated with ion (ICRF) and/or electron (ECRF) cyclotron heating 
and or diagnostic systems, and for the insertion of remote handling equipment. The lower horizontal 
ports are for replacement of divertor cassettes and for vacuum pumping. 

3.3. Development Needs and Materials Choices 

The vessel for ITER is considerably larger than vacuum vessels of similar design fabricated up to 
now. For that reason, methods of fabrication need to be established, and non-destructive, 
thermomechanical and dynamic testing need to be carried out on the basis of models and mock-ups. 
A critical development item is the region of the upper ports, which are used as feedthroughs for 
blanket coolant lines and as openings for the installation and replacement of blanket segments. A key 
issue is the feasibility of cutting and welding the port structure during maintenance of blanket or the 
vessel, using remote handling techniques, while maintaining the low tolerances and distortions 
required. Bellows are used around the blanket coolant feedthroughs to compensate for differences in 
thermal expansion between the blanket and the vacuum vessel, and to provide stress relief during off-
normal events. For the insulated steel balls, coating methods and their QA, as well as the handling 
techniques for filling, also need to be investigated thoroughly. 
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OUTER WALL 

Figure 2. Vacuum vessel section view. 

The selection of materials for the vacuum vessel is based on structural and electrical properties both 
before and after irradiation; fabricability and cost are of course also important factors. The prime 
candidate material for the vacuum vessel is at present Inconel 625, because of its high electrical 
resistivity and high yield strength even at elevated temperatures. However, under the expected 
radiation levels, the rate of production of helium is about twice that for stainless steel. Since 
reweldability is strongly affected by helium production, testing of reweldability after irradiation is 
needed. In addition, the induced activity with long decay times is higher for Inconel after irradiation, 
due to the significant concentrations of niobium and tantalum. To reduce this effect, the tantalum 
could be eliminated while still maintaining the required standard composition of, for example, Inconel 
625. Due to these concerns, type 316 stainless steel is also under consideration. The most important 
advantages of steel are the larger database on its properties and its simpler fabrication technology. 
Cost is also expected to favour steel. 
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4. FIRST WALL, BLANKET, AND SHIELD 

4.1. Design Requirements 

The first wall and shielding blanket structure together has several functions. During the BPP, the 
first is to remove the surface heat flux impinging on the wall and the nuclear heating within its own 
structure while maintaining allowable temperatures and stresses. Next, it must reduce the nuclear 
responses in the vacuum vessel to levels such that rewelding during maintenance and repair is still 
possible. Practically, this means that helium production must be less than 1 appm and the atomic 
displacements less than 1 dpa until the end of the EPP. Third, together with the vacuum vessel, it 
protects the toroidal field coils from excessive nuclear heating and radiation damage. In the EPP, the 
additional function of tritium breeding is required. Options for tritium breeding have been 
summarised recently [8]; they are not discussed further here. 

For 1.5±0.3 GW of fusion power in the ITER machine, the first wall encounters an average surface 
heat flux of 0.2 MW/ral For design specifications, a peak value of 0.5 MW/m2 is assumed. The 
main design parameters for the first wall and shielding blanket are listed in Table 2. These design 
specifications also apply to plasma facing elements of the heating systems, which therefore have to be 

Table 2: Main Design Parameters of First Wall and Blanket/Shield 

Nominal fusion Power 
Average first wall neutron fluence 

- Basic performance phase 
- Extended performance phase 

Peak first wall neutron wall loading 
Average first wall heat load 
Peak first wall heat load 
First wall surface structure temperature 

-Baking 
- Between Pulses 

Total number of cycles 
Pulse length 
Water coolant conditions (FW) 

- Inlet temperature 
- Outlet temperature 
- Inlet pressure 

Structural material 
Heat sink material 
First wall protection material 

First wall pressure load from 
disruption event 

- Inboard 
- Outboard 

1500 MW 

-0.3 MWa/m2 

<3.0 MWa/m2 

1.2 MW/m2 

0.2 MW/m2 

0.5 MW/m2 

350°C 
200°C 
105 

1000 s 

100°C 
150°C 
2MPa 
316 SS 
copper alloy 
Be (< 10 mm) 
C (<30mm) 
W (< 3 mm) 

1.5 MPa 
1.0 MPa 

First wall design approaches 
- Separately cooled first wall 
- Structurally integrated with blanket 

and shield 
Breeding Capability Not required in BPP. 

Convertible or replaceable 
for EPP. 
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designed so as to be indistinguishable from the first wall. Limiters, integrated with the blanket, are 
also required. These will have performance requirements closer to those of the divertor baffle 
(described in the next section). 

4.2. Modular Shielding Blanket 

Recently a modular blanket design with a separately cooled first wall has been developed which 
serves as the basis for design analyses and for the development of maintenance and replacement 
scenarios [4,5]. Each toroidal blanket sector consists of a number of poloidal modules having on the 
order of 1 to 2 m2 plasma-facing area. The modules are supported from the back plate. The sectors 
can in principle be connected electrically in the toroidal direction to minimise the electromagnetic loads 
during plasma disruptions, and several such schemes are under investigation. The individual 
modules and their attachments to the back plate, however, are intended to withstand the 
electromagnetic shear loads even without electrical connections at the first wall. The installation and 
replacement of the blanket sectors (through the upper port) or modules (through the mid-plane port) 
does not require cutting and rewelding the back plate. The mid-plane cross-section of an inboard 
shielding blanket module is shown in Figure 3. Also shown is the back plate, which is installed in 
the vacuum vessel before the blanket sectors are attached to it by welding. 

Figure 3. Modular blanket design. 

4.3. Fabrication, Development Needs and Material Choices 

To fabricate the laminar structure of the first wall, hot isostatic pressing (HIP), diffusion bonding, 
explosive bonding, or a combination of the first two methods are being assessed. Attachment of the 
first wall to the blanket modules is by welding. As an alternative approach, tests are planned on HIP 
of powder to produce the blanket module and first wall in one step. This would eliminate welds from 
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the high radiation zone of the first wall and would simplify the process in terms of the numbers of 
parts and of processing steps. 

To provide improved thermal response, a laminate of copper alloy and austenitic steel constitutes the 
first wall, with a layer of beryllium faces the plasma. The first wall is seen in the Figure to be 
structurally integrated with the blanket modules, but it is separately cooled. Under consideration are 
square or circular steel coolant channels with single or multiple.coolant paths. While both designs 
provide adequate cooling, higher primary stresses and stress concentrations are found for the square 
channels. The square channels, however, can be joined directly to the steel blanket box. This leads 
to a more reliable joint than for circular tubes that are joined along only a portion of their perimeter. 
The final choice will be based on fabrication test results and on performance of the copper alloy. 

For the main components of the blanket and the first wall structure, type 316LN stainless steel is 
currently proposed. The principal considerations for the choice are the extensive data base on 
unirradiated and irradiated material, good fabricability and experience in the material's use for non-
nuclear and fission reactor applications, an acceptable temperature range from 20 to 450°C(and up to 
600°C without irradiation), and good compatibility with coolant water in the range 20 - 150°C. As a 
second option type 316L is considered. For these materials the impact of low-temperature 
embrittlement, swelling, radiation-enhanced stress corrosion cracking, and weld characteristics, are 
being assessed. 

R&D also includes the verification of neutronics code predictions by means of shielding experiments 
both on bulk materials and on penetrations. 

5. DIVERTOR 

The design of the divertor for ITER is based on the formation of a cold, dense plasma in the divertor 
chamber, and the consequent radiation of power over a large area [9,10]. This concept provides a 
plausible solution, evidence of which has been seen in operating tokamaks, to an extremely 
challenging problem. For a fusion power of 1.5 GW in ITER, 300 MW are carried by alpha-
particles. Due to uncertainties in the distribution of power, the design calls for both the divertor and 
the first wall to be able to handle 80 % of the power. For a conventional target in the divertor, power 
loading peaks of 140 MW/m2 would be expected, which could be reduced to 35 MW/m2 by tilting the 
plates. In addition to the steady-state power, there are transient power excursions, edge localized 
modes, and disruptions. The concept proposed for ITER [11] reduces the nominal power value to 
sustainable peak-design levels of the order of 5 MW/m2 as well as moderating particle fluxes in order 
to lower erosion rates. 

5.1. Divertor Concept 

In the "dynamic gas target" divertor, radiation from hydrogen and from impurities results in a transfer 
of energy from the plasma in the divertor to the walls of the chamber. Charge exchange collisions 
with neutrals that recycle in the divertor channel reduce ion momentum. This causes a reduction of 
the pressure in front of the target plates and a lowering of the ion flux to the plates; temperatures of 
about 5 eV and ion and neutral densities of 3xl019 to 1020 nr3 are predicted. The resulting power load 
is 2.5 MW/m2 on the targets. The radiation to the side walls of the divertor channel gives an average 
load of 0.6 MW/m2 over a 400 m2 area. 

5.2. Divertor Design 

The concept is implemented in a divertor consisting of three main regions, all designed for heat loads 
up to 5 MW/m2 to take account of uneven power distribution. These are the divertor targets, the 
power exhaust and recycling area in the divertor channels (the side walls), and a baffle area in the 
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lower first wall and divertor entrance region that reduces the flow of neutral particles into the main 
chamber. The prime candidate plasma-facing material is beryllium, but carbon fibre composites and 
tungsten are also being considered, and may be used instead of Be, or just in certain areas. A 
schematic view of the divertor assembly is shown in Figure 4 [10,11]. The side walls of the 
channels are "transparent", consisting of plates or vanes inclined toward the field lines and supported 
at the bottom by the cassette structure. This is the power exhaust region. The divertor targets, or 
energy dump targets, are at the bottom of the divertor throat. The central dome and toroidal limiters 
form the baffle area. 

ITER DIVERTOR ASSEMBLY 

Figure 4. Schematic view of divertor assembly. 

Each of the 24-toroidal sectors contains 4 cassettes, for a total of 96 in the machine. Details of the 
present design are given in reference [12]. The divertor cassettes are stainless steel structures. 
Plasma-facing areas are covered by copper alloy panels with beryllium coatings. The cassettes are 
designed to resist impulsive loads due to eddy currents and halo currents during disruptions. In 
addition, they provide neutron shielding in the lower regions where there are no blanket modules. 
For this reason, 60% of the body is steel; the remainder is water at 2 MPa which cools the cassette 
structure itself and provides coolant for the high-heat-flux regions of the dump targets, dome, wings 
and the inboard divertor baffle. 

The dome and the baffles shield the components in the power exhaust and momentum loss regions of 
the divertor. Leading edges of the latter would otherwise be exposed to the scrape-off layer plasma, 
which has a parallel power flux of > 100 MWnr2. The protection is also important during transient 
events such as plasma start-up and during disruptions. Thus these elements (along with any first 
wall/blanket limiters) are considered as the key high-heat-flux components. 
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The power exhaust and momentum loss region is essentially a large gas box, designed to optimise the 
recirculation of neutrals along the whole divertor channel. This may require a "transparent wall", 
which provides for thermalization of hot neutrals by collision with the structure, but also allows 
neutrals to pass through and participate in the recirculation. The wing-like structures, which are tilted 
at 45 degrees toroidally toward the magnetic field lines, must be designed to accept most of the ~ 200 
MW power radiated in the divertor region as well as the momentum flux. 

The energy dump targets receive the remainder of the power conducted into the divertor channels, that 
is not transferred to the side walls. This is estimated to be 10% of the total in steady state, resulting 
in a peak heat flux of 2.5 MW/m2; the design value is taken to be 5 MW/m2. There is concern about 
disruptions or edge localized modes resulting in power excursions to the targets by burning through 
the gas target. 

The divertor baffle is attached and may eventually be an integral part of the blanket segments. By 
restricting the flow of neutrals it reduces the leakage of high-density gas from the divertor chamber to 
the main plasma region. It is a steel structure of 2 m height, and also includes a copper"alloy heat 
sink with a plasma-facing coating of beryllium. 

5.3. Fabrication, Development Needs and Materials Choices 

For all divertor components the structural and neutron-shielding material is presently considered to be 
stainless steel (type 316L or equivalent). The coolant, which is also part of the shielding, is water at 
a pressure of about 2 MPa and a maximum temperature of 200°C. The heat sink is copper alloy. The 
plasma-facing material will be chosen from beryllium, carbon fibre composite, and high-Z materials . 
The modular structure of the cassettes allows design modifications, including changes in plasma-
facing materials, without re-designing the cassettes. 

Several manufacturing technologies are under consideration. These include diffusion bonding and 
HIP between copper alloys and beryllium, with brazing as an alternate. For coating of surfaces and 
repair of damaged surfaces, plasma spraying of beryllium is being evaluated. Diffusion bonding, 
HIP, and explosive welding are being considered for the joining of stainless steel and copper alloy, 
with brazing as a back-up. 

For non-neutron-irradiated materials, the manufacturing techniques are well established. Under 
neutron irradiation, creep, swelling, embrittlement, etc. will occur. The quantification of these 
phenomena for the ITER conditions, and the qualification of materials and processes are important 
items for research and development. The R&D will include also the improvement of existing 
materials. Particular emphasis is placed on lifetime limitations due to thermal fatigue because of 
ITER's pulsed operation. High-heat-flux tests with cyclic loading on non-irradiated and irradiated 
component mock-ups need to be done. Work is also planned to verify the maintenance of this 
component, which is likely to need rapid and frequent replacement during the early stages of 
operation. 

Physical and chemical sputtering are major factors limiting the lifetime of the targets and the channel 
walls in the ITER divertor. Preliminary assessments indicate that a beryllium cladding of 1cm 
thickness and a 3 cm thick carbon fibre composite covering will behave in a similar way, having 
predicted target lifetimes on the order of a few 1000 full power, full length discharges. The greater 
thickness of the carbon material is possible because of its higher thermal conductivity. Chemical 
erosion of carbon fibre composite appears to be worse at low energies; data below 10-20 eV and flux 
scaling are uncertain. For a 1cm tungsten target, however, the lifetime is as great as 106 discharges, 
for neutral energies below 30 eV and plasma temperatures below 20 eV. Although tungsten and other 
high-Z metals have longer lifetimes against erosion by sputtering, the permitted impurity influx into 
the plasma is smaller because of radiation from the ionised impurities in the plasma core. 
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Another limitation to the lifetime of divertor components is the damage occurring during disruptions. 
The expected energy density during a disruption is of the order of 10 MJ/m2; for edge localized 
modes (ELMs) it can reach 100 MJ/m2. Estimations of the allowable number of disruptions on a 
target need to account for vapour shielding effects and, for metals, the stability of melt layers. These 
are key research and development topics. 

An important aspect of the choice of plasma-facing materials is the uptake and retention of tritium. 
Processes that are known to influence the resulting tritium inventories include the co-deposition of 
tritium with carbon that is redeposited after erosion, the role of impurities in beryllium as trapping 
sites, trapping at neutron damage sites, and tritium retention and release in dust and debris generated 
during disruptions. 
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ABSTRACT 

Beryllium is foreseen to be used as a cladding for plasma facing components and as a 

neutron multiplier in the tritium breeding blanket of a fusion reactor. 

Thermomechanical properties are presented for powder metallurgic and ingot sheet 

grades of beryllium that are commercially available. Additional characterisation 

under normal conditions is required for most grades of material particularly as regards 

Poissons ratio and fracture toughness at elevated temperatures. No radiation damage 

data has been found for a well characterised irradiation at any neutron fluence on a 

modern form of beryllium. Given the difficulties of obtaining fusion-relevant 

neutron spectra, it is suggested that even the effect of thermal neutrons on well-

characterised beryllium samples, i.e. defined manufacturing method and impurity 

content would give valuable data on the behaviour of beryllium subject to neutron 

damage. 

Most forms of beryllium presently considered for breeder blanket applications are 

porous forms and as such are not yet in a form that is commercially available. 

1. INTRODUCTION 

This review will summarise the properties of beryllium at temperatures of interest to 
application as a plasma-facing component (PFC) and in the breeder blanket. The 
principal advantages which Be has in PFC applications is its ability to getter oxygen 
and its low atomic number. These properties have been shown by experiment to 
eliminate density limit disruptions and to increase the time scale for 
magnetohydrodynamic instabilities [1]. It is now very likely that any future large 
tokamak fusion experiment will rely upon beryllium for PFC applications [2]. 

Like most metals, beryllium can be fabricated into a variety of forms such as block, 

sheet, rod, tube and wire. Historically, block has been of the most commercial interest 

and has been the most characterised form, however grades of beryllium developed 
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recently have significantly improved properties. Beryllium ingot sheet will be 

another focus for this review as there has been recent assessment of a commercial 

product, and because its lower beryllium oxide content has provoked interest in the 

fusion community. 

The primary use of beryllium in tokamak experiments [3, 4] has been for PFC which 

absorb heat without active cooling. In future experiments actively cooled beryllium 

clad heat sinks [5] or perhaps even directly cooled beryllium components [6] will be 

required to operate under steady-state conditions. Thus the experience gained so far 

with beryllium PFC is only a guideline for the design of actively cooled components. 

The requirements for a beryllium PFC for ITER are principally that the cladding 

remains intact and does not crack when subjected to 103 cycles of long pulse (103s) 

steady state operation. This requirement is for the physics phase of ITER. The 

requirements for a later, engineering phase would require sustaining the same 

integrity for neutron irradiation of up to 2 dpa before replacement is required. 

The cladding of beryllium to a copper heat sink, the latter being favoured for thermal 

reasons, intrinsically presents a problem in view of the formation of copper-beryllium 

eutectic at elevated temperatures and by the formation of brittle intermetallic 

compounds at lower temperatures [7]. Whereas there is some experience relating to 

the bonding of beryllium to heat-sinks, i.e. [8, 9], little published data has been found 

on the effect of fast neutrons on joints. One successful method of fastening, brazing, 

uses materials that are readily activated and which may be transmuted under neutron 

bombardment. The lifetime of PFC components may thus be limited by various 

considerations other than strength of the joint. Furthermore limitations arising from 

the joining technology may be more severe than the intrinsic limits of beryllium. 

Very considerable experimental work remains to be done in this field. 

Beryllium is the material of choice as the neutron multiplier through (n, 2n) reactions 

in a solid breeder blanket design. Design optimisation studies [8] have shown that 

such a blanket, although based on lithium ceramics, would require up to 70% 

beryllium in order to maximise tritium production. The solubility and retention of 

hydrogen isotopes in beryllium both for PFC and for blanket applications under 

unirradiated and irradiated conditions is not fully understood. Widely scattered data 

have been presented for beryllium grades that are now obsolete. Furthermore new 

grades are at present being developed [11] which examine low density forms of 

beryllium that appear to have improved rates of desorption of tritium for use in 

breeder blankets. 
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Discharges in tokamaks using beryllium as wall and /or limiter material have 

produced encouraging physics results. Three different experiments, i.e. UNITOR, 

ISX-B and JET have relied upon beryllium material in the form of thick blocks. In 

many discharges however, plasma behaviour has been limited by a runaway 

accumulation of impurities due to loss of material from the PFC. In addition to the 

requirements for mechanical integrity, minimal deformation and resistance to large 

body forces during disruptions, the level of impurities within beryllium for fusion 

PFCs must be very low. In particular the presence of impurities with high atomic 

number must be minimised. JET has used material with very small amounts of 

impurities with high atomic number, i.e. <100 ppm total for elements above Fe in the 

atomic table [12]. 

2. SCOPE 

Good summaries of beryllium data for grades that are no longer being produced may 

be found in the Reactor Handbook [13] and in an excellent review by Pinto [14] of the 

properties measured prior to 1979. 

This review will focus on measurements taken after 1979 with an emphasis on 

commercially available grades of beryllium block and ingot sheet. Block has been the 

form most widely used and is the best characterised form. However, the low BeO 

content and high ductilities of ingot sheet has provoked interest in these materials for 

fusion applications. It is intended in this review to highlight those properties which 

require substantial additional characterisation, in particular for irradiated material. It 

is noted that the ITER programme foresees a need to develop even more robust forms 

of beryllium. 

3. BACKGROUND 

Beryllium is an element with atomic number 4 and atomic weight of 9.012. It is a 

metal with a hexagonal close packed structure. Beryllium in structural applications is 

notable for a combination of stiffness and low density. Due to its low atomic number, 

beryllium transmits x-rays seventeen times better than an equivalent thickness of 

aluminium. Excellent reflectivity for infrared radiation is observed; commercial 

grades are up to 98.5% effective in the 8-12 micron range. Beryllium is used for 

neutron reflectors and as a neutron multiplier due-to its high neutron scattering 

cross-section, low thermal neutron capture cross-section and high (n, 2n) neutron 
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multiplication cross-section. It has a strong chemical affinity for oxygen. Like 

aluminium, beryllium has a protective oxide layer. 

In aerospace and other applications beryllium has been used due to its low specific 

modulus, which means that distortion of components made out of beryllium is 

minimised with respect to applied stress. The combination of high specific heat, high 

thermal conductivity, low coefficient of thermal expansion with the structural 

properties given above makes beryllium components dimensionally stable under 

transient thermal loads [22]. 

Beryllium grades are brittle at room temperature and become ductile at elevated 

temperatures with maximum ductility reached typically at 400°C. The PFC beryllium 

component comprises cladding on an actively-cooled substrate. One important 

criterion for the choice of grades to be considered is the ductility at coolant 

temperatures, i.e. ~ 100°C. The fatigue lifetime of the cladding has to be maximised 

with respect to regular thermal cycling at strain rates of the order of 10~4/sec. 

Table 1: Thermophysical properties of beryllium at 300K (unless noted). 

Property 

Melting Temperature 

Boiling point at 1 arm 

Heat of Fusion 
Heat of Vaporisation 

Density 

Electrical resistivity 
Thermal conductivity 

Coefficient of thermal expansion 

Specific heat 
Viscosity at 1556K 

Youngs modulus 

0.2% Yield Strength 

Value 

1289°C 

2470°C 

1132KJ/Kg 

24770 KJ/Kg 
1848 Kg/m3 

~ 4 x 10"8 Q, - m 
204 W/m/K 

11.5 x 10-6/K 

1.85 KW-sec/Kg/K 

~ 10"3 poises 

~311GPa 

~270MPa 

(7) 

(7) 

(7) 

(15) 

(14) 

(16) 
(17,18) 

(19) 

(7) 
(20) 

(21) 

(21) 

Beryllium, like many industrial materials, poses a health risk if mishandled. In its 

usual solid form, as well as for finished parts, and in most manufacturing operations, 

it is completely safe. However, breathing very fine particles may cause a serious lung 
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condition in a small percentage of individuals. Risk can be minimised with simple, 

proven, and readily available engineering controls such as ventilation of operations 

producing fine dust. JET has operated safely with beryllium in large quantities and 

under conditions producing fine particles. Details of the JET safety experience are 

given in Appendix A. 

4. TYPES OF BERYLLIUM MATERIAL 

The mechanical properties of beryllium vary significantly from grade to grade and also 

are strongly dependent upon specific fabrication technology. This review considers 

those grades available in ingot or block form. One manufacturer offers structural, 

instrument and optical grades of material [23]. Cast and rolled material called ingot 

sheet offers low BeO content and greater ductility than powder sheet above 200°C [24]. 

In the course of writing this paper the authors became aware of recent publications 
concerning the thermomechanical properties of beryllium produced by countries of 
the former Soviet Union [25]. In this latter report a wide range of materials are 
described to be forged, cold worked, hot pressed and/or rolled. In view of the 
multi-lateral agreement on the design of the ITER project it is expected that more 
information on the commercial availability of beryllium grades from this source will 
be forthcoming. However, as there is no data at present on the reproducibility of these 
properties for quantities of at least several hundred kilograms no further reference 
will be made to this source of material without prejudice to the quality of beryllium 
manufactured there. 

Further ongoing development is to be noted of the methods whereby beryllium 

powder is produced. In particular the availability of spherical beryllium powder with 

very low BeO concentration, circa 0.5wt%, may produce grades of interest to the design 

of fusion PFC. Spherical beryllium powder has been made by inert gas atomisation 

[26,27] and centrifugal atomisation [28]. Both processes involve the break up and rapid 

cooling of a molten metal stream to form powder. This type of powder has only been 

made in limited quantities. 

A glossary of terms now follows relevant to the manufacture of beryllium through 

powder metallurgical (PM) methods or through ingot-metallurgy (IM). 
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4a Powder Metallurgy of Beryllium 

4a.l Milling 

Production of most forms of beryllium begins with chipping of a vacuum cast 

beryllium ingot. Chips are then ground using one of three methods. 

Attrition Grinding (AG) Chips are ground into powder between two grooved 

beryllium plates, one fixed and one rotating. Plate-shaped particles are produced 

which tend to align preferentially during powder consolidation steps, resulting in 

anisotropic mechanical properties. This technique is becoming obsolete. 

Impact Grinding (IG) Beryllium chips are suspended in a stream of high velocity gas 

and then directed at a solid beryllium target. The blocky particles produced this way 

result in a less textured microstructure and more uniform properties in all directions 

than attrition milling. The largest volume of beryllium is made using impact ground 

powder. 

Ball Mill Grinding (BG) Ball mill grinding is an expensive and time consuming 
process which produces extremely fine particles and a higher BeO concentration. This 
results in an extremely fine grained microstructure in the final product. This 
microstructure confers enhanced resistance to thermo-mechanical distortion. 
Typically beryllium grades produced this way are used for precision guidance 
components. 

4a.2 Atomisation 

Inert gas atomisation produces spherical beryllium powder particles in contrast to the 

angular or blocky particles produced by grinding. Atomised spherical powder (ASP) 

generally has half as much as BeO or less as the other beryllium powders. This 

technology has only recently been successfully applied to beryllium. 

4a.3 Powder Consolidation 

Cold Pressing (CP) Powder is fed into a steel die and then uniaxially pressed from the 

top and bottom. The cold pressed or green powder billet then goes to one of the hot 

consolidation processes, usually sintering. Cold pressing tends to yield anisotropic 

mechanical properties. 
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Cold Isostatic Pressing (CIP) Powder is fed into flexible rubber bags which are sealed 

and lowered into a water filled pressure vessel. Pressure is applied simultaneously 

from all directions (isostatically). The CIP billet then passes through one of the hot 

consolidation processes. Products made with a CIP step tend to have more isotropic 

mechanical properties than products produced with a CP step. 

Vacuum Hot Pressing (VHP) Powder is poured into a vertical cylindrical die. 

Pressure is then applied from rams at the top and bottom of the die under temperature 

and vacuum. Mechanical properties are anisotropic; mechanical properties measured 

parallel to the pressing direction (longitudinal) are generally lower than properties 

measured perpendicular to the pressing direction (transverse). 

Hot Isostatic Pressing (HIP) Loose powder or a CIP powder billet is placed in a steel 
can which is welded shut after degassing at elevated temperature. The sealed can is 
then placed into a pressure vessel where it is heated and then pressed from all 
directions simultaneously (isostatically) by argon gas. Simple shapes made by HIP 
have minimal anisotropy in mechanical properties. Complex near net shapes can be 
made by this technique. 

Sintering (S) A CP or cold CIP billet is placed in a furnace and heated under vacuum. 

Diffusion of beryllium atoms produces bonding. Sintered products have a coarser 

grain structure than HIP products and show anisotropy in mechanical properties. 

Extrusion Billets made by CP or CIP are generally used as input stock, although 

extrusion of loose powder has been done. The feedstock is put in a cylindrical steel 

can, and degassed at elevated temperatures. The can is then welded shut and heated 

in a furnace. The hot can is then extruded through a die by a ram. Extruded products 

have anisotropic properties; the properties in the ram direction (longitudinal) differ 

from those in material perpendicular to the ram direction (transverse). 
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4b Ingot Metallurgy 

4b.l Cast This covers any process where molten beryllium is poured into a mould 

and solidified. Cast beryllium generally has very coarse grain size and a different 

distribution of BeO compared to powder metallurgy beryllium. The strength and 

ductility of cast beryllium is much lower than powder metallurgy beryllium but can be 

improved by cold working and hot working to a fine grain size. Rolling is at present 

the only practical method to produce a fine grain size in cast beryllium. The most 

pure forms of beryllium are prepared by casting and zone refining techniques. 

4b.2 Ingot Sheet This is beryllium sheet produced from cast beryllium by rolling. It 

is notable for low BeO content and more ductility in the in-plane direction above 

200°C than powder metallurgy sheet. The properties of these grades are anisotropic. It 

has been suggested that the out of plane ductility of these grades may be higher than 

powder metallurgy sheet which has an out of plane ductility of < 1%. 

4c Refining Processes 

Beryllium can be refined using the same techniques as other metals, but zone refining 

and vacuum distillation are currently used the most. 

4c.l Zone Refining A bar of beryllium is placed in such a way that a furnace moves 

axially along it. A very small molten zone is formed at one end of the furnace and 

impurities are driven into the liquid by thermodynamic forces. Very high purity 

beryllium with very large grain size is produced. There are no commercial scale 

facilities for beryllium zone refining. 

4c.2 Vacuum Distillation Beryllium is vaporised and separated from impurities by 

fractional condensation. A high purity, coarse grained product is produced. 

4d Summary of Commercial Grades 

Although beryllium is used in relatively small quantities compared to steel or 

aluminium, specific grades have been tailored for the major aerospace applications: 

structural, guidance instruments and optics. Grain size, impurity content, anisotropy 

and BeO content are the principal differences between these grades. A brief summary 

now follows of commercial grades. 
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Structural Grades (S-65, S-200-F, S-200-E, MSC-100, SR-200) are processed to provide the 

highest strength. They are the most versatile grades and are the most well 

characterised. Nominal properties of selected grades are shown in Table 2. 

Instrument Grades (I-220-H, 1-400,1-70) are designed to provide the least distortion in 

aerospace guidance instruments. They are optimised to provide the best micro yield 

strength which is the maximum stress which can be applied before one microinch of 

plastic strain is made. Nominal properties are shown in Table 3. 

Optical Grades (0-50, 1-70, I-220-H) are optimised for reflectivity and polishing 

characteristics. The principal application is for satellite mirrors, although there are 

some terrestrial mirror applications where weight and infrared reflectivity are 

important. Nominal properties are shown in Table 3. 

The S-65 grade was originally chosen by JET for First Wall and Divertor applications 
because it combined low impurity level (for low plasma contamination) with low BeO 
content and superior ductility at elevated temperatures. However, in other 
applications where strength is the overriding factor, instrument grades are more 
appropriate. It should be noted that instrument grades have the highest BeO contents 
of the commercial beryllium grades, and often have higher impurity levels and lower 
ductility than the structural grades. 
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5. BASELINE PROPERTIES 

Many of the thermophysical properties of beryllium vary not only from grade to grade 

but also change substantially due to neutron irradiation. For example, yield strength, 

ultimate tensile strength and ductility are expected to be influenced substantially by 

radiation damage. These properties are discussed in detail in subsequent sections. 

This section presents data for those properties which are not expected to be influenced 

by neutron damage. 

5a Specific Heat 

Recently measurements of specific heat have been made of commercially available 
grades for which the fabrication process and the impurity levels have been given. In 
Figure 1 specific heat is plotted for (a) VHP beryllium with 1.70% BeO by weight [16] 
using adiabatic calorimetry, (b) VHP beryllium with 1.70% BeO by weight [16] using the 
slope of an enthalpy curve, (c) VHP beryllium grade S-65B with 0.8% BeO by weight 
[21]. Figure 2 shows data for IM beryllium sheet [29] for which the BeO content is likely 
to have been less than 100 ppm. 

The specific heat of S-65 material as tabulated in Table 4 below is seen to vary between 
17.2J/mole/K at 51°C to 29.0J/mole/K at 996°C. For ingot sheet specific heat range is 
16.5J/mole/K at 23°C and 26.0J/mole/K at 602°C. 

The specific heat of liquid beryllium is relevant in the assessment of material loss 
from PFC due to disruptive events that produce surface melting. Values of 
3.27KJ/Kg/K at melting temperature rising linearly to 3.45 KJ/Kg/K at boiling point 
have been reported [14]. It is not clear that this result would vary greatly from grade to 
grade unless the percentage of BeO varies greatly from the values of up to 2% typical of 
modern forms of beryllium. 

5b Density 

The density of any material varies with temperature as a consequence of thermal 

expansion. Variation of density with temperature is listed in Table 4 for commercially 

available VHP grade, S-65B beryllium with 0.9% by weight of BeO. 
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Table 4: Reference thermal properties S-65b [21] 

Temperature °C 

51.0 
139.0 
183.0 
242.0 
291.0 
336.0 
400.0 
464.0 
543.0 
619.0 
700.0 
854.0 
996.0 

Conductivity 
W/m/k 

187.3 
152.3 
143.8 
133.8 
128.8 
125.2 
116.6 
110.4 
101.8 
96.1 
88.4 
75.8 
63.8 

Specific heat 
KJ/Kg/K 

1.905 
2.240 
2.344 
2.441 
2.529 
2.613 
2.667 
2.734 
2.780 
2.860 
2.939 
3.086 
3.220 

Density 
Kg/m3 

1820 
1814 
1806 
1806 
1801 
1797 
1791 
1785 
1777 
1769 
1760 
1742 
1725 

5c Viscosity 

The development of Rayleigh-Taylor instabilities on the surface of liquid metal due to 
the interaction of electric currents induced in the liquid layer with magnetic fields at 
the edge of a plasma has been observed at JET in disruption damage of inconel heat 
shields [30]. The viscosity of beryllium has been measured to be 10"3 poise at melting 
temperature and decreases with temperature as shown in Figure 4. The material grade 
is not known [20]. 

5d Vapour Pressure 

In a PFC application the amount of wall material released into the plasma is crucial to 
the purity of the edge plasma and ultimately to the performance of the core plasma. In 
addition to the physical process of evaporation, sputtering by hydrogenic species, by 
other impurities and by beryllium particles already released contribute towards the net 
wall influx of beryllium atoms into the plasma. 

The vapour pressure of beryllium in solid form is given by [15] 

log p (Torr) = 11.279 - 0.56 log T -17. 058 T-l 298 < T < 1560 K 

and for the liquid form by [15] 

log p (Torr) = 12.483 -1.04 log T -16. 518 T-l. 1560 < T < 2745 K. 
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For commercially available beryllium material, experience at JET suggests that the 

method of fabrication i.e. casting versus powder metallurgical methods, does play a 

role in determining the total evaporation rate of beryllium from a surface. As BeO 

melts at substantially higher temperatures than Be, the preferential release of Be from 

a surface will tend to enrich the concentration of BeO and thus reduce the net total 

evaporation rate. Clearly the ionic and energetic bombardment of beryllium PFC in a 

tokamak will alter the geometric morphology of the surface. No systematic 

measurements of beryllium evaporation rates from samples modified this way have 

been reported. 

6. UNIRRADIATED PROPERTIES 

In this section the behaviour of thermomechanical properties versus temperature will 

be reviewed with emphasis on measurements made according to published standards. 

For example ASTM volume 3.01 [31] lists accepted procedures for metals testing. VHP 

beryllium block has been the form for which the most extensive investigation of 

properties has been made since the review by Pinto [14]. New HIP grades have been 

shown to exhibit nearly isotropic properties. Thermomechanical data for these grades 

have yet to be fully measured at elevated temperatures. 

6a Thermal Conductivity 

The majority of thermal conductivity data for beryllium was generated during the 
years 1940-1955. Although most of this data was obtained from tests conducted on 
single crystals at cryogenic temperatures, or on material in a strong magnetic field, 
there is some data which may pertain to the properties of beryllium made by the 
current PM process. The most complete review of the older data is to be found in 
Thermophysical Properties of Matter Vol. 1 [32]. Room temperature values quoted 
therein of thermal conductivity for material which has characteristics of commercial 
beryllium range from 135 to 200 W/m-K, with a recommended value of 180 W/m-K. 

As shown in Table 5, beryllium of modern purity has a room temperature thermal 

conductivity in the range 204-219 W/m-K [17]. This is 15-20% higher than the widely 

accepted values for beryllium [32]. Note that the method of measurement for the 

longitudinal bars [17] follows ASTM standard C-1045-80. Since the most widely used 

commercial grade in the table is S-200F, the value 204 W/m-K is recommended as the 

thermal conductivity at room temperature. 
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Table 5 Thermal Conductivity of Be at 25°C 

Grade 

Spherical 
Powder 

Spherical 
Powder 

BG-170 

S-200F 

SR-200 

wt% 
BeO 

-0.5 

-0.5 

-2 

<1.50 

<2.0 

Form 

Block 

Block 

Block 

Block 

Block 

Process 

HIP 

VHP 

CIP/Sinter/ 
Coin 

VHP 

VHP/Roll 

Measurement 
Method 

Longitudinal 
Bar 

Longitudinal 
Bar 

Longitudinal 
Bar 

Longitudinal 
Bar 

Laser Flash 

k 
(W/m-K) 

204 

216 

215 

204 

219 

Figures 4 and 5 show measured values of thermal conductivity as a function of 

temperature. Thermal conductivity of VHP grade S-65B with 0.9wt% of BeO is shown 

as a function of temperature in Figure 5 and also in Table 4 above. Figure 5 shows data 

for IM beryllium sheet for which the samples are likely to contain less than 100 ppm of 

BeO [29]. The measured value of 187 W/m/K at 20°C for ingot sheet is lower than the 

reference value of Table 1. 

6b Coefficient of Thermal Expansion 

For evaluation of older CTE data, the anisotropy of various Be products must be taken 

into account, as well as the %BeO content. The introduction of HIP Be products has 

provided grades that exhibit a more isotropic CTE response. However, these HIP 

products have not been characterised over the full temperature range of interest for 

fusion. 

Figure 6 shows average values of CTE versus temperature for two different BeO 

contents: 0.9 wt% BeO and 2.0 wt% BeO [14]. As seen in Figure 6 CTE for the higher 

content to vary between 10 x 10*6/K and 16.4 x 10_6/K for a temperature span of -18 to 

871°C. The CTE of beryllium with 0.9% BeO is seen to vary between 11 x 10"6/K and 

16.7 x 10"6/K for the same temperature range. This indicates that higher BeO content 

decreases CTE. This trend is confirmed by comparing the CTE values for several high 
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BeO content, and Be/BeO composite materials. As the volume % BeO is increased 

from 20 to 60, the CTE for the 0 to 25°C temperature range drops by about 33% [33]. 

Figure 7 shows CTE values for VHP grade S-200F (1.06 wt%BeO) from 89 to 430 K [34]. 

In the longitudinal direction, CTE varies between 1.6 x 10"6 /K and 14.7 x 10"6/K as the 

temperature ranges between 120 and 425 K. In the transverse direction, CTE varies 

between 0.9 x 10"6/K and 14.7 x 10"6/K as the temperature ranges between 89 and 430 K. 

Note that the difference in CTE between the two orientations decreases with 

temperature, and is negligible at 430 K. 

CTE values over the temperature span 6 to 64°C for the S-65B grade of VHP beryllium 

are reported to be 11.66 x 10"6/K in the transverse direction and 11.54 x 10"6/K in the 

longitudinal direction [35]. This grade of VHP beryllium typically contains 

0.9 wt% BeO, and has a lower CTE than the S-200F grade, as expected. 

Figure 8 shows average CTE values for beryllium sheet made using IM [29]. There is 

little effect of orientation within the plane of the sheet. Although the BeO content 

was not reported, it was expected to be less than 100 ppm. Values for CTE range from 

7.2 x 10"6/K at - 188°C to 17.2 x 10"6/K at 707°C; CTE at 20°C is 11.3 x 10"6/K. 

6c Electrical Resistivity 

Resistivity is strongly affected by contaminant concentration and by heat treatments 

which determine whether the contaminants are in solution or are precipitates. 

Resistivity is lower when impurities have been precipitated out of solid solution for 

both PM and IM beryllium. High purity is always associated with lower electrical 

resistivity. 

Figure 9 shows a plot of electrical resistivity as a function of temperature for VHP Be 
with 1.7 wt% BeO [16]. Values range from 4.47 x 10"8 Ohm-m at 23°C to 
45.65 x 10"8 Ohm-m at 1000°C. There is little difference (2%) in electrical resistivity at 
21°C between the longitudinal and transverse orientations in the VHP billet. 

The electrical resistivity of beryllium ingot sheet is shown in Figure 10 for 
temperatures between 20°C to 527°C [29]. 

6d Youngs Modulus 

The most extensively documented and detailed measurements of Youngs modulus 

have been presented by Haws for a VHP billet of S-200F material [19]. For a sample 
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with 1.06% by weight of BeO measured values are reported of 311 GPa ± 6.9 GPa and 

310 GPa ± 4.8 GPa for the tensile modulus in the longitudinal and transverse 

directions [19]. Variation with temperature of the tensile elastic modulus is shown for 

S-65B (VHP, 0.9wt% BeO) in Figure 11 and also in Table 6 below. 

Table 6: Tensile Elastic Modulus S-65B [21]. 

Modulus GPa 

Temperature °C 

310 

0 

300 

200 

290 

400 

230 

600 

97 

800 

48 

1000 

6e Shear modulus 

Shear modulus of S-200F grade VHP beryllium was measured at room temperature by 

torsion according to the ASTM E-143 procedure. The average shear modulus was 

determined to be 135 MPa ± 4.8 MPa and 134 MPa ± 4.8 MPa for the longitudinal and 

transverse directions respectively [19]. Shear rupture modulus was determined from 

the maximum stress of the stress-strain curve to be 297 MPa ± 1 3 MPa in the 

longitudinal direction and 309 MPa ± 8.3 MPa in the transverse direction [19]. 

Figure 12 shows the variation of shear modulus with temperature for S-200E grade 
beryllium [36]. This grade is no longer produced. 

6f Poisson's Ratio 

Table 7: Room Temperature Poisson's ratio for S-200F VHP Be with 1.06 wt% BeO. 

Orientation 

LC 

LR 

TL 

TR 

Stress Axis 

Longitudinal 

Longitudinal 

Transverse 

Transverse 

Direction of Orthogonal Strain 

Circumferential 

Radial 

Longitudinal 

Radial 

Poisson's Ratio 

0.102 
0.064 
0.072 
0.102 
0.080 
0.105 
0.069 
0.071 
0.108 
0.102 
0.058 
0.066 

Table 7 above shows the only known published data on accurately measured room 

temperature Poisson's ratio for a modern grade of beryllium [37]. 
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Poisson's ratio was determined at room temperature according to ASTM standard E-

132-61. The tests were performed using sheet geometry specimens that were machined 

from a piece of as-pressed beryllium; the sheet geometry was not produced by rolling. 

Specimens were tested in four orientations: LC, LR, TL, and TR. The first letter 

specifies the orientation of the stress axis of the specimen to the vacuum hot pressing 

direction: L or T. Longitudinal (L) signifies that the stress axis was parallel to the 

pressing direction, and transverse (T) signifies that the stress axis was perpendicular to 

the pressing direction. The second letter (R, C or L) compares the orientation of the 

orthogonal strain to the pressing direction. The strain was either in a radial (R) 

direction in the cylindrical billet compared to the pressing direction, circumferential 

(C), or longitudinal. There is significant scatter in the data. This is a low value that 

may be difficult to measure precisely. 

No measurements of Poisson's ratio as a function of temperature have been reported 

for modern commercial PM grades of beryllium. However, by analogy for data 

presented for older forms of beryllium it is expected that the value of Poisson's ratio 

will increase with increasing temperature [13]. Figure 13 shows data for an unknown 

grade of beryllium [38]. However, the room temperature values therein are lower 

than measured e.g. Table 7 above. This data may have been derived from 

measurements of shear modulus. A different report on the variation of Poisson's 

ratio with temperature [39] appears to show a falling tendency with increasing 

temperature. 

6g Ultimate Tensile Strength 

6g.l VHP Block 

Figure 14 shows ultimate tensile strength (UTS) versus temperature for S-200F grade 
Be (1.5% BeO, 98.5% Be, impact ground, VHP). Values range from 382 and 408 MPa at 
room temperature for longitudinal and transverse directions respectively to 108 and 
107 MPa for longitudinal and transverse directions at 649°C [19]. Note that the data 
points are mean values from triplicate tests on the same lot of material. Testing was 
done in accordance with ASTM specifications E8, E4 and E21, with additional 
requirements specified by the Materials Advisory Board. 

Figure 15 shows data to 800°C for grade that is no longer produced [14]. This particular 

grade had lower strength than S-200F, but the plot is useful because it indicates the 
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general trend of UTS at higher temperatures. Note that at 800°C UTS is only 18% of 

the UTS at room temperature. 

Figure 16 shows ultimate tensile strength (UTS) versus temperature for S-65B grade Be 

(1.0% BeO, 99.0% Be, impact ground, VHP) [21]. Values range from 421 MPa and 

454 MPa at room temperature for longitudinal and transverse directions respectively, 

to 160 MPa and 168 MPa at 600°C for the same directions. This grade of beryllium has 

an 11% greater UTS at room temperature than S-200F. 

6g.2 HIP Block 

S-200F-H is a grade (HIP, 1.5wt% BeO, impact ground) formed by HIP instead of VHP. 

Table 8 shows data for room temperature mechanical properties [40]. As expected for a 

HIP product, there is no statistically significant difference in mechanical properties 

between two orthogonal directions. This HIP grade has about 8 MPa greater UTS than 

the equivalent VHP grade transverse direction. The transverse direction is the 

stronger of the two directions in VHP material. 

Table 8: Room Temperature Mechanical Properties of S-200F-H Block [40] 

Orientation 

Longitudinal mean 

std.dev. 

Transverse mean 

std.dev. 

No. of 

Samples 

67 

66 

UTS 

(MPa) 

438 

9.682 

447 

10.75 

0.2% 
YS 

(MPa) 

343 

16.74 

346 

16.65 

Elongation 

(%) 

4.6 

0.5601 

5.3 

0.6105 

UTS was measured for S-65B purity material made by cold pressing, then sintering and 

finally hot isostatic pressing (CP/Sinter/HIP) instead of vacuum hot pressing 

(VHP) [41]. The value at 370°C is 228 MPa and the value at 605°C is 123 MPa. S-65B 

has BeO content at or below 1.0 wt%. 
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6g.3 Ingot Sheet and Powder Metallurgy Sheet 

Bulk ingot beryllium will generally have lower strength than PM billet due to the 

differences in grain size, BeO size, and BeO distribution. Sheet is the most notable 

ingot product because it has lower oxygen content tharu sheet derived by PM, and also 

shows greater ductility above 200°C. Recent measurements of UTS as a function of 

temperature for ingot sheet are shown in Figure 17 [29]. Although the BeO content 

was not measured, it was expected to be less than 100 ppm. Figure 18 also shows UTS 

versus temperature for SR-200 (sheet of PM origin) [36]. 

6h Yield Strength 

6h.l VHP Block 

Figure 14 also shows the tensile yield strength (YS) versus temperature for S-200F 

grade Be (1.5% BeO, 98.5% Be, impact ground, VHP) [19]. Values range from 263 and 

262 MPa at room temperature for longitudinal and transverse directions, respectively, 

to 90 and 95 MPa for longitudinal and transverse directions at 649°C. These data 

points are mean values from triplicate tests on the same lot of material. 

Figure 15 shows data for temperature to 800°C for a grade no longer in production [14] 

which had lower strength than S-200F. The plot is useful because it indicates the trend 

of yield strength at higher temperatures. Note that YS for this grade at 800°C is about 

22% of the YS at room temperature. 

Figure 16 shows a plot of 0.2% YS versus temperature for S-65B grade Be (1.0% BeO, 
99.0% Be, impact ground, VHP) [21]. Values range from 270 and 273 MPa at room 
temperature for longitudinal and transverse directions, respectively, to 119 and 122 
MPa for longitudinal and transverse directions at 600°C. 

6h.2 HIP Block 

Table 8 above lists data for room temperature mechanical properties for a sample of 

S-200F-H. As expected for a HIP product, there is no statistically significant difference 

in mechanical properties between two orthogonal directions. This grade has a 0.2% YS 

that is 80 MPa greater than the YS for an equivalent VHP grade in the transverse 

direction. The transverse direction is the stronger of the two directions in VHP 

material. 
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The behaviour of YS versus temperature was measured for S-65 purity material made 
by the (CP/Sinter/HIP) method instead of (VHP) [41]. The value at 370°C is 133 MPa 
and the value at 650°C is 80.7 MPa. 

The effects of strain rate upon yield strength may be important particularly as the 

research aspects of the ITER programme require PFCs to sustain variable loadings in 

normal operating regimes and extreme loadings under upset (disruption) events. 

Usually YS values are quoted for strain rates, in particular tensile strain rates of 

10"6/sec. We have found only limited data for the effects of strain rate, cf. Figure 19 for 

a sample of S-65 (VHP, 0.6wt% BeO) [42]. Clearly the most extreme influence of strain 

rate on YS occurs at elevated temperatures i.e. nearly fivefold increase at 800°C for a 

strain rate change of five orders of magnitude. 

6h.3 Ingot and Powder Metallurgy Sheet 

Recent measurements of yield strength [29] as a function of temperature for ingot 

sheet are shown in Figure 17. Although the BeO content was not measured, it is 

expected to be less than 100 ppm. Yield strength versus temperature for cross-rolled 

sheet of PM origin [36] is shown in Figure 18. 

6i Uniform Elongation 

Uniform elongation is the elongation at maximum load and immediately preceding 
necking in a tensile test. There is so little necking at room temperature that the 
tabulated data for room temperature percent elongation can be taken as uniform 
elongation. However, the reduction in area data discussed below shows that this 
approximation is not valid at higher temperatures. 

6k Total Elongation 

Total elongation is the total amount of permanent extension of a test piece broken in a 

tensile test. 

6k.l VHP Block 

Figure 20 shows a plot of total elongation versus temperature for S-200F grade Be 

(1.5% BeO, 98.5% Be, impact ground, VHP) [19]. Total elongation is expressed as 
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100: : 

8 0 -

5̂ 

c 
o 
CO 
O) 
c 

E
lo

 

60 

40 

20 

J_ 
0 100 200 300 400 500 600 

Temperature (°C) 

S-65B VHP material 

Fig. 21 Percent elongation for VHP S-65 Be [21]. 



percent elongation. Values range from 3.4 and 6.1 percent elongation at room 

temperature for longitudinal and transverse directions respectively to 30.4 and 

33.8 percent elongation for longitudinal and transverse directions at 427°C. Percent 

elongation decreases as temperature increases from 427°C to 649°C. Note that the data 

points are mean values from triplicate tests on the same lot of material. 

Figure 21 and Table 9 show the behaviour of percent elongation versus temperature 

for vacuum hot pressed S-65B grade Be (0.9% BeO, 99.0% Be, IG, VHP) [21]. Values 

range from 3.0 and 5.4 percent elongation room temperature for longitudinal and 

transverse directions respectively to 50.0 and 49.5 percent elongation for longitudinal 

and transverse directions at 4006C. Percent elongation decreases as temperature 

increases from 400°C to 600°C. The value of elongation at 400°C is a significant 

improvement over the values for S-200F grade material. 

Table 9: Percent elongation versus temperature for vacuum hot pressed S-65B Be 

(1.0% BeO. 99.0% Be, impact ground, VHP) [21]. 

Temperature (°C) 

20 

20 

200 

200 

400 

400 

600 

600 

Orientation 

L 
T 
L 
T 
L 
T 
L 
T 

Elongation (%) 

3.0 

5.4 
10.2 

23.4 

50.0 

49.5 
25.2 

31.9 

6k.2 HIP Block 

Percent elongation was measured for S-65B purity material made by the 

(CP/Sintering/HIP) method instead of (VHP) method [41]. These results are the 

average of four tests: at 370°C the elongation is 49.4%; the value at 650°C is 38.5%. 

Table 8 above lists data for room temperature mechanical properties for S-200F-H for 

which there is no statistically significant difference in percent elongation between two 

orthogonal directions. This HIP grade has 4.9% elongation when longitudinal and 

transverse direction values are averaged together. 
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6k.3 Ingot and Powder Metallurgy Sheet 

Figure 22 shows percent elongation as a function of temperature for ingot sheet and 

SR-200 powder metallurgy sheet [29]. Figure.23 shows percent elongation as a function 

of room temperature for SR-200 sheet (cross-rolled sheet of PM origin) [36]. Note that 

the in-plane elongation of IM sheet is lower than PM sheet up to 200°C, but that 

elongation for IM sheet is greater above that temperature. Out-of-plane elongation (or 

through-thickness elongation) is much lower than in-plane percent elongation for 

both types of sheet. For example, it is estimated that room temperature out-of-plane 

elongation for PM sheet is less than 1% [36]. Although there is no published data, IM 

sheet is thought to have greater out-of-plane elongation; it has performed better in 

elevated temperature bend formability tests [14]. 

61 Reduction of Area 

61.1 VHP Block 

Figure 24 plots the reduction in area versus temperature for S-200F (1.5% BeO, 

98.5% Be, impact ground, VHP) [19]. Values range from 3.3 and 5.9 percent reduction 

in area at room temperature for longitudinal and transverse directions respectively to 

52.5 and 54.0 percent reduction in area for longitudinal and transverse directions at 

427°C. Percent reduction in area decreases as temperature increases from 427°C to 

649°C. Reduction in area values at the latter temperature are 7.3 and 9.7 percent, for 

the longitudinal and transverse directions respectively. Note that the data points are 

mean values from triplicate tests on the same lot of material. 

61.2 HIP Block 

Measurements were made of percent reduction in area for S-65B purity material made 
by the (CP/Sinter/HIP) method instead of VHP [41]. These results are the average of 
four tests. These reported values are greater than corresponding data for S-200F VHP 
material. Reported values are 66.9% reduction in area at 370°C and 29.5% at 650°C. 

61.3 Ingot and Powder Metallurgy Sheet 

Figure 22 shows the percent reduction in area as a function of temperature for ingot 

sheet (29). 
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Fig. 24 Reduction in area for S-200F VHP Be [19]. 

55 



6 m Creep 

There is no published data on creep of modern grades of beryllium. 

Webster and Crooks [43] published a study for Be grades of unknown origin. HIP, VHP 

and cast Be samples of various purity were evaluated. Figure 25 shows the creep rate 

as a function of stress for a HIP Be sample (RR243), which had 1.56 wt% BeO, 550 ppm 

Fe, 200 ppm C, 16 ppm Al, 30 ppm Mg, and 36 ppm Si. Figure 26 compares the creep 

stress needed to give a creep rate of 10"1 percent per second for annealed RR243 and a 

specimen labelled as commercial purity hot pressed Be (sample 5310). Sample 5310 

had 1.70 wt% BeO, 900 ppm Fe, 500 ppm C, 300 ppm Al, 200 ppm Mg, and 200 ppm Si. 

Creep stress to get the same rate of deformation was approximately the same for both 

grades to about 800°C. The higher purity HIP grade had significantly higher creep 

resistance above that temperature. Creep rate is inversely proportional to grain size 

[43], e.g. rates for 3000 urn and 4 urn grain sizes differ by several orders of magnitude. 

Webster and Crooks [44] state that the creep strength of beryllium is significantly 
improved when the concentrations of low melting point impurities (Al, Si, Mg) found 
at the grain boundaries are decreased. They also reported that creep strength dropped 
markedly when the BeO content was substantially reduced below one percent. 

Larson-Miller plots describe the empirical relationship of the engineering stress and 

time to rupture as a function of temperature. The following relationship is assumed: 

(T + 460) (log tr + C) = m 

where T is the temperature in °F, tr is the time to rupture, C is a constant that depends 

on the metal, and m is dependent on the initial engineering stress. Once C is 

determined, a master plot of engineering stress versus m allows one to predict rupture 

time for any combination of initial stress and temperature. Figures 27 and 28 show 

Larson Miller plots for S-200E grade VHP Be and SR-200E grade Be sheet [36]. Note 

that both materials are made from attrited powder whereas current Be grades are made 

from impact ground powder. The former have composition limits of 2.0 wt% BeO, 

1800 ppm Fe, 1500 ppm C, and 1600 ppm Al. 
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6n Fatigue 

Haws [19] measured smooth room temperature fatigue for S-200F grade VHP Be with a 

Krouse rotating beam fatigue machine according to ASTM specification E-466. 

Transverse fatigue properties appear to be greater than longitudinal properties. 

Figures 29 and 30 show S/N curves for the longitudinal and transverse directions 

respectively. This data is for R values (ratio of minimum stress to maximum 

stress) of -1. Fatigue life (107 cycles) is 262 MPa and 266 MPa for the transverse and 

longitudinal directions respectively. The above tests are a case where the mean stress 

is zero. 

6o Fracture Toughness 

Fracture toughness testing is difficult in beryllium. The relatively brittle nature of the 

metal makes nucleation of a fatigue crack difficult using the ASTM E-399-83 standard. 

Fatigue cracks are successfully nucleated using compressive forces; a precracking stress 

ratio of R < 0 is successfully used rather than the value of +0.1 usually required by the 

ASTM standard. The ASTM fracture toughness committee E-24 now recommends in 

addendum A-2 to the ASTM E-399-83 standard a change in the testing procedure 

which would allow fatigue cracking to occur at up to 80% of the estimated KJC value 

with a negative stress ratio. 

Grensing et al. [27] measured room temperature fracture toughness of VHP 

consolidated attrition ground powder (S-200E grade Be) having 1.1 wt% BeO, VHP 

impact ground powder (S-200F.grade Be) having 0.67 wt% BeO and VHP consolidated 

atomised spherical powder (ASP) having 0.37 wt% BeO according to ASTM standard 

E399-83 using a stress ratio of R = -2. Lemon and Brown [45] report fracture toughness 

for VHP S-65 grade Be having 0.7 wt% BeO using a stress ratio of R = -3 . Haws 

[37] measured fracture toughness according to ASTM-399 for multiple samples taken 

from a single production lot of S-200F grade beryllium using an unspecified stress 

ratio. Production data for S-200F-H, a HIP version of S-200F, has also been reported 

[46]. 

A summary of results at room temperature for different grades is shown in Table 10 

below. 
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Fig. 31 Plane strain fracture toughness (Kq) for S-200E VHP Be [47]. 



Specimens labelled L-T were cut from a VHP billet so that the testing load was applied 

parallel to the longitudinal (L) or pressing direction, and the crack was propagated 

perpendicular to the pressing direction, transverse (T). In T-L specimens, the testing 

load was applied perpendicular or transverse (T) to the pressing direction, and the 

crack was propagated parallel to the pressing direction (L). Values for Kic range from 

9.9 to 13.59 MPa-m"1/2. S-200F exhibits a slight improvement in fracture toughness 

compared to S-200E. There is insufficient data to show whether atomised spherical 

powder material consistently shows better fracture toughness than the other grades. 

Further testing is warranted. 

Figure 31 shows the general trend of plane strain fracture toughness versus 

temperature for S-200E grade beryllium [47]. This testing was done with compact 

tension specimens according to ASTM E-399-72 using a stress ratio of R = -1. Fracture 

toughness ranges from approximately 8 to 16 MPa-m"1/2 as temperature increases from 

-200°C to + 200°C. 

7. PROPERTIES AFTER NEUTRON IRRADIATION 

The effects of neutron irradiation on the thermomechanical properties of beryllium 

are very difficult to summarise because testing to date has been done for widely 

differing combinations of irradiation conditions (flux, fluence, temperature, time), 

post irradiation testing conditions (temperature, pre-test annealing) and beryllium 

grades [48]. Often the forms of beryllium tested were non-commercial specimens 

made in the laboratory and not characterised in the unirradiated condition. 

Irradiation temperatures often differed substantially from temperatures of post 

irradiation testing, which makes extrapolation of the data to ITER operating 

conditions problematic. None of the tests were conducted with 14 MeV neutrons such 

as ITER will produce. However, there is expected to be an overlap in energy spectrum 

between fission test reactor neutron spectrum and the neutron spectrum produced by 

reflection of 14 MeV neutrons from the ITER stainless steel supporting structure, so 

testing in existing fission test reactors may provide valuable baseline data. 

Qualitative trends for beryllium thermomechanical properties after fission test reactor 

irradiation have been summarised by Gelles [48]. Beryllium structure is altered during 

neutron irradiation by displacement damage and by transmutation. Displacement 

damage generates a wide range of defects in the beryllium crystal structure. High 
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defect concentrations are also produced. Transmutation produces helium in the 

crystal structure which acts as defects and which produces swelling. The effect of 

defects and swelling on thermomechanical properties depends on the irradiation 

temperature and on the temperature during post irradiation testing. As noted above, 

widely differing combinations of these variables have been studied. The broad trends 

stated by Gelles generally refer to the highest of the two temperatures. At low 

temperatures (T < 400°C), defects from displacement damage and transmutation will 

block dislocation motion and thereby increase strength. Hardness follows the same 

trend as strength; the increase in hardness upon radiation is called radiation 

hardening. Percent elongation decreases upon irradiation at low temperature; this is 

called embrittlement. Fracture toughness is decreased by irradiation at low 

temperature. In general, increasing fluence (neutrons/cm2) increases the effects on 

the above properties. However, once ductility has reached zero, strength will decrease 

with increasing fluence. 

At high temperatures (T > 400°C), thermomechanical behaviour is a more complex 

function of fluence, time and temperature. The additional factors of defect 

annihilation, swelling of entrapped helium, and accumulation of helium as bubbles 

complicates behaviour as compared to low temperature irradiation. Gelles et al. state 

that above 280°C the functional dependence of strength on fluence may change from 

lower temperatures. Above 600°C there is considerable variation in the observed 

trends. Some data show decreases in strength with increased fluence and some data 

show increase in strength. There are generally less severe drops in percent elongation 

with increased fluence for T > 600°C. 

It should be noted that the above results are largely for obsolete beryllium grades or 

beryllium manufactured in the laboratory. It is expected that commercial grades will 

perform much better [48]. This needs to be confirmed by experiment. 

8. CHEMICAL PROPERTIES 

Beryllium has a strong affinity for oxygen which is usually present in all forms of 

beryllium exposed to air in the form of BeO. In a tokamak edge plasma beryllium has 

been shown to getter oxygen strongly. 

Hydrogen does not normally dissolve to any great extent in beryllium metal. 
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However, the redeposition of beryllium atoms from the edge plasma onto PFC 

surfaces results in a co-deposition of hydrogen with beryllium. For DT pulsed and 

steady state devices the amount of tritium atoms trapped this way are crucial in respect 

of tritium inventory and accountability. For a burning DT fusion reactor precise data 

for this chemical/physical process would have a strong impact on the tritium 

handling system. 

The flammability of beryllium, in particular porous beryllium under accident 

conditions where upon hot beryllium is exposed to air or a steam air mixture have 

been investigated [49, 50]. The types of beryllium used are not commercial grades of 

interest to fusion applications. Evidently these tests must be repeated using modern 

forms of Be. Mitigation of the risk of this accident scenario is evidently a system 

design problem. 

Reactivity of beryllium with liquid metals such as sodium, potassium and lithium is 

low below 500° provided that the oxygen concentration of the metals is low [13]. 

Beryllium is attacked by hydrofluoric acid, hydrochloric acid, and alkali hydroxide 

solutions. It has acceptable corrosion properties in high purity cooling water at 100°C 

in the pH range 5.5 to 6.5, and has been used in that environment for over ten years in 

the Materials Testing Reactor [51]. In addition to high reactivity with oxygen, 

beryllium will react with carbon based materials to form beryllium carbide at 

temperatures as low as 750°C. Beryllium reacts with most refractory metals e.g. 

tungsten to form intermetallic compounds. 

9. SUMMARY OF CHARACTERISATION NEEDS FOR PFC APPLICATIONS 

The need of additonal characterisation of beryllium properties is coupled to the choice 
of operational scenarios for ITER and second to the level of analysis intended for 
design of PFC's. The ITER operational scenario has variously been described as 100-
600°C and 100°C melting of the outer beryllium layers. Characterisation needs are 
respectively rather minimal or very extreme. This refers to unirradiated properties. 
There is insufficient data on radiation damage to beryllium. 

The level of data available for most structural and other grades of beryllium is 

adequate for a decision to be made between the relevance of various grades to a design 

problem. Substantial additional characterisation is mandatory if it is intended to 

assess analytically lifetime of PFC's or analyse observed failure/fatigue of prototypes. 
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9a Unirradiated Properties 

The design of JET PFC and associated material development was based on prototypical 

tests, e.g. [5], [21]. The substantial thermomechanical database for various products 

based on S65 powders is a consequence, i.e. [21], [41]. Nevertheless some further work 

needs to be done for this grade of beryllium as well as for other grades. 

Thermal conductivity versus temperature has been measured extensively yet needs to 

be more specifically defined for modern VHP grades. 

The coefficient of thermal expansion (CTE) of block grades needs to be accurately 

measured over the whole temperature range of interest for fusion applications. 

Measurements of CTE for both VHP and HIP grades would be beneficial. 

Electrical resistivity of block materials needs to be measured over the whole 

temperature range of interest for fusion applications. This needs to be done for grades 

with different impurity levels. 

The temperature dependence of elastic modulus is described with a few data points. 

Additional data points may be needed. 

Shear modulus needs to be measured as a function of temperature for modern 
beryllium grades. 

There is significant scatter in room temperature Poisson's ratio and no definitive 

measurement of temperature dependence of this property. Thorough and precise 

characterisation is needed for practically all grades of beryllium. 

Design of PFC may require precise stress versus strain curves for temperatures up to 

1200°C. Characterisation of several grades with different BeO contents would be most 

useful. The relevant strain rates would also need to be considered. 

Although there is sufficient data to see the trends of tensile properties with 

temperature, there is no complete coverage of the temperature range for all modern 
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grades. There is a good data set for IM sheet, and for VMP S-65 grade. It would be 

useful to obtain more data for S-65 grade, as it is the baseline grade for ITER. However, 

the above data is for aerospace relevant strain rates. A characterisation program using 

strain rates relevant to fusion is desirable. 

There is a lack of systematic creep data and high temperature fatigue data for all 

beryllium grades presently in production. This may be one of the most critical 

deficiencies in the database, since beryllium will definitely be subjected to thermal 

cycles and has a design steady state operating temperature of 600°C. 

A complete set of data is needed on the temperature dependence of fracture toughness, 

particularly for the S-65 grade. It is not possible to generate valid Kic for sheet, but Kq 

values can be measured. 

9b Irradiated Properties 

As discussed above in section 7 a complete set of property measurements of neutron 
irradiated commercial grade material is needed. This is the area of greatest need. The 
most critical properties are high temperature creep and thermal fatigue. Many authors 
e.g. Gelles [48] have suggested that optimizing Be for strength under unirradiated 
conditions may not be possible while simultaneously optimizing for high temperature 
resistance to radiation damage. In fact the authors know of no published data on the 
susceptibility of modern forms of beryllium to a well characterised thermal neutron 
fluence let alone to even a very low fluence of fast neutrons. Given that in a fusion 
reactor such as ITER thermal neutrons will certainly be present together with fast 
neutrons, it seems advisable to carry out measurements on specimens that are 
irradiated by thermal neutrons. The authors are aware of substantial efforts being 
made in this area. The database in this aspect of beryllium properties is as yet 
extremely sparse. 

There is a critical need for a thorough, systematic characterisation of 

thermomechanical properties for commercial beryllium grades after neutron 

irradiation under ITER relevant fluxes, fluence and temperature. As noted above, no 

facilities exist for irradiation with the 14 MeV neutrons which will be produced in 

ITER. A characterisation program using existing fission test reactors would provide 

baseline data. Although previous characterisation emphasised tensile and 
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compressive strength testing, the ITER programme should include all the other 

thermomechanical properties in particular data on high temperature fatigue and 

creep. 

The present use foreseen for beryllium is in the form of cladding. Swelling and 

embrittlement due to neutron irradiation are likely to be of great concern as one likely 

outcome would be flaking of coatings and delamination of cladding. These factors are 

likely to be important limitations on the life time of beryllium PFCs. 

9c Ductile Beryllium 

The choice of beryllium grades by JET has been dictated by consideration of high 

temperature strength, ductility at 300°C and levels of high Z impurities. Fabrication 

techniques were developed to give several tons of materials with reproducible 

minimum properties. Clearly this grade has been chosen as a reference for ITER. 

Further developments for ITER have been foreseen to produce grades with maximum 

realistic ductility at low temperatures, i.e. 25-100°C. There were some references in the 

late 70's to a form of beryllium which had 10% elongation in three orthogonal 

directions [52] at room temperature, so-called "ductile beryllium" [14], [53], [54]. A 

wealth of scientific data shows this result to be improbable. 

A single crystal of beryllium will have very different mechanical properties depending 

on which crystallographic direction is tested. Ductility of beryllium single crystal is 

virtually zero parallel to the crystallographic "c" axis. The limiting factor, therefore, in 

beryllium ductility is the ease of cleavage of the basal plane in the hep structure. 

Stresses perpendicular to the basal planes are reduced by slip and cause cleavage. 

Early work in the 60's and 70's was able to achieve ductility increases in beryllium 

products from 1% min. (2% typical) to the current 3% (4-5% typical) by a combination 

of lower oxide content, finer grain size and impurity control. Such improvements, 

unfortunately, have their limits since they are essentially second order effects rather 

than fundamental solid state changes. Selected beryllium products with 4% min. 

ductility may be available in the near term (at added expense) from current products. 

Further substantial increases in room temperature isotropic ductility are unlikely in a 

commercially feasible product from; i.e., it is unlikely^that so-called ductile beryllium 

can ever be produced. 
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APPENDIX A 

JET SAFETY EXPERIENCE 

The principal hazard arising from the use of beryllium is injury or disease following 

the inhalation of beryllium dust or dust comprising various beryllium compounds. It 

is noted that beryllium oxide is used industrially due to its refractory properties 

(melting point 2570°C) and that safe handling procedures for beryllium and for 

components contaminated by beryllium/beryllium compound dust have been 

instigated in various manufacturing and research establishments. JET has had the 

most exhaustive experience in the use of PFC for fusion and the various handling 

procedures developed there are herein reported. 

The internal surfaces of JET have been contaminated with beryllium either 

evaporated for density control or as a result of localised melting due to high heat 

loads. An extensive programme of safety has been successfully implemented on JET 

[1] based on WHO recommendations and UK Health and Safety Regulations [2]. 

JET practice is to limit the maximum airborne contamination due to beryllium to a 
beryllium-worker in a controlled access area without protection to 0.2 u.gm/m3 (l/10th 
the industrial standard of 2 ugm/m3). Similarly surface contamination levels of 10 
ug/m 2 are the maximum allowed (vs 100 ugm/m2 industrial standard). The presence 
of beryllium either in the form of airborne dust or as surface contamination is detected 
by analysing filter or smear samples by the atomic absorption spectroscopic method. 
JET also has used laser induced emission spectroscopy as a detector for the presence of 
airborne beryllium dust without relying upon this method to determine 
concentrations. 

JET has now had two major and lengthy interventions to the beryllium contaminated 

vacuum vessel, the most recent one lasting nearly two years. During the latter 

operation decontamination has reduced initial airborne beryllium concentration from 

values of up to 104 u.gm/m3 which required working in full biological protection suits 

to values which allow working without dust masks. For further details of the 

aggressive decontamination methods required to achieve this see Scott et al. [3]. 

It is felt by the authors of this review that safe working practices based upon the JET 

experience can readily be developed for any controlled fusion experiment to work 

with beryllium PFC's provided sufficient care is taken in demarcating those areas of 
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the device and of supporting laboratory that require special attention. In any 

experiment using DT for ignition studies and /or to investigate the burning of a DT 

plasma, tritium safety related issues and the need for handling irradiated components 

are likely to predominate in how safe working practice is to be implemented even 

allowing for remote handling of the most severely activated parts. 

References for Appendix A 

[1] Code of Practice for the Safe Use of Beryllium at the JET Laboratory, JET report 

JET-SR (89)02, Issue 4, July 1992. 

[2] UK Health and Safety Executive Guidance Note EH/13 Beryllium: Health and 

Safety Precautions. 

[3] Scott et al., Decontamination of JET Vacuum Vessel from Beryllium and 
Tritium, 17th SOFE Proceedings, Vol. 2, pp. 1216-1219, Elsevier 1993. 
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Abstract. A summary of materials properties data for fusion reactor plasma facing carbon-carbon 
composites is given. Data are reported for ID, 2D and 3D carbon-carbon composites materials. 
Properties reported include: physical properties, mechanical properties, corrosion effects and 
tritium behavior. The effect of neutron irradiation on properties of carbon-carbon composites is 
discussed and available data are reported. 

1. MATERIALS 

Carbon fiber composites (CFCs) or carbon-carbon (C/C) composites are a class of carbon 
materials widely used in tokamak devices. Carbon-carbon composites are comprised of two 
components, carbon fibers and a carbon matrix. Generally, C/C composites used in plasma 
facing components (PFCs) are heat treated during their production to a sufficient temperature 
(>2500°C) to ensure that both the fiber and matrix are graphitized and the material is therefore 
actually a graphite/graphite composite. Carbon-carbon composites are stronger and tougher than 
graphites, yet retain the excellent machinability exhibited by graphites. Carbon-carbon composite 
materials are, however, significantly more expensive than graphites. Carbon-carbon composite 
materials are typically described as being uni-directional (ID), two-directional (2D), or three-
directional (3D), indicating the number of fiber bundle directions that a composite may possess. 
In 2D C/C composites, the fibers, in the form of multi-filament tows, are woven into a cloth. 
Alternatively, carbon filaments may be sprayed from a spinneret to form a felt or mat. The felt 
(or woven cloth) is then layered to build a "thick" structure. In a 3D C/C composite the fiber 
bundles are usually mutually perpendicular, as shown in Fig. 1. Multi-directional C/C 
composites (4D, 5D) are also available. Carbon fibers derived from a vapor phase growth 
process which possess very high thermal conductivity are also available. 

The crystal structure within a carbon filament depends upon the fiber precursor, i.e., pitch, 
polyacrylonitrile (PAN) or rayon, and the specific condition of manufacture such as 
pretreatment, spinning condition, and filament cooling rate. Recently, the microstructures of 
pitch derived carbon fibers have been reported [1]. PAN fiber structures have also been 

'The work at Oak Ridge National Laboratory was sponsored by the Office of 
Fusion Energy, U. S. Department of Energy, under contract DE-AC05-84OR21400 
with Martin Marietta Energy Systems, Inc. 
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described [2, 3]. Figure 2 shows a core-sheath model of a PAN fiber. In the well ordered 
sheath region of the fiber depicted in Fig. 2, the graphitic crystal planes can be considered to be 
stacked such that the crystallographic <c> direction is radially oriented and the two 
crystallographic <a> directions are axial and circumferential. 

FIG. 1. The structure of an orthogonal carbon-carbon composite showing the three mutually 
perpendicular fiber reinforcement directions (X, Y, and Z). 

FIG. 2. The core-sheath model of PAN derived carbon fiber structure showing the 
crystallographic <a> and <c> directions in the well ordered sheath region of the fiber. 
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The manufacture of C/C composites involves two basic processing steps—preform production 
(weaving, lay-up, needling, piercing etc.) and preform densification. The preform is prepared 
from carbon fibers derived from either pitch, PAN, or rayon precursors and which generally have 
diameters in the range 7-15 /*m. The woven preform is converted into a densified composite 
material by repetitive impregnations, using resins or pitch, followed by carbonization and 
graphitization. Alternatively, densification can be achieved using chemical vapor infiltration 
(CVI) or a combination of pitch or resin impregnation and CVI. Typically, final densities in the 
range 1.9-2.0 g/cm3 can be attained by several reimpregnations, carbonizations, and 
graphitizations. Figure 3 shows flow diagrams for typical C/C production processes. The entire 
production process is lengthy, taking up to nine months from preform preparation through final 
machining. A typical finished 3D C/C composite would have a fiber volume fraction <50%, 
distributed in the three fiber axes, and additionally would contain approximately 35 percent 
impregnant derived matrix graphite. The balance of the composite volume is porosity, which is 
distributed in the fiber bundles, between the fiber bundles, and in the matrix pockets. A 
variation of the more typical processing routes is where the carbon-carbon composite is further 
impregnated with a metal, e.g., Cu or Ag. Such materials should offer improved thermal 
conductivities. However, no data has been published to date on such materials. 

PITCH (petroleum or coal 
derived), RESIN 

CARBON FIBER BUNDLES 
(Pitch, PAN or Rayon) 

, r CLOTH LAY-UP. WEAVING 
T PIERCING, NEEDELING, etc. 

DRY PREFORM 

^ 

UP TO 5 
ADDITIONAL 

CYCLES 

t=r 

IMPREGNATION 
150-450 °C 
VACUUM TO 10 MPa 

CARBONIZATION 
600 - 800 °C 
VACUUM TO 10 MPa 

CARBONIZATION 
>2400°C 

FINAL COMPOSITE 
DENSITY-1.9 g/cm 3 

FIG. 3. Flow diagram for typical carbon-carbon composite manufacturing processes: (a) liquid 
impregnation route; (b) carbon vapor infiltration route. 



Several factors will influence the properties of C/C composites, including fiber type, preform 
design, matrix precursor, and processing history. Consequently, different grades of C/C 
composites will possess markedly differing properties. The properties of graphite or C/C 
composites, particularly the electrical resistivity, thermal conductivity, strength and thermal 
expansivity will be strongly influenced by the final heat treatment temperature. The dependency 
of thermal conductivity of two C/C composites on final heat treatment temperature is reported in 
section 2, Physical Properties. The following property trends apply: 

(i) strength increases with temperature due to thermal closure of microcracks, 
(ii) the coefficient of thermal expansion is very small (-1.0 * 10"6 °C"') but increases with 

temperature, and 
(iii) the thermal conductivity decreases with temperature above ~50°C. 

For fusion energy applications the low atomic number of carbon and its thermal stability 
(graphite sublimes at >3600 K) make C/C composites a strong candidate for ITER PFC 
applications. 

2. PHYSICAL PROPERTIES 

Physical properties of C/C composites are required for evaluating the behavior of the plasma-
facing components under normal and disruption conditions of plasma in fusion devices. In 
particular, the temperature dependence of the thermal conductivity is very important to prediction 
of the surface temperature of plasma-facing components, and the amount of erosion. The 
coefficient of thermal expansion and the Young's modulus are used to calculate the thermal 
stresses. In order to reduce the surface temperature of the plasma-facing components (C/C), it is 
desirable that the C/C composite has higher thermal conductivity at high temperatures, such as 
300 W/m-K at 1000°C. 

The vapor pressure of the C/C composite should depend upon the degree of graphititzation. 
Generally the degree of graphitization of the C/C composite materials is smaller than that of 
graphite materials. Consequently, the vapor pressure of the C/C composite materials should be 
different from that of graphite. However, such differences are expected to be small. Bundy [4] 
has reported the vapor pressure of graphite as 1.3 x 10"5 Pa at 2000°C and 1.3 Pa at 2600°C. 
The following physical properties have been determined for graphite materials [4, 5]: 

sublimation temperature: 39 15K 
heat of vaporization: 600 kJ/mole 
heat of sublimation: 588-714 kJ/mole 

Some physical properties of two C/C composites (CX2002U, MFC-1-1992) are listed in 
Table I [6]. CX2002U and MFC-1 are used in JT-60U. Physical properties of PCC-1S and 
PCC-2S C/C composites are shown in Table II [7], PCC-2S has also been used in JT-60U. 
Physical and mechanical properties of three nuclear graphites and four C/C composites, which 
are candidate materials for plasma-facing components of JT-60U, are shown in Table III [8]. 

Recently, high thermal conductivity C/C composite development has been pursued 
worldwide. Improvements in fiber and composite technology are driving the thermal 
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TABLE I. PHYSICAL PROPERTIES OF C/C COMPOSITES AND METALLIC 
MATERIALS FOR PFCs* [3] 

Ultimate tensile/compr./bend 
strength (MPa), at RT or higher 

Tensile elongation at RT 

Young's Modulus (GPa) 

Poisson ratio 

Melt/sublim. temp. (°C) 

Density (g/cm3) 

Thermal conductivity, 20°C 
(W/m-K) 300°C 

Specific heat at RT (J/gK) 

Thermal expansion coeff. (10"6/K) 

CX2002U 

ii/49/15 (min.) 
50/54/50 (max.) 

--' 

10", 8.12), 3.43) 

0.19 

3500 

1.67 

380.0'> 
240.0,) 

0.71 

1.51]), 1.72), 5.83) 

MFC-1 (1992) 

400/216/480(|l) 
3/16/5(1) 

— 

100(1), 0.8(1) 

0.15 

3500 

1.96 

640.0 (1 , 57°C) 
442.0(1) 

0.71 

-0.9(1), 12.0(1) 

*Data measured, from literature and manufacturer's documentation, 1), 2), 3) are fiber directions, 
1) and 2) in-plane and 3) perpendicular. 
MFC-1 (1992): uni-directional pitch-type carbon-fiber-reinforced-carbon material, Mitsubishi 
Kasei, Japan. 
CX2002U: two-directional felt-type carbon-fiber-reinforced-carbon materials, Toyo Tanso, 
Japan. 

conductivity of C/C composites toward that of pyrolytic graphites. At the present time, C/C 
composites with thermal conductivities in excess of 300 W/m-K at room temperature have been 
manufactured. Thermal properties of the 3D-C/C composite, SEPCARB N112, are given in 
Tables IV through VII [9]. The thermal conductivity of C/C composites is controlled by that of 
the carbon fiber. The thermal conductivity of various carbon fibers is represented as a function 
of temperature in Table VIII [7] . Figure 4 shows the temperature dependence of thermal 
conductivity for a U.S. composite manufactured from VGCF, along with a U.S. pitch fiber 
composite. The thermal conductivity increases due to heat treatment. (Fig. 5 [10] and Fig. 6 
[11], and Table IX [12].) The temperature dependencies of thermal conductivity for Japanese-
made C/C composites are shown in Figs. 7 through 9 [6][13]. In the figures, the thermal 
conductivity values in the direction parallel and perpendicular to the fiber axis are given. Figure 
10 [14] and Fig. 11 [15] indicate temperature dependencies of American-made C/C composites. 
Temperature dependence of thermal conductivity for C/C composites represents a typical T-l 
dependence because of phonon conduction. 

Thermal expansion data for 3D, C/C composite (FMI 223, PAN fiber) are shown in Figs. 12 
through 15 [14]. 
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TABLE II. PHYSICAL PROPERTIES OF C/C COMPOSITES, PCC-1S AND PCC-2S [7] 

Material 

Carbon Fiber 

Density(g/cm3) 

Young's Modulus(GPa) 

Bending Strength(MPa) || 
1 

Compressive Strength(MPa) || 
1 

Shore Hardness || 
• 1 

Electrical Resistivity | 
(fiQ • cm) 1 

Specific Heat(J/gK) 

Thermal Conductivity || 
1 

Coefficient of Thermal | 

Expansion(lO-VK) 1 

Ash Content(ppm) 

PCC-1S 

PA 

1.86 

36.3 

79.5 
24.8 

77.0 
69.3 

32 
25 

425 
778 

0.73 

223 
128 

0.6 

7.1 

<20 

PCC-2S 

Pitch 

1.83 

18.6 

38.3 
12.0 

45.5 
37.3 

25 
15 

335 
678 

0.72 

280 
150 

1.0 

5.8 

<20 

The specific heat at a constant pressure will be expressed by 

Cp = 0.54212 - 2.42667 x 10"6r9 0.2725T1 - 43449.3T"2 

+ 1.5.3.9 x 109T'3 - 1.43688 x \09V (1) 

and it is applicable at 250-3000 K [16]. An example of the specific heat for POCO graphite is 
given in Fig. 16 [17]. 
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TABLE IV. THERMAL EXPANSION UP TO 1500°C FOR X, Y, AND Z DIRECTIONS OF SEPCARB N112 
C/C COMPOSITE [9] 

Thermal Expansion (10"6oC1) 

X 

Y 

Z 

500°C 

0.08 

0.08 

0.14 

1000°C 

0.24 

0.24 

0.37 

1500°C 

0.44 

0.44 

0.67 

TABLE V. THERMAL DIFFUSIVITY UP TO 2000°C FOR X, Y, AND Z DIRECTIONS OF SEPCARB N112 
C/C COMPOSITE [9] 

Thermal Diffusivity (mm2 s"') 

Temperature (°C) 

X,Y 

Z 

23 

180 

135 

350 

52 

43 

500 

41 

32 

1000 

25 

20 

1500 

19 

15 

2000 

14 

12 

TABLE VI. SPECIFIC HEAT VALUES USED FOR THE CALCULATIONS OF THERMAL CONDUCTIVITY 
VALUES [9] 

Temperature (°C) 

Cp (J kg1 K-1) 

Specific Heat (J kg1 K1) 

23 

780 

350 

1430 

500 

1580 

1000 

1890 

1500 

2030 

2000 

2060 

TABLE VII. THERMAL CONDUCTIVITY UP TO 2000°C FOR X, Y, AND Z DIRECTIONS OF SEPCARB 
N112 C/C COMPOSITE [9] 

Thermal Conductivity (W m-1 K"1) 

Temperature (°C) 

X,Y 

Z 

23 

280 

210 

350 

140 

123 

500 

131 

105 

1000 

95 

76 

1500 

76 

62 

2000 

58 

52 
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TABLE VIII. CARBON FIBER THERMAL CONDUCTIVITY [7] 

Temperature °C 

25 

100 

300 

500 

700 

900 

1100 

1300 

1500 

1700 

P-55 
W/mK 

120 

92 

57 

42 

34 

28 

24 

21 

18 

16 

P-100 
W/mK 

520 

501 

311 

228 

182 

152 

130 

113 

99 

88 

P-120 
W/mK 

640 

598 

370 

272 

218 

181 

155 

135 

118 

105 

P-130 
W/mK 

1100 

1038 

643 

473 

377 

314 

269 

234 

204 

183 

VGCF 
W/mK 

1900 

1500 

900 

650 

550 

450 

400 

350 

300 

250 

TABLE IX. THERMAL CONDUCTIVITY AND DENSITY OF PREFORM AND C/C COMPOSITES [12] 

Material 

Preform 

Composite 

CVI-2 

CVI-3 

PI-1 

PI-2 

Density, p 
(g/cm3) 

Conductivity, *c 
(W/mK) 

As-Processed 
Heat Treated 

1.14 
1.13 

1.64 
1.62 

1.59 
1.60 

1.76 
1.70 

1.79 
1.79 

436 
481 

476 
590 

470 
568 

, 432 
-647 

602 
736 

tdp 

381 
428 

290 
364 

296 
355 

246 
381 

337 
411 
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3. MECHANICAL PROPERTIES 

Mechanical properties of C/C composites are required for evaluating stresses, e.g., thermal 
stresses or electro-magnetic mechanical stresses, induced in the plasma-facing components during 
disruption of the plasma (disruption stresses). Some mechanical properties of C/C composites, 
with fracture mechanics properties, are shown in Table X [18], where C/C-A and PCC-2S are 
pitch fiber, felt based composites, and C/C-B, CX-2002U and PCC-1S are PAN fiber, felt based 
C/C composites. The 2D-C/C is rayon fiber based, two-directional C/C composite. Tensile load-
elongation curves for C/C-A and C/C-B materials, at four temperatures up to 2400°C, including 
room temperature, are shown in Fig. 17. The tensile stress-strain curve for the 3D-C/C composite 
SEPCARB N112 is shown in Fig. 18 [9]. No clear difference in the load-elongation curves was 
found between room temperature and 800°C. A definite increase in the maximum load of the 
load-elongation curve can be seen between 1600 and 2400°C. 

TABLE X. MECHANICAL PROPERTIES OF C/C COMPOSITES [18]. 

Material 

Density y(g/cm3) 

Young's Modulus || 
E (GPa) 1 

Bending strength | 
ab (MPa) 1 

Compres. strength || 
oz (MPa) 1 

Shore hardness | 
Hs 1 

Elec. resistance || 
p (/jficm) 1 

Specific heat 
C(J/gK) 

Thermal conduc. | 
k (W/m-K) 1 

Thermal expan. || 
a(10"6/K) ± 

Ash content (ppm) 

Carbon fiber 

Maker 

C/C-A 

1.58 

13.5 

65.7 

-

-

-

-

-

-

<20 

Pitch 

Showa 
Denko 

C/C-B 

1.75 

26.0 

90.0 

80.0 

30 

400 
700 

0.70 

150 
100 

1.0 
8.0 

<20 

PAN 

Showa 
Denko 

2D-C/C 

1.74 

23.8 

117 

44.1 

-

-

0.71 

429 

0.72 

-

Rayon 

-

CX-2002u 

1.72 

11.3 

54,9 
49.0 

61.7 
52.9 

35 
30 

440 

0.76 

267 
128 

2.3 
5.9 

<10 

PAN 

Toyo 
Tanso 

PCC-1S 

1.86 

36.3 
5.9 

79.5 
24.8 

77.0 
69.3 

32 
25 

425 
778 

0.73 

223 
128 

0.6 
7.1 

<20 

PAN 

Hitachi 
Chemical 

PCC-2S 

1.83 

19.6 
5.9 

38.3 
12.0 

45.5 
37.3 

25 
15 

335 
678 

0.72 

280 
150 

-

<20 

Pitch 

Hitachi 
Chemical 
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PROPERTIES OF CARBON COMPOSITES 
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FIG. 17. Tensile load elongation curves for C/C composites A and B at elevated temperatures 
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FIG. 18. Tensile stress-strain curves at room temperature and 1500°Cfor SEPCARB N112 C/C 
composite in the X direction (X and Y are in fiber directions) [9J. 
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Temperature dependence of Young's Modulus for C/C composites and an isotropic high 
strength graphite are indicated in Fig. 19 [18]. Young's modulus increases up to 1500-2000°C 
with increasing temperature and decreases gradually above that temperature. Young's Modulus of 
UD-C/C (unidirectional C/C composite) increased, and then decreased with increasing heat 
treatment temperature, as shown in Figs. 20 and 21 [3]. The positive temperature dependence of 
Young's Modulus gradually decreased to nil with increasing heat treatment temperature and 
becomes negative after heat treatment at 2773K. 

Temperature dependence of tensile strength for C/C composites and an isotropic graphite, IG-
11, is shown in Fig. 22 [20]. This is different from that for Young's Modulus; the maximum 
tensile strength is seen above 2000°C for each C/C composite material. 

Fracture toughness tests were performed at high temperatures using double notched tensile 
specimen for C/C composites and IG-11 graphite [20]. Load-elongation curves have been obtained 
as shown in Fig. 23. Temperature dependence of calculated fracture toughness values is given in 
Fig. 24. Clearly, fracture toughness values increase with increasing temperature. 

Recently, a new process for manufacturing advanced C/C composites using hot isostatic 
pressing has been developed [21]. Figure 25 indicates the relationship between flexural strength 
and void fraction of the 3D-C/C composite manufactured by HIP. Tensile strength versus elastic 
modulus relations of 2D and 3D-C/C composites are shown in Fig. 26 [21]. 

The scatter of the C/C composite strength properties, and other properties, is larger than the 
isotropic graphites and the quality of the C/C composites depends strongly on the grade of the 
materials [22]. 

1000 1500 2000 

TEMPERATURE (°C) 

2500 3000 

Fig. 19. Temperature dependence of Young's modulus of three C/C composites and graphite 
grade IG-110 [18]. 
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FIG. 24. Temperature dependence of fracture toughness of three C/C composites and graphite 
grade IG-UO [20]. 
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FIG. 25. The relationship between flexural strength and void fraction of 3D C/C composites [21 J. 

99 



340 

320 

"ri 
Q. § 
X 
1-
o 2 
UJ 

or h-
</) 

UJ 
-I 
if) 
2 
UJ 
1-

300 

280 

260 

240 

220 

200 

180 

T 
HIP CYCLE:101 

2 0 % COMPOSITES 
8-HOMESS, SATIN 

O T300 
A XN-40 

3D c/c COMPOSITES 
• T300,3:3:3 

, A XN-40,6:6:3 

70 80 90 100 110 120 

ELASTIC MODULUS (GPa) 
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Mechanical properties of carbon materials, including C/C composites, were evaluated by means 
of a dynamic hardness test which yields a description of indented load versus indented depth [23]. 
The materials examined are listed in Table XI. The indented load-depth (L-h) curves for C/C 
composites are shown in Fig. 27. For example, the sign A in CC-312(A) means the axial direction 
of the carbon fiber in the composite. Figure 27 indicates the loading and unloading curves for 
each material. These curves were approximated by a parabola around the maximum load for both 
loading and unloading curves. If L/h is plotted as a function of depth (h), Fig. 28 is obtained. 
The slopes for the loading and unloading curves at the maximum load were denoted as parameters 
B and D, respectively. In the case of C/C composite material, the L/h versus h curves for the 
axial direction of the carbon fiber, the radial direction, and the matrix in the 3D-C/C composite 
material are given in Fig. 29. The correlations between the bending strength aB, the parameter B, 
the Young's Modulus E, and the parameter D were derived from data on different grades of 
carbon materials: aB[MPa] = 10B[GPa], E[GPa] = 0.826D[GPa]. 
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TABLE XI. MECHANICAL PROPERTIES OF MATERIALS EXAMINED [23] 

Properties 
Materials 

3D-C/C 
CC-312 

CX-2002U 

HBC-18S 

7447 

IM-2 

H-327 

ETP-10 

IG-11 

IG-15 

IG-43 

IG-56 

ISEM-3 

ISO-88 

SIC-6 

App. Density 
kg/m3 

1770 
1805 
1650 

1980 

1760 

1780 

1780 

1750 

1760 

1894 

1842 

1730 

1829 

1915 

1848 

Young's Modulus 
GPa 

120/-
40.3/5.1 

10.0/-

5.4 

9.5/10.0 

12/11.9 

14.8/6.7 

10.8 

9.4/10.0 

11.8/-

10.8/-

10.3/-

11.8/-

12.8/-

11.8/-

Bending Strength 
MPa 

102/-
78/19 
44/-

88.2 

34.1/33.1 

33.6/34.4 

25.5/14.6 

58.8 

34.7/32.8 

49.0/-

53.9/-

43.1/-

49.0/-

93.1/-

49.0/-

C/C: (axial direction of fiber)/(perpendicular to fiber axis) 
GRAPHITE: (parallel to basal plane)/(perpendicular to basal plane) 

0 1 2 3 4 5 

DEPTH (h/^m) 
FIG. 27. L-h curves for two C/C composites [23]. 
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FIG. 28. L/h~h curves for two C/C composites [23]. 
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FIG. 29. L/h-h curves for two C/C composites [23]. 
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4. RADIATION EFFECTS 

4.1 Neutron Irradiation Damage Mechanism 

The carbon atoms in carbon fibers and matrix carbon are arranged at the atomic level in the 
graphite crystal structure, consisting of layers of carbon atoms; the atoms being (sp2) covalently 
bound in a hexagonal array within the graphite layer. The layers are stacked in an ABAB 
sequence with only weak secondary inter-layers bonding. The binding energy of a carbon atom in 
the graphite lattice is about 7 eV and the energy required to displace a carbon atom is 
~ 25 to 60 eV. 

The D-T reaction produces both 14.1 MeV neutrons and 3.5 MeV alpha particles. The 
majority of the alpha particles will deposit their energy in the plasma, but the neutrons will reach 
the first wall and displace carbon atoms. Moreover, the neutron energies are sufficient that 
transmutations such as l2C(n,a) 9Be and 12C(n, n')3a will occur and cause additional carbon atom 
displacements. Displaced carbon atoms will recoil through the graphite lattice, displacing other 
carbon atoms and leaving vacant lattice sites (Fig. 30). Once moderated, the carbon atoms are 
able to diffuse interstitially between the graphite layer planes in two dimensions and a large 
fraction of them will recombine with lattice vacancies. Others will coalesce and eventually may 
form dislocation loops or new graphite planes. The interstitial clusters, on further irradiation, may 
themselves be destroyed by a fast neutron or displaced carbon atom—a phenomenon known as 
radiation annealing. The formation of interstitial clusters, dislocation loops, and new graphite 
planes will cause an expansion of the graphite crystal in the <c> direction (Fig. 30). Adjacent 
lattice vacancies in the same graphite layer are believed to collapse parallel to the layers and form 
sinks for other vacancies, causing a shrinkage in the graphite crystal in the two <a> directions, i.e., 
parallel to the graphite layers. 

- ' » (o) 

INTERSTITIAL 
» » i 

COLLAPSING 
VACANCY 
LINE 

VACANCY 

NEW PLANE-

EXPANSION 

FIG. 30. The mechanism of radiation damage in the graphite crystal. 

Graphite crystal neutron damage induced dimensional changes will cause dimensional changes 
in C/C composite materials. The nature of the dimensional changes in the composites will depend 
upon both the irradiation conditions (temperature, fluence) and the microstructure of the carbon 
fiber and architecture of the composite. The latter (structural) parameters are important because 
they control the amount and location of porosity which may accommodate the crystallographic <c> 
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axis expansion during neutron irradiation. The number of interstitial atoms and vacancies 
generated depends upon the neutron flux and energy, and the irradiation temperature controls the 
number of carbon atoms retained in the crystal lattice, and their distribution, because lattice 
vacancy mobility is temperature dependent. Moreover, the amount of available accommodating 
porosity within a carbon fiber or C/C composite will be reduced at higher temperatures by the 
thermal expansion of the material. Extensive studies of graphite crystal dimensional changes, 
performed on highly oriented pyrolitic graphite, have been published and are reviewed elsewhere 
[24, 25]. 

The formation of neutron irradiation induced defect structures in the graphite lattice will 
adversely affect a C/C composite materials physical properties. Phonons will be scattered by the 
defects, thus introducing additional thermal resistance and significantly reducing the thermal 
conductivity of an irradiated material. Similarly, electrons will be scattered by irradiation induced 
defects causing increased electrical resistivity. Pinning of dislocation lines by irradiation induced 
defects will increase the strength and elastic moduli of C/C composite materials. Data are 
presented here showing the influence of neutron irradiation on the dimensional change, physical 
and mechanical properties, and residual activity of C/C composite materials. 

4.2 Irradiation Induced Dimensional Changes 

Irradiation induced dimensional changes in fine-grained, fusion relevant graphites have been 
reviewed elsewhere [26]. The behavior of GraphNOL N3M [27, 28] is typical of many fine 
grained graphites and the irradiation induced dimensional changes are shown in Fig. 31. The solid 
lines in Fig. 31 are polynomial fits to the data. Data are shown for two temperatures (875 and 
600°C) and two orientations (axial and radial) with respect to the forming axis of the graphite 
billet. The shrinkage rate initially increases and then decreases with increasing fluence. 
Turnaround (maximum shrinkage) occurs at lower fluences at 875°C compared to 600°C. The 
effect of temperature is more clearly demonstrated in Fig 32, where the volume change at 
minimum volume at 875°C is approximately 60% of that at 600°C, and occurs at 25% lower 
fluence, i.e., 15 displacements per atom (dpa) at 875°C cf. 21 dpa at 600°C. This effect is 
attributable to the thermally induced closure of a greater portion of the pores within the 
polygrannular graphite structure at the higher irradiation temperature, which reduces the internal 
"accommodation" for c-axis expansion, and accelerates the onset of pore generation (turnaround). 
Maximum dimensional shrinkages of several percent are typical, N3M for example has maximum 
shrinkages of ~2 and - 3 % at 875 and 600°C and ~1 and -2% at 875 and 600°C in the radial and 
axial directions, respectively. The dimensional change anisotropy is related to the texture in the 
molded N3M graphite billet. Most graphites exhibit isotropy in their radiation induced 
dimensional changes. However, fine grained isotropic graphites such as POCO AXF-5Q, or Toyo 
Tanso IG-110 are isotropic in their irradiation dimensional changes. 

Data for the neutron irradiation induced dimensional changes of C/C composites have been 
reviewed elsewhere [26]. Burchell et al. [29, 30] have reported the dimensional changes of several 
C/C composite materials (Table XII). More recently Burchell [31] elucidated the mechanism of 
irradiation induced dimensional changes in C/C composites. Figure 33 shows the irradiation 
induced dimensional changes (diametral and longitudinal) of a unidirectional (UFC), two-
directional (RFC) and three-directional (223) C/C composite irradiated at 600°C to a maximum 
fluence of ~5 dpa. The unidirectional C/C composite exhibited extremely anisotropic dimensional 
changes, undergoing rapid shrinkage in the fiber-axis direction (length). In the direction 
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FIG. 31. Neutron irradiation induced dimensional changes in GraphNOL N3M [28]. 
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FIG. 32. Neutron irradiation induced volume changes in GraphNOL N3M [28J. 
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perpendicular to the fiber axis (diameter) the composite first shrank up to a fluence of 
approximately 1 dpa, followed by a reversal to expansion, reaching the original diameter at about 
2.5 dpa and continuing to expand at an increasing rate. Similar trends are observed for the two-
directional, C/C composite (RFC), where the fiber axis is in the diametral direction. In the off-
axis direction (length) the composite exhibited a slight contraction followed by expansion, 
returning to the original length at approximately 2 dpa. The diametral (fiber-axis) directions of the 
RFC specimen exhibited shrinkage, although the magnitude of the shrinkage was much less for the 
same fluence than in the case of the unidirectional composite. In contrast to the unidirectional and 
two-directional composites, the 3D PAN composite exhibited isotopic behavior at fluences up to 
approximately 2 dpa. At doses greater than 2 dpa the composite x direction (specimen length) 
continued to show shrinkage, whereas the fiber x-y (diameter) direction exhibited reversal and 
slight growth. 

TABLE XII. SUMMARY OF MATERIALS IN IRRADIATED BY BURCHELL ET AL. 
[30, 31] 

Designation 

H-451 

A05 

UFC 

RFC 

223 

222 

Description 

Near-isotropic nuclear graphite (reference 
material). 

Carbone Lorraine. 2D C/C composite. 
PAN Fibers. 

Fiber Materials, Inc. ID C/C composite. 
PAN Fibers. 

Fiber Materials, Inc. Random fiber 
composite. PAN Fibers (chopped). 

Fiber materials, Inc. 3D C/C composite. 
PAN Fibers. 

Fiber Materials, Inc. 3D C/C composite. 
Pitch Fibers (P55). 

Heat Treatment 
Condition 

As received 

As received 

3100°C 

2650 and 3100°C 

2650and3100°C 

2650and3100°C 

The influence of fiber structure and crystallinity on the irradiation-induced dimensional change 
of two three-directional, C/C composite materials is shown in Fig. 34. In Fig. 34(a), the 
dimensional changes of a pitch fiber (22) and a PAN fiber (23) three-directional composite in the 
z-fiber direction are shown. The pitch fiber composite exhibited less shrinkage for the same 
fluence than the PAN fiber composite. The superior behavior of the pitch-fiber composite is 
attributed to the greater degree of crystallinity in pitch fibers [32]. The data in Fig. 34(b) indicate 
that increasing the final graphitization temperature reduces magnitude of dimensional change in a 
three-directional PAN-fiber composite. The relationship between increased crystallinity or 
increased final heat treatment temperature and reductions in the magnitude of neutron irradiation-
induced dimensional change has been clearly demonstrated in studies of the irradiation behavior of 
pyrolytic graphites [25]. It has been shown [29] that composites manufactured from more 
crystalline pitch fibers, or that are graphitized at high temperatures (>3000°C), exhibit less 
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dimensional change at a given fluence than C/C composites manufactured from less crystalline 
PAN fibers or graphitized at lower temperatures (<2700°C). 
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and PAN fiber composite behavior, and (b) the effect of heat treatment temperature on the 
dimensional change of a PAN (223) C/C composite [31]. 

The data in Figures 33 and 34 show that three-directional composites behave more isotropically 
than two-directional or unidirectional composites. Pitch fiber composites are more dimensionally 
stable than PAN fiber C/C composites and a higher final graphitization temperature is beneficial. 
At fluences of <5 dpa and irradiation temperatures of ~600°C shrinkages >3% can be expected. 
Turnaround to growth will occur rapidly for uni- and two-directional carbon-carbon composites in 
the direction perpendicular to the fiber axis. Dimensional change rates can be expected to be 
greater at elevated temperatures due to the reduced accommodation available within the composite 
structure. 

4.3 Physical Properties 

The effects of neutron irradiation on key physical properties of graphites are widely reported, 
for example Kelly [24], Engle and Eatherly [25], Nightingale [33] or Simmons [34]. Recently, 
Kelly and Burchell [35] reported on structure related property changes in polycrystalline graphite 
under neutron irradiation. Moreover, Kelly has recently summarized radiation effects in nuclear 
reactor moderator grade graphites [36]. Neutron irradiation produces defects in the graphite basal 
planes which act as phonon scattering centers, resulting in additional thermal resistance. The 
thermal conductivity of graphite and C/C composites will therefore be substantially reduced by 
irradiation. Figure 35 shows the degradation of thermal conductivity of several fine-grained, 
fusion relevant graphites irradiated at 600°C to damage doses in the range 0.005-0.1 dpa [37]. The 
thermal conductivity is reduced by 20% or more, even at these very low fluences. Similar data for 
C/C composites is given in Figure 36 [37], where large reductions in the thermal conductivity of 
the C/C composites are apparent. Data for the temperature dependance of the thermal conductivity 
of an irradiated C/C composite (CX2002U) are given in Figure 37 [38] for two irradiation 
temperatures (200 and 400°C). At the lower dose (0.01 dpa at 200°C) the damage is completely 
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annealed at 1200°C. However, at the higher dose of 0.9 dpa (400°C) thermal conductivity 
recovery is incomplete after annealing to 1200°C. The beneficial effects of post irradiation 
annealing on the thermal conductivity of a two-directional C/C composite (A05) is shown in 
Figure 38 [26]. The thermal conductivity at 600°C of the unirradiated A05 is approximately 84 
W/m-K. After irradiation at 600°C to -1 dpa the thermal conductivity (at the irradiation 
temperature) is only -40 W/m-K. Thermal annealing to 1200°C restores the thermal conductivity 
to -66 W/m-K. Figure 39 [31] shows data for FMI 222 material, a three directional pitch fiber 
C/C composite, in the unirradiated, irradiated (-4 dpa) and irradiated and annealed conditions (z-
fiber direction). Data for the same C/C composite over the damage dose range 1-4.5 dpa has been 
reported [31] and is given in Figure 40. These data show that the radiation induced degradation is 
saturated over this dose range, but may be substantially recovered by thermal annealing to 1600°C. 
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FIG. 35. The variation of normalised thermal conductivity (K/KJirr with neutron dose for 
pyrolitic carbon and several fine grained graphites [37J. 
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Data for the effects of neutron irradiation on the coefficient of thermal expansion (CTE) of 
C/C composites are extremely limited at the present time. Burtseva et al. [39] report the CTE of 
a multi-directional PAN fiber C/C composite was relatively unaffected after irradiation to 2><1020 

n/cm2 at irradiation temperatures of 200-400°C. Burtseva's C/C material had a initial CTE of 
0.5xl0*6 and a relatively low density (1.6 g/cm"3), which, in combination with the relatively low 
dose of ~0.3 dpa, may account for the negligible effect of irradiation on the CTE. Generally, C/C 
composite materials have low CTEs in the unirradiated condition, typically ~1*10"6 (section 2.). 
Based upon irradiation induced swelling data (section 4.2), irradiation to doses in the range 0.5-5 
dpa can be expected increase the CTE of C/C composites, probably by no more than a factor of 
two. Extensive data exists for the effect of irradiation on the CTE of nuclear graphites [25, 26, 
34, 35, 37]. Figure 41 shows the variation of the CTE of GraphNOL N3M graphite with neutron 
dose for an irradiation temperature of 600°C [28]. This behavior is typical of that off fine-grained, 
fusion relevant graphites, showing an initial increase in CTE followed by a significant decrease. 
The transition from increasing to decreasing CTE occurs at lower doses for higher irradiation 
temperatures. A similar pattern of irradiation behavior was reported by Kelly [24] for US POCO 
and UK Gilsocarbon graphites. 
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FIG 41. The effect of neutron irradiation on the coefficient of thermal expansion of 
GraphNOL N3M graphite [28]. 

Very little data has been reported for the effects of neutron damage on electrical resistivity. 
Figure 42 shows the effects of neutron dose on the electrical resistivity of GraphNOL N3M 
graphite. Typically, the resistance increases rapidly to a saturation level 2-3 times greater than the 
unirradiated resistivity. Similar behavior can be expected for C/C composites. Data reported by 
Sato et al. [18] for two C/C composites (Table XIII) appears to support this supposition. Both 
C/C composites, irradiated at 650-810 °C to 1-1.7 dpa, exhibited increased electrical resistivity. 
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TABLE XIII. ELECTRICAL RESISTIVITY DATA AND IRRADIATION CONDITIONS FOR 
TWO C/C COMPOSITES [18] 

Material 

Manufacturer 

Architecture & 
Fiber Type 

Irradiation Temperature (°C) 

Fluence (x 1021 n/cm2) 
[E>29fJ] 

Damage Dose (dpa) 

Unirradiated Electrical 
Resistivity (/iohm.m) 

Irradiated Electrical 
Resistivity (/nohm.m) 

C/CB 

Showa Denka 

2D felt, coal tar pitch 
binder, PAN fiber 

750-810 

1.2 

1.1 

4 

5.8 

2D C/C 

-

2D cloth lay-up, rayon fiber 

650-710 

1.75-1.88 

1.6-1.7 

12.17 

23.23 
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4.4 Mechanical Properties 

Sato et al. [18] have reported the effects of neutron damage on the mechanical properties of 
three C/C composite materials (Table XIV). The irradiation conditions for C/C-A were identical 
to those of C/C-B, and are shown along with the irradiation conditions for the 2D C/C in Table 
XIII. C/C-A was manufactured from a pitch based carbon fiber, and a coal tar pitch binder, by 
Showa Denka of Japan. The neutron dose received by the specimens was relatively low (1-1.7 
dpa), yet was sufficient to significantly effect the mechanical properties of the C/C materials. 
Young's modulus increased by >30%, with the largest increase (42%) in the pitch fiber material 
(C/C-A). Compressive, bend and tensile strength data for the C/C materials are also presented in 
Table XIV. In all cases the strength increased on irradiation, typically by -20%. The greatest 
strength gains were for the pitch fiber composite (C/C-A). Fracture toughness (critical stress 
intensity factors, Klc, KUc) increased after irradiation by 20-30% (Table XIV). 

TABLE XIV. PRE- AND POST-IRRADIATION DATA FOR THE MECHANICAL 
PROPERTIES OF THREE C/C COMPOSITE MATERIALS [18] 

Materials 

Young's Modulus, E (GPa) 

Compressive Strength, ac (MPa) 

Bending Strength, ob ( |) (MPa) 

Bending Strength, ab (1 ) (MPa) 

Tensile Strength, at (MPa) 

Critical Stress Intensity Factor 
KIC(|)(MPa.m1/2) 

Critical Stress Intensity Factor 
KIC(l)(MPa.m1/2) 

Critical Stress Intensity Factor 
KIIC (MPa.m1/2) 

C/C-A 

Pre-
Irr. 

13.5 

44.9 

65.7 

57.4 

35.7 

2.96 

2.14 

3.79 

Pos 
t-Irr. 

19.2 

58.4 

81.5 

79.8 

-

3.65 

2.65 

4.85 

C/C-B 

Pre-
Irr. 

26.3 

66.6 

96.9 

94.5 

55.4 

3.44 

3.03 

4.39 

Post-
Irr. 

34.2 

81.2 

119.2 

110.0 

-

4.14 

3.94 

5.56 

2D C/C 

Pre-
Irr 

23.8 

-

117 

116 

90.1 

5.26 

-

-

Post-
Irr 

31.6 

-

145 

143 

114 

5.77 

-

-

Burchell et al. [30] irradiated several C/C composites, covering a range of fiber types and 
architectures (Table XII). The influence of neutron irradiation on the ring compression strength of 
these C/C composites is shown in Figures 43 and 44. The UFC, RFC and 222 composites showed 
increases in strength after irradiation to -2.5 dpa at 600°C. The 223 C/C showed an initial rapid 
increase in strength up to -0.8 dpa, followed by a decreasing strength. Tanabe et al. [40] have 
reported the mechanical properties of uni-directional, PAN fiber, C/C composites irradiated at 240 
and 640°C to 0.64 and 0.87 dpa, respectively. Strength and failure strain both increased after 
irradiation. Poisson's ratio decreased from 0.2 to -0.12. The fracture energy increased from a 
pre-irradiation value o f -6 kJ.m'2 to - 14 kJ.m"2 and 10 kJ.m'2 after irradiation to 0.64 dpa at 

115 



240°C and 0.87 dpa at 640°C, respectively. At the present time there are no data available for the 
irradiation creep behavior of C/C composites. A significant amount of data has been published for 
the irradiation creep behavior of graphites [21, 25, 33, 34, 41]. 
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FIG. 43. The influence of neutron 
irradiation on the brittle ring strength of H-
451 graphite, RFC and UFC carbon-carbon 
composites [30]. 

FIG. 44. The influence of neutron 
irradiation on the brittle ring strength of two 
3D carbon-carbon composites [30]. 

4.5 Residual Activity 

Snead [42] has reported the residual activity of three C/C composites irradiated to ~1.5 dpa at 
600°C (Table XV). The radioactive elements detected are caused by: impurity levels of 
contaminants picked up during manufacture (eg. the Period IV elements); daughters of strong 
carbide formers (eg. 95Nb,46Sc and 182Ta); or impurities in the feed materials used for manufacture 
of the fibers, preforms or composites (eg. rare earths such as 154-,55156Eu and 125Te). Other 
radioactive isotopes are the unstable daughter products from the impurity elements identified. 
Among these major radioactive species, 60Co and the rare earths such as 154,,55Eu have relatively 
long half lives and are transmuted mainly through reactions with thermal neutrons. Specific 
activities reported for fusion relevant graphites by Shikama et al. [43], are 10-100 times lower than 
those given by Snead [42] (Table XV). This very large difference can be attributed to the higher 
impurity contents of the C/C composites which, unlike the graphites reported by Shikama et al., 
were not halogen purified. For a purified graphite or C/C, maximum production rates for 60Co and 
rare earth element are 4 and 40 nCi/g(thermal neutron fluence 1020n/m2), respectively [43]. 
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TABLE XV. SPECIFIC ACTIVITIES OF THREE C/C COMPOSITE MATERIALS [42] 

Isotope 

110mAg 

,09Cd 

"Co/^Co 

134Cs 

154Eu/155Eu 

,92Ir 

54Mn 

95Nb 

46Sc 

182Ta 

i 6 o T b 

,25Te 

65Zn 

95Zr 

Half Life 
[days (d), or 

years (y)] 

249 d 

62.3 d 

71.3d/5.26y 

2.1 y 

8.5 y/5.0 y 

74.0 d 

312.2 d 

35.1 d 

83.8 d 

114.5 d 

72.4 d 

58.0 d 

243.8 d 

64.03 d 

Specific Activity (juCi.cm"3) 

2D C/C 
(Pitch fiber) 

1.82 

-

0.17/1.65 

0.008 

0.067/0.041 

2.54 

0.66 

3.46 

71.11 

0.25 

2.57 

4.41 

0.12 

1.57 

3D C/C 
(PAN fiber) 

0.053 

-

0.262/2.06 

0.026 

0.22/0.158 

0.317 

0.026 

-

27.3 

33.86 

0.30 

-

-

0.441 

3D C/C 
(Pitch fiber) 

0.158 

0.159 

-/2.08 

0.040 

0.026/0.006 

0.132 

0.265 

1.165 

8.7 

11.19 

0.18 

-

0.66 

-

5. CORROSION EFFECTS 

The property degradation due to oxidation of nuclear graphites and carbons is of importance in 
fusion reactors as well as in fission reactors. Long term oxidation influences the thermal and 
mechanical properties of carbon/carbon composite materials, just as it does graphite materials. The 
oxidation produces changes in the pore and micro structures of the materials: generally many new 
pores are generated in the structure due to oxidation and the bulk density decreases, that is the 
porosity increases. The oxidation occurs selectively in the binder part rather than in the crystalline 
(fiber) part. In graphite materials, an oxidation gradient can exist between the surface and the 
interior of the graphite block [44]. The oxidation of the surface of the specimen facing to the 
corrosive gas can be decreased by coating the surface with the materials such as oxide ceramics. 

Two grades of 2D pitch matrix C/C composite material were used as an oxidation experiment 
[45]. The materials were made from carbon cloth in xy-plane pierced by fibers in the z-direction 
and a carbonized pitch matrix. Table XVI shows the preform characteristic and mechanical 
properties of the C/C composites. Figure 45 gives weight loss as functions of temperature and 
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time, measured in flowing air, at a constant temperature. The burn-off curves could be divided 
into three regimes, the weight loss is a parabolic function of time which means that the oxidation 
rate is a linear function of time in the zone III regime, whereas the weight loss is a linear function 
of time in the zone II regime. Differences in the reactivity of the different preform structures 
were also found, the faster losses were at temperatures above 650°C for material 1 and 683°C for 
material 2. 

TABLE XVI. PROPERTIES AND PREFORM OF C/C COMPOSITES [45] 

Materials 

1 

2 

XY 
Z 

XY 
Z 

Carbon cloth 

harness 

5 

8 

Z fiber bundles 

k 

6 

8 

d (mm) 

1.2 

1.4 

Tensile 

a(MPa) 

45.5 
100.5 

146.7 
132.7 

E (Gpa) 

32.6 
106. 

70.5 
53.3 

0 2 4 6 8 10 t(h) 

WEIGHT LOSS AS A FUNCTION OF TIME 

FIG. 45. Weight loss as a function of time for two grades of 2D C/C composite [45J. 
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The oxidation rates of C/C composites were found to follow the Arrhenius type equation: 
k=A • exp(-Ea/RT) (2) 

Figure 46 shows the logarithmic plots for the oxidation of material 2, there were marked 
differences in the oxidation characteristics of the various regimes. The C/C composites gave linear 
plots with apparent activation energy (EJ of 87.5 kJ/mole for zone III and bilinear for zone II, low 
and high Ea are 55.0 kJ/mole and 249.0 kJ/mole, respectively, the two lines cross at the 
temperature of 720°C. Oxidation occurs in the zone I regime with rates controlled by the surface 
reaction of oxygen with active sites on the composite surfaces, and at the higher temperatures, the 
gasification rates were increasingly controlled by diffusion of gaseous oxygen into the pore 
network of the composites. In the zone II regime, the oxidation rate is attributed to the reaction 
between carbon and oxygen at low temperature (<700°C ), the reactivity is controlled by both gas 
phase diffusion and reaction kinetics at high temperature (>700°C). 

/nk 

• 87.5KJ/mol 

-1 

-2 

-3 — 

0.9 i.\ 

FIG. 46. Arrhenius plots of oxidation rate, K, as a function of reciprocal time for 2D C/C 
material 2 [45J. 

An example of the oxidation behavior of matrix inhibited C/C composites is shown in Fig. 47. 
The material was a 2D C/C composites containing approximately 18 wt.%B4C in the matrix. The 
composite was fabricated using T-300 PAN fibers which were heat treated to 2473K and 
fabricated into a 2-D cloth. The laminate construction was a 0-90° lay-up. The matrix consisted 
of phenol formaldehyde resin containing 18 wt.% B4C particulates. The composite was fabricated 
in a tape lay-up process. After the tape lay-up and carbonization, open pore volume was 
subsequently densified via CVI with pyrolytic carbon. An Arrhenius plot of reactivity of the C/C 
composite is indicated in Fig. 47 over the temperature range 1173 and 1673K in dry UHP 02. In 
dry UHP 02, there are two reaction mechanisms operative. In the relatively low temperature 
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range, up to -1280K, the reaction is controlled by zone II (Ea=105.7kJ/mole) kinetics. At 
temperatures above 1280K (zone III), the reaction is controlled by diffusion through the boron 
oxide layer (Ea=19.6 kJ/mole). It is reported that the PAN fibers oxidize readily on all fiber 
surfaces and not just the fiber ends [47]. 
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FIG. 47. Arrhenius plot of the reactivity of inhibited C/C in dry UHP oxygen flowing at 20 cc/min 
over the temperature range 1173 to 1673 K [45]. 

The PAN fiber felt type C/C composite (CX-2002U) was used to examine the effects of burn-
off on the mechanical properties [48]. Figure 48 shows burn-off of CX-2002U by air oxidation as 
function of time. Young's modulus decreases with increasing burn-off: at 10% burn-off Young's 
modulus decreases to 60% of the original value (Fig. 49). Bend strength behaves similarly to 
Young's modulus, as shown in Fig. 50. Fracture toughness values give larger decrease with 
increase of burn-off. Figure 51 shows that 40% decrease in the toughness is seen at 5% burn-off 
level. In this experiment, it was observed that the fiber was oxidized at first, after that the matrix 
was attacked. 
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FIG. 48. The relationship between burn-off and oxidation time, h, ofC/C composite grade 
CX-2002U [39]. 
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6. TRITIUM BEHAVIOR 

Graphite and C/C composites have very high specific surface areas, typically in the range 0.25 
- 1 m2/g [49, 50]. Consequently* carbon materials can adsorb large quantities of gases, resulting in 
the possible retention of substantial amounts of hydrogen isotopes. This plays an important role in 
determining the recycling of fuel in the plasma-wall interface. Moreover, the adsorption of tritium 
may cause an unacceptably high tritium inventory for a fusion device during tritium operation. 
The interaction of tritium with graphite and C/C composites, and its impact on Tokomak 
operations has recently been reviewed by Causey [51]. There are four processes by which tritium 
can be retained in or on graphites and C/C composites: saturation of the implanted area; co-
deposition with carbon on surfaces; adsorption on internal porosity, and transgranular diffusion 
with trapping. Pyrolytic graphites, which typically have densities >2.2 g/cm3, retain much less 
tritium than graphites or C/C composites [51]. Moreover, the tritium diffusion coefficients are 
significantly lower in pyrolytic graphite compared with C/C composites and graphites [52]. The 
lower tritium diffusion rate and significantly reduced retention are attributed to the absence of 
porosity in pyrolytic graphite [51]. Carbon-carbon composites are reported to behave similarly to 
graphites with respect to tritium behavior [51]. For present-day fusion reactors, the co-deposition 
process is likely to result in the greatest tritium inventory. 

Causey has reported [51 ] the best estimates for the hydrogen isotope solubility and diffusivity 
in graphite are: 

S= 6.44 x 10-5 exp (+0.2 eV/kT) atom fraction/atom'7' (3) 

D= 0.93 exp(-2.8 eV/kT) cm2/S (4) 

Values of volumetric tritium retention are given in Table XVII for various graphites and C/C 
composites tested by Causey [51] at an ion energy of lOOeV, (fluence of 2xl020 T/cm2 ) for 1.5 
hours at 1273K. 

Neutron irradiation has been shown to increase the amount of deuterium and tritium retained in 
graphite and C/C composites [53-55]. Crystal lattice damage, in the form of interstitial loops, 
vacancies and vacancy loops provide tritium trapping sites. Wampler et al. [55] studied the 
increase of deuterium trapping in graphite caused by displacement damage using 6 MeV C+ ions. 
Their data are summarized in Figure 52, which shows the D concentration increasing rapidly up to 
~0.1 dpa, and then saturating at doses > 0.1 dpa. Several graphites were included in Wampler et 
al.'s study, and with the exception of highly oriented pyrolytic graphite (HOPG), all showed 
similar behavior. The HOPG saturated at a lower D concentration and at a lower dose. A 
parameterization for c, the concentration of retained D, as a function of damage dose, d was found 
to give [55]: 

c=cs(l-exp(-d/ds)) (5) 

Fitting the data in Figure 52 yielded values of cs = 650 appm and ds = 0.035 dpa. The good 
agreement between D concentrations in ion damaged and neutron damaged graphites suggests that 
equation 5 may be useful for design studies of machines such as ITER. The close correlation of 
ion and neutron damage on trapping has also been reported for H-451 graphite by Causey et al. 
[53]. Their data, which are shown in Figure 53, clearly shows the amount of trapped tritium 
saturates in the dose range 0.1 - 1 dpa. Data for tritium behavior in neutron irradiated C/C 
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composites are very limited. Atsumi et al., reported hydrogen solubility in graphites and C/C 
composite CX-2002U after neutron irradiation to ~2xl024 n/m2 (E > 1 MeV) or 0.2 dpa. 
Significantly, the C/C composite showed less increase in hydrogen solubility than the graphites 
studied (Fig. 53). Additional data on tritium behavior in neutron irradiated C/C composites are 
clearly needed. 

TABLE XVII. TRITIUM RETENTION AT 1273K IN DIFFERENT GRAPHITES AND C/C 
COMPOSITES [51] 

Carbon 
Material 

POCO AXF-5Q 

ATJ 2000 

K-KARB 

B.F. Goodrich 2D 

1G-11 

Lorraine 

FMI-4D 

FE 1591 

H-451 

1G-110 

POCO AXF-5Q-BG 

HITCO 

Pyrolytic Graphite 

Tritium Volumetric 
Retention (1017 cm"3) 

12.0 

6.7 

6.5 

6.2 

5.2 

4.0 

3.6 

3.5 

3.1 

3.0 

2.8 

2.5 

0.5 
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H I G H Z C A N D I D A T E 
P L A S M A K A C I N G M A T E R I A L S 

T. T A N A B E 
F a c u l t y of E n g i n e e r i n g 
O s a k a Un ive r s i ty 
O s a k a , Japan 

A B S T R A C T High Z materials are very attractive as a plasma facing 
material because of their excellent thermo-physical properties 
Nevertheless data for plasma materials interaction of the high Z 
materials are not enough and their potential risk of high radiation 
loss has been a serious concern. The paper gives a review of the 
materials properties of high Z materials for the application as a 
Plasma facing materials. Their surface properties necessary for 
the application to the plasma facing materials are summarized. The 
behavior of the high Z materials under high heat load, and interac
tion with hydrogen and helium are discussed in detail. Referring 
recent high Z limiter and divertor experiments in tokamaks, future 
direction of the research and development of the high Z materials 
are suggested. 

1. I N T R O D U C T I O N 

1.1. Application of high Z materials as a plasma facing material 

10"' T '— "I 

Fig. 1 Temperature dependence of radiation 
properties of various elementst4] 

High Z ma te r i a l s such as 
Mo and W were once used as 
plasma facing materials(PFM) in 
e a r l y tokamaks[l ,2] because of 
the i r r e f r a c t o r y p r o p e r t i e s for 
fu tu re use in DT burn ing 
machines as well as enough 
expe r i ences as vacuum high 
t empera tu re mater ial s[3L Owing 
to t he i r high r ad i a t i on loss 
(see Fig. l ) , however, the plasma 
at t h a t time was d i f f i cu l t to 
be h e a t e d and often co l l apsed 
by the accumulat ion of high Z 
impuri t ies in the plasma cen-
terC2]. Ins tead of the high Z, 
i n t r o d u c t i o n of carbon based 
low Z ma te r i a l s as PFM made 
plasma confinement much b e t t e r 
and plasma pa rame te r s have 
advanced d r a s t i c a l l y in r ecen t 
l a rge tokamaks. I ron ica l ly , the 
advances of the plasma parame
t e r s r e s u l t in e x t r a o r d i n a r y 
high hea t load (over 20MW/m2O 
to the PFM. H ence evapora -
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t i o n , e r o s i o n , and t h e r m a l s t r e s s ( s h o c k ) of t h e PFM make t h e f u t u r e u s a g e 
of t h e low Z m a t e r i a l s d o u b t f u l [ 5 L In a d d i t i o n n e u t r o n i r r a d i a t i o n is found 
o u t t o g r e a t l y d e t e r i o r a t e t h e r m o - m e c h a n i c a l p r o p e r t i e s of t h e c a r b o n b a s e d 
m a t e r i a l s [ 6 , 7 ] . 

Thus h igh Z m a t e r i a l s seem t o come back i n t o t h e c o n s i d e r a t i o n . 
However , most e f f o r t for t h e d e v e l o p m e n t of PFM h a s b e e n p a i d to low Z 
m a t e r i a l s and t h a t for t h e h igh Z m a t e r i a l s h a s b e e n q u i t e p o o r . Very r e 
c e n t l y some t r i a l t o use t h e h igh Z as t h e PFM i s r e s t a r t e d in TEXTORL8.9], 
ASDEX-UHO] and A l c a t o r C - M o d d l ] , t h o u g h t h e h igh Z m a t e r i a l s s t i l l do n o t 
seem to be u sed a s t h e PFM in t h e p r e s e n t l a r g e t o k a m a k s for f ea r of t h e 
h igh r a d i a t i o n l o s s and l e s s e x p e r i e n c e s . 

For h igh t e m p e r a t u r e use of h igh Z m a t e r i a l s a s PFM, t h e r e a r e two 
i m p o r t a n t i s s u e s ; (1) t h e r m a l r e s p o n s e and t h e r m a l shock r e s i s t a n c e t o 
e x t r a o r d i n a r y h igh h e a t l o a d in a v e r y s h o r t p e r i o d , and (2) r e c r y s t a l l i z a -
t i o n or t h e r m a l a n n e a l i n g fo r l o n g t e rm. S ince most of t h e h i g h Z m a t e r i 
a l s a r e we l l known t o be b r i t t l e a t room t e m p e r a t u r e , t h e r e i s some d o u b t 
a b o u t t h e i r t h e r m a l shock r e s i s t a n c e e s p e c i a l l y for W. If t h e y a r e u sed 
a b o v e d u c t i l e - b r i t t l e t r a n s i t i o n t e m p e r a t u r e (DBTT), h o w e v e r , t h e y may t o l e r 
a t e t h e t h e r m a l s t r e s s . T h e r e f o r e t h e r e s p o n s e t o t h e t h e r m a l shock or 
h igh h e a t l o a d t e s t s h o u l d be examined in t e r m s of o p e r a t i n g t e m p e r a t u r e 
and t e m p e r a t u r e g r a d i e n t in t h e m a t e r i a l . 

In a d d i t i o n , h igh Z m a t e r i a l s m o s t l y p r o d u c e d by powder m e t a l l u r g y 
a r e in some s e n s e u n d e r d e v e l o p m e n t , and a d v a n c e s of p r o d u c t i o n t e c h n i q u e s 
such a s e l e c t r o n beam or a r c m e l t i n g improve m a t e r i a l s p r o p e r t i e s v e r y much. 
Th i s in t u r n f o r c e s us t o r e - e x a m i n e m a t e r i a l s p r o p e r t i e s of t h o s e p r o d u c e d 
by t h e powder m e t a l l u r g y . 

1.2. A p p l i c a t i o n of high Z m a t e r i a l s as a s t r u c t u r e (heat s ink) mater ia l 

A p a r t from t h e PFM use , h igh Z m a t e r i a l s a r e a l s o t h e c a n d i d a t e for 
h e a t s ink or s t r u c t u r e m a t e r i a l s of p l a sma f a c i n g component (PFC) , owing t o 
t h e i r e x c e l l e n t t h e r m a l p r o p e r t i e s and c a p a b i l i t y of c o o l i n g . E s p e c i a l l y , 
t h e i r h i g h e r m e l t i n g t e m p e r a t u r e and h i g h e r t h e r m a l c o n d u c t i v i t y c o m p a r e d 
with s t a i n l e s s s t e e l s , t h e s t a n d a r d s t r u c t u r e m a t e r i a l , make a h i g h e r h e a t 
l o a d as we l l a s h i g h e r t e m p e r a t u r e o p e r a t i o n p o s s i b l e . 

For t h i s a p p l i c a t i o n of t h e h igh Z, a d d i t i o n a l i s s u e s , which a r e 
t h e r m a l s t r e s s due t o l a r g e t e m p e r a t u r e g r a d i e n t b e t w e e n f r o n t s u r f a c e t o 
c o o l i n g c h a n n e l and c o r r o s i o n by c o o l a n t , s h o u l d be t a k e n i n t o a c c o u n t . 
In t h i s r e s p e c t Nb and Ta, b o t h of which do n o t seem s u i t a b l e for PFM due t o 
t h e i r p o t e n t i a l r i s k of h igh t r i t i u m i n v e n t o r y , a r e v e r y good c a n d i d a t e s a s 
a p p e a r e d in t h e i r e x c e l l e n t p e r f o r m a n c e u n d e r w a t e r c o o l i n g c o n d i t i o n s in 
f i s s i o n r e a c t o r s [ 1 2 ] . 

One of t h e a d v a n t a g e s of h igh Z m e t a l s as t h e PFC is t h a t t h e y can be 
u sed as a s i n g l e componen t s e r v i n g as b o t h armor and s t r u c t u r e wi th t h e 
c o o l i n g c h a n n e l . However n o t on ly t h e i r p o o r d u c t i l i t y b u t a l s o h e a v y mass 
make mach in ing and h a n d l i n g v e r y d i f f i c u l t . F u r t h e r w o r s e , n e u t r o n i r r a d i a 
t i o n e n h a n c e s t h e b r i t t l e n e s s wi th t h e i n c r e a s e of DBTT. In most c a s e s , 
t h e r e f o r e , t h e h igh Z armor s h o u l d be b r a z e d to t h e c o o l i n g c h a n n e l and 
t h u s t h e b r a z i n g or a d h e s i o n is a l s o a c r i t i c a l c o n c e r n . Poor w e l d e r b i l i t y 
of t h e h igh Z m a t e r i a l s n e e d s much r e s e a r c h and d e v e l o p m e n t . 

Th i s c h a p t e r i s r e s t r i c t e d t o d a t a of s u r f a c e p r o p e r t i e s of t h e h igh Z 
m a t e r i a l s , mainly Mo and W, for PFM a p p l i c a t i o n s . The b u l k p r o p e r t i e s of Mo 
and M o - a l l o y s , and Nb and N b - a l l o y s a s a s t r u c t u r e m a t e r i a l a r e g i v e n in 
R e f [ 1 3 I 
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2 . MATERIAL PROPERTIES 

2.1. Characterist ics of high Z refractory metals 

High Z r e f r a c t o r y metals have been widely used in vacuum technique as 
h e a t e r s , e l e c t r o d e s , e l e c t r o n emi t t e r s and so on. Most of the ma te r i a l s 
p r o p e r t i e s necessa ry for the vacuum use a re nicely t a b u l a t e d or summarized 
by Espe[3L A comprehensive da ta book for physical and mechanical p r o p e r 
t i e s was publ i shed almost t h r e e decades ago[14L It should be noted, howev
er, those p r o p e r t i e s of high Z metals a re qui te dependent on me ta l l u rg i ca l 
t r ea tment (method of p roduc t ion , machining condi t ion , t empera tu re h i s t o r y , 
e tc . ) and impuri t ies[3] . In addi t ion , dur ing in use at e l e v a t e d t empera tu re s 
high Z metals undergo l a rge changes in the i r mechanical p r o p e r t i e s by r e 
lease of occluded gases, evapora t ion of c o n s t i t u e n t s and r eery s ta l 1 i za t ion . 
A metal which was o r i g i n a l l y work-hardened can fal l below the permissible 
limit of mechanical s t r e n g t h . Hence i t is important to know the p r o p e r t i e s 
of a ma te r i a l , not only as suppl ied, but a f te r any hea t i ng p roces s . Since 
high Z r e f r a c t o r y metals have been produced mainly by powder 
metallurgy(PM), high t empe ra tu r e and p ro longed hea t i ng r e s u l t s in a r e c r y s -
t a l l i z a t i o n or an enlargement of g ra ins which d e t e r i o r a t e s mechanical p r o p e r 
t i e s markedly because of low s t r e n g t h at the boundar ies of the en la rged 
g ra ins . 

To avoid the r e c r y s t a l 1 i za t ion , one can use s ingle c r y s t a l or make 
a l loys . Recent advances in a s i n t e r i ng technique and e l e c t r o n beam or arc 
melt ing enable to make a l a rge s ingle c r y s t a l l i n e poss ib le as well as very 
pure ma te r i a l s . The mechanical p r o p e r t i e s of newly produced ma te r i a l s a re 
sometimes s ign i f i can t ly d i f fe ren t from those for the ma te r i a l s produced by 
the PM. Hence some of da ta base r e f e r r e d he re which a re mostly for the PM 
mate r i a l s must be reexamined with using the new ma te r i a l s . For example, 
one can see how d i f f e r en t ly behave a highly pur i f ied mater ia l and o rd ina ry 
produced PM mate r i a l s under high hea t loading in Ref[15I. 

Until very r e c e n t l y such a high hea t load as more than 50MW/m has 
never been in jec ted to ma te r i a l s . Thus the response of high Z ma te r i a l s to 
the high hea t load is one of the key issues for the i r app l i ca t i on as PFM. 

Alloying is a well-known technique to improve mater ia l p r o p e r t i e s and 
TZM and Mo-Re a l l o y s a re good examples. As a PFM the a l l oy ing elements to 
the high Z must be a lso r e f r a c t o r y ones such like W-Re and W-Mo a l l oys . 
Otherwise the evapora t ion of the a l l oy ing elements at e l e v a t e d t e m p e r a t u r e s 
not only d e t e r i o r a t e s the mater ia l p r o p e r t i e s but a lso contaminates the 
plasma. Hence pure ma te r i a l s may be the f i r s t choice for the PFM. But it 
does not mean to exc lude the a l l oys like TZM as a hea t sink mate r ia l . 
Concerning physico-chemical p r o p e r t i e s necessary for a l l oy ing and for high 
t empera tu re usage one can re fer special i ssues publ i shed by the IEAE for 
Nb[161, Mo[17] and Ta[18L In the following only sur face physical p r o p e r t i e s 
of elemental high Z ma te r i a l s necessary for the PFM use a re summarized. 

2.2. Thermo-physical propert ies 

Temperature dependencies of thermal conduc t iv i ty , thermal expansion, 
vapor p r e s s u r e and evapora t i on r a t e for severa l high Z elements a re 
compared in Figs. 2, 3, 4 and 5, r e s p e c t i v e ly[3,141. Because of the h ighes t 
melt ing point , the lowest vapor p r e s s u r e and evapora t i on r a t e , and the 
l a r g e s t thermal conduc t iv i ty , W is expec ted to be the bes t candida te as a 
PFM. Unfor tuna te ly , however, the poo re s t d u c t i l i t y of W makes the u t i l i -
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za t ion of W bulk very d i f f i cu l t . 
Thermal r ad i a t i on and emissivity, given in Figs. 6 and 7 r e s p e c t i v e l y , 

are also important f a c t o r s for the u t i l i z a t i o n of high Z ma te r i a l s at e l e v a t 
ed t empera tu re s . At very high t empera tu re s , thermal r a d i a t i o n becomes 
la rge and important channel for sur face cool ing, though la rge d i f fe rences 
are seen among the ma te r i a l s as seen in Fig. 7C14L 

Determination of mater ia l t empera tu re by op t ica l emission is one of 
the most important t echnique . But the surface s t a t e (chemical and physical ) 
inf luences the emissivity s ign i f ican t ly and makes an a c c u r a t e t empera tu re 
measurement above 3000K d i f f icu l t . 
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Concerning physica l s p u t t e r i n g , severa l comprehensive da ta books and 
reviews (see for example Ref[ 19-21]) as well as t h e o r e t i c a l es t imat ions 
[20,21] have been a l r eady publ ished. Here only energy dependence of 
physical s p u t t e r i n g of Mo and W are given in Fig. 8. The high t h r e s h o l d 
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(a) Mo (b)W 

ION ENERGY 

Fig. 9 Temperature dependencies of sputtering yield of 
(a)Mo and (b)W by oxygen [24-26] 

energy of hydrogen s p u t t e r i n g owing to the i r high mass is one of the advan
tages of high Z mate r i a l s , whereas the low t h r e s h o l d energy by s e l f - s p u t t e r 
ing could cause impurity accumulat ion in a plasma cen te r by spu t t e r r un 
away. Control of plasma edge t empera tu re below the s e l f - s p u t t e r i n g t h r e s h 
old is a c r i t i c a l issue for the app l i ca t i on of the high Z ma te r i a l s as PFM. 

Different from the physical s p u t t e r i n g , chemical s p u t t e r i n g or e ros ion 
has bas i ca l l y no energy t h r e s h o l d but depends on the t empera tu re of a 
t a r g e t ma te r i a l . Since Mo and W are eas i ly oxidized to form v o l a t i l e oxides 
of MoOg and WOg, enhanced eros ion by the chemical s p u t t e r i n g of oxygen, 
the main impurity in plasma ( severa l %), is one of the concerns like the 
chemical e ros ion of g r aph i t e by hydrogen producing CH4[22L Two i n s t i t u -
tions[23-28] have s tudied the oxygen s p u t t e r i n g of Mo and W. Figures 9(a) 
and 9(b) r e s p e c t i v e l y show energy dependencies of the oxygen s p u t t e r i n g 
y i e lds of Mo[24,25] and WC26] at va r ious t empera tu re s . As c l e a r l y seen the 
eros ion of Mo and W by oxygen is enhanced at in te rmedia ted t empera tu re s 
and high inc ident ene rg ie s but does not exceed s e l f - s p u t t e r i n g , d i f fe ren t 
from carbon eros ion by hydrogen[22L Difference between OH and 0 s p u t t e r i n g 
is r e p o r t e d to be ' smal 1C24L 

At e l e v a t e d t empera tu re s oxygen does not remain on the surface and 
the oxygen s p u t t e r i n g y ie ld at 1900K coinc ides with t h a t of Ne(see Fig. 8). 
In addi t ion, one should note t ha t because hydrogen (even if i t inc ludes 
severa l % of oxygen) r educes the oxides of Mo and W producing v o l a t i l e r^O, 
hydrogen plasma does not allow oxygen to stay on the top surface of Mo 
and W. It is a l so important to note t ha t ca rb ides of Mo and W are thermody-
namically more s t ab l e than the i r oxides at e l e v a t e d t empe ra tu r e s . Since the 
impurity level of carbon in hydrogen plasma is nea r ly the same to t h a t of 
oxygen and the fresh sur face of Mo is r e p o r t e d to have a high g e t t e r i n g 
ac t ion for hydrocarbons[29] , depos i ted carbon on the Mo and W surface does 
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not seem to allow the v o l a t i l i z a t i o n of the i r oxides as a l r eady poin ted out 
by Miggie[30L However no da ta for CO s p u t t e r i n g is a v a i l a b l e . 

The chemical s p u t t e r i n g of Nb and Ta by oxygen is out of concern, 
because the oxides of Nb and Ta a re not v o l a t i l e . But one should keep in 
mind tha t r e a c t i o n s of these high Z metals with water or oxygen at e l e v a t e d 
t empera tu re s (may happen in the acc ident of cool ing channels) r e s u l t in an 
explosion r e a c t i o n which is a very important safety concern as discussed in 
sect ion 3-5. 

2.4. Ref lec t ion 

P a r t i c l e r e f l e c t i o n inc luding e l e c t r o n r e f l e c t i o n is a lso very impor
t a n t fac tor a f fec t ing a sheath p o t e n t i a l in the boundary plasma as well as a 
hea t load to the PFM from the plasma. In Figs. 10(a) and 10(b), r e f l e c t i o n 
coe f f i c i en t s of deu te ron on C and W are compared[31L Ref lec t ion coef f i 
c i e n t s of e l e c t r o n s on W, Fe and C [32] a re given in Fig. 11. Upon a high 
heat load t e s t conducted by an ion beam or e l e c t r o n beam the deposi ted 
energy should be ca r e fu l l y c a l i b r a t e d cons ider ing the energy r e f l e c t i o n 
c a r r i e d by emitted p a r t i c l e s from the sur face . In the plasma machine, 
un fo r tuna t e ly , t h i s ef fect has not been taken account and is left for a 
fu ture work. 

Recent ly hea t loads to the limiter heads of Mo and g r a p h i t e were 
compared in TEXTOR under similar d i scharge condi t ions[8] . But they did not 
show meaningful d i f ference between the two, p robably because the change of 
the limiter mater ia l a lso modified the plasma sheath due to the change of 
r e f l e c t i o n s of ions, e l e c t r o n s , secondary e l e c t r o n emission and so on. 
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Fig. 10 Incident energy dependencies of particle and energy reflection 
coefficients for (a) carbon and (b) tungstent31] 
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2.5. E l e c t r o n emis s ion 

In r e s p e c t of PMI, e l e c 
t r o n e m i s s i o n s , n o t o n l y a 
s e c o n d a r y e l e c t r o n emiss ion 
b u t a l s o a t h e r m i o n i c emis 
s ion , p l a y an i m p o r t a n t r o l e 
for p r o d u c i n g a p l a s m a 
s h e a t h . C o n c e r n i n g t h e d e t a i l s 
of t h e s e c o n d a r y e l e c t r o n 
emiss ion one can r e f e r t h e 
p r e v i o u s reviewC33]. Here on ly 
d a t a for t h e t h e r m i o n i c emis 
s ion a r e g i v e n in Fig . 12. 
R e c e n t l y such t h e r m i o n i c emis 
s ion from g r a p h i t e a t e l e v a t 
ed t e m p e r a t u r e s i s a t t r i b u t e d 
to t h e o r i g i n for p r o d u c t i o n 
of a h o t s p o t in t o k a m a k s 
which r e s u l t s in a c a r b o n 
bloom or c a r b o n c a t a s t r o p h e 
[34] . If h igh Z r e f r a c t o r y 
m e t a l s a r e u sed n e a r t h e i r 
m e l t i n g p o i n t , t h e t h e r m i o n i c 
emiss ion becomes v a r y l a r g e 
( see Fig.12) and may i n f l u e n c e 
t h e b o u n d a r y p l a sma . 

Under v e r y h igh f l u x of 
p l a sma e x p o s u r e , t h e s e c o n d 
a r y e l e c t r o n emiss ion might 
be e n h a n c e d s y n e r g i s t i c a l ly 
with t h e t h e r m i o n i c emiss ion , 
b u t no e x p e r i m e n t h a s b e e n 
done so f a r . 

PMI m a t e r i a l s a r e e x 
p o s e d to v a r i o u s p h o t o n s , X-
r a y s , so f t X - r a y s , and UV 
l i n e s from i m p u r i t i e s and 
s t r o n g v i s i b l e l i n e s from 
e x c i t e d h y d r o g e n a toms in t h e 
p lasma . T h e r e f o r e p h o t o - e l e c 
t r o n e m i s s i o n s must be a l s o 
t a k e n i n t o a c c o u n t . S ince 
t h e r e h a v e b e e n no such 
s t r o n g s o u r c e s of so f t X- r ay 
and UV a s t h e p l a sma , d e 
p e n d e n c e of t h e e l e c t r o n 
emiss ion y i e l d on t h e i n c i d e n t 
p h o t o n e n e r g y h a s n o t b e e n 
examined w e l l . A l t h o u g h 
s u r f a c e i m p u r i t i e s s i g n i f i c a n t 
ly i n f l u e n c e t h e emiss ion 
y i e l d a s s e e n in Fig . 13C35], 
l i t t l e s y s t e m a t i c s t u d y h a s 
b e e n done u n t i l now. 
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3. CHEMICAL EFFECTS/CORROSION 

3.1. Interaction with hydrogen 

Hydrogen adsorp t ion on c lean W surface is the one of the most ex t en 
sively s tudied system in sur face physics[36L The adso rp t ion s i t e s and s t a t e s 
of hydrogen on a c lean sur face of W single c r y s t a l s a re unders tood r a t h e r 
well . Surface adso rp t ion s t a t e s and ene rg i e s in W are summarized in Table 1 

25keV 0 * - * Mo 

67 3K 

3K Imp lan ta t ion 
373 473 573 673 773 673 

T E M P E R A T U R E / K 

Fig. 14 Comparison of thermal desorption spectra taken immediately after 

the implantation at various temperatures[44] 

Table 1. Surface adsorption states and energies along with hydrogen-vacancy 

(H-V) binding energies for WCAfter Ref[45] and references therein) 

Tempera ture [ K ] / 
heating rate [ K s - 1 ] 

P e a k / 
site 

Dissociation 
enthalphy 
[eV] 

A t t empt 
frequency 
[ s ~ l ] 

400 /10 
450 /25 

/ i so thermal 
450 /10 
450 /25 

5 0 0 / 1 0 
550 /25 

/ i so thermal 
500 /10 
550 /25 

550/10 
450 /10 

400 -550 /10 
400 

580 /10 . 
4 0 0 - 7 0 0 / 1 0 
5 5 0 - 8 5 0 / 4 
6 0 0 - 7 0 0 / 1 0 

3 i 
P i 
P i 
P. 
P i 
P i 

3 2 

3 2 

32 

32 

P2 
P2 

3'2 - D V 
H V 
HV 
DmV 
H 2 V 
H m V 
D V 
He ,D m V n 

D m V n 

voids created 
by M e V H + 

0.48 
0.52 
0.49 
0.45 
0.76 
0.58 

0.60 
0.92 
0.83 
0.77 
0.79 
0.71 

1.43 
1.55 
1.54 

< 1.43 
1.38 

< 1.54 

1.2-1.8 

> 1.4 CTDS) 
1.0-1.4 (PA) 

5 X 1 0 " 
1 X 1 0 1 2 

i x i o 1 0 

1 X 1 0 ' 
l x i O 1 3 

1 x i o 1 3 

l x i O 1 3 

1 X 1 0 1 8 

1 X 1 0 1 7 

1 X 1 0 1 6 

1 X 1 0 " 
4X 10 1 3 

1 X 1 0 1 3 

2 X 1 0 " 

1 X 1 0 1 3 

2 x l 0 M 

1 X 1 0 1 3 
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a l o n g with h y d r o g e n - v a c a n c y (H-V) 
b i n d i n g e n e r g i e s [ 3 7 ] . S ince most of 
t h o s e w o r k s h a v e b e e n done a t 

Table 2. Binding energies of hydrogen to 

Host 

Al 
Fe 
Ni. 
Cu 
Zr 
Mo 
Pd 
Ta 

Experiment 
(ion-beam 
analysis) 

0.52 
0.63 
0.44 
0.42 
0.28 
1.03 
0.23 
0.42 

Theory 
(effective-
medium) 

0.52 
0.83 
0.52 
0.37 

0.96 
0.16 

Experiment 
(positrons) 

0.53 

0.58. 0.44 
2: 0.4 

1.4 

sjl .2 

, , „„„,, , . vacancies in metals at low occupancy 
t e m p e r a t u r e s be low 700K and in ( . f t . . r..,-•, an, r o f o p t . . , 

(.Alter I4bj and references therein) 

u l t r a h i g h vacuum with a v e r y l i t t l e 
amount of H2 m o l e c u l e s as a d s o r b a t e , 
t h e r e s u l t s may n o t be d i r e c t l y 
a p p l i c a b l e for fu s ion e n v i r o n m e n t . 

The f i r s t r e e m i s s i o n e x p e r i m e n t 
of h y d r o g e n i m p l a n t e d in m e t a l s 
c o n s i d e r i n g t h e fu s ion a p p l i c a t i o n 
a p p e a r e d i n d e p e n d e n t l y in Russ i a [38 ] 
for Ti, Ni, SS and Ta, and in Eng -
l and t39 ] for SS and Ti . McCracken 
and Eren t ' s [40] made t h e f i r s t d e 
t a i l e d a n a l y s i s on d e u t e r i u m b e h a v i o r 
i m p l a n t e d in Mo. S i m i l a r l y t o 
h y d r o g e n b e h a v i o r in bcc Fe w h e r e h y d r o g e n m i g r a t i o n is i n f l u e n c e d s i g n i f i 
c a n t l y by t r a p p i n g U l ] , a l a r g e amount of h y d r o g e n is t r a p p e d by d e f e c t s , in 
Mo. S ince t h e H-V b i n d i n g e n e r g y in Mo is a r o u n d 1.0eVC42], which is l a r g e r 
t h a n t h a t in Fe of a b o u t 0.6eV ( s e e t a b l e 2), t h e t r a p p i n g e f f e c t s h o u l d a l t e r 
h y d r o g e n b e h a v i o r v e r y much. Reemiss ion anomaly by t h e d e f e c t t r a p p i n g 
in Mo is f i r s t d e m o n s t r a t e d by E r e n t s [ 4 3 ] and c o n f i r m e d r e c e n t l y by T a n a b e 
e t a l . [44L In Fig . 14, one can see s i g n i f i c a n t amount of h y d r o g e n is 
t r a p p e d d u r i n g t h e d e u t e r o n i r r a d i a t i o n a t t e m p e r a t u r e a s h igh as 673K, 
which is n o t e d as a dynamica l h y d r o g e n r e t e n t i o n . Most p a r t of t h e dynamic 
r e t e n t i o n i s , h o w e v e r , immedia te ly r e l e a s e d a f t e r t h e i r r a d i a t i o n [44]. 

H y d r o g e n t r a p p i n g in m e t a l s is r e v i e w e d by Myers e t a l . [ 45 ] and M o e l l -
e r [ 4 7 ] t a k i n g a c c o u n t of t h e fu s ion a p p l i c a t i o n s . Myers e t a l . [ 45 ] summarized 
b i n d i n g e n e r g i e s of h y d r o g e n t o v a c a n c i e s ( T a b l e 2) and l a t t i c e l o c a t i o n of 
d e u t e r i u m t r a p p e d in v a c a n c i e s d e t e r m i n e d by i o n - c h a n n e l i n g a n a l y s i s as we l l 
a s t r a p p i n g e n e r g i e s in v a r i o u s m e t a l s . They a l s o show t h a t e v e n He 
b u b b l e s t r a p h y d r o g e n a s g i v e n in T a b l e 3. Most of t h e work r e f e r r e d in 
t h e s e r e v i e w s a r e c o n c e n t r a t e d t o low t e m p e r a t u r e t r a p p i n g b e c a u s e of t h e 
d e t e c t i o n l imit of h y d r o g e n by t h e ion beam t e c h n i q u e u t i l i z e d . C h a n n e l i n g 
can n o t be a p p l i e d for movab le h y d r o g e n and v e r y low c o n c e n t r a t i o n , t o o . 

Thermal d e s o r p t i o n of h y d r o g e n a d s o r b e d on a s u r f a c e o f t e n o b e y s t h e 
f i r s t or s e c o n d o r d e r d e s o r p t i o n k i n e t i c s . R e l e a s e k i n e t i c s of i m p l a n t e d 
h y d r o g e n , h o w e v e r , i n c l u d e s e v e r a l p r o c e s s such a s t r a p p i n g - d e t r a p p i n g , 
d i f f u s i o n , r e c o m b i n a t i o n and d e s o r p t i o n . For a n a l y s i s of h y d r o g e n b e h a v i o r 
i m p l a n t e d or s u b j e c t e d t o t h e s o l i d , s e v e r a l mode l s c o n s i d e r i n g t h e s e e l e m e t -
na l p r o c e s s e s h a v e b e e n p r o p o s e d and t h e y seem s u c c e s s f u l t o d e s c r i b e t h e 
h y d r o g e n b e h a v i o r in fee m e t a l s such l i k e Ni a s r e v i e w e d in Ref[47L Howev
e r , t h e r e c o m b i n a t i o n c o e f f i c i e n t s d e t e r m i n e d for a p a r t i c u l a r me ta l s c a t t e r 
v e r y w i d e l y , somet imes more t h a n s e v e r a l o r d e r s of m a g n i t u d e , and t h e d a t a 
s c a t t e r i n g is mos t ly a t t r i b u t e d to s u r f a c e i m p u r i t y e f f e c t s . 

For W, Ande r l e t a l . [ 48 ] gave t h e r e c o m b i n a t i o n coef f i c i e n t ( K r ) of 
d e u t e r i u m on W as , 

Kr = 3.2 x 10~ 1 5 e x p ( - 1 1 2 k J / m o l / R T ) m 4 / s . 
However t h e y n o t i c e d t h a t t h e t r a p p i n g a f f e c t s s i g n i f i c a n t l y t h e t r a n s p o r t of 
d e u t e r i u m in W. Even f u n d a m e n t a l c o n s t a n t s of s o l u b i l i t y , d i f f u s i v i t y and 
p e r m e a b i l i t y for h igh Z m e t a l s a r e wide ly s c a t t e r e d as shown in t h e n e x t 
s e c t i o n . 

R e c e n t l y T a n a b e [ 4 9 ] h a s p o i n t e d ou t t h e i m p o r t a n c e of e n e r g y s t a t e s of 
r e l e a s e d h y d r o g e n . In t h e r e c o m b i n a t i o n and t r a p p i n g t h e o r y , h y d r o g e n 
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m o l e c u l e s r e l e a s e d a f t e r r e c o m b i n a t i o n a t t h e s u r f a c e a r e u s u a l l y s u p p o s e d 
t o h a v e t h e same t e m p e r a t u r e to t h e m a t e r i a l s . And a l l t h e o r e t i c a l e s t i m a 
t i o n s of t h e r e c o m b i n a t i o n c o e f f i c i e n t s h a v e b e e n done u s i n g h y d r o g e n s o l u 
b i l i t y and d i f f u s i v i t y in t h e b u l k . But one s h o u l d n o t e t h a t t h e s u r f a c e 
t r a p p i n g is somet imes so d e e p t h a t most of t h e i m p l a n t e d h y d r o g e n r e c o m -
b i n e w i t h o u t any i n f l u e n c e of t h e s u r f a c e t r a p p e d o n e s . In such c a s e t h e 
i m p l a n t e d h y d r o g e n i s r e l e a s e d a t lower t e m p e r a t u r e t h a n t h e d e s o r p t i o n 
t e m p e r a t u r e of t h e s u r f a c e t r a p p e d o n e s and t h e r e l e a s e d h y d r o g e n m o l e 
c u l e s h a v e h y p e r t h e r m a l e n e r g y [ 5 0 L T h e r e f o r e s t u d i e s of t h e e n e r g y s t a t e 
or e n e r g y d i s t r i b u t i o n of r e l e a s e d h y d r o g e n a r e h i g h l y d e s i r a b l e . 

3.2. D i f f u s i v i t y , p e r m e a b i l i t y and s o l u b i l i t y 

H y d r o g e n d i f f u s i v i t y and s o l u b i l i t y in Mo and W a r e summar ized in 
Ref t47] . The p e r m e a b i l i t y of Mo and W a r e shown in F igs . 15(a) and 15(b) 
r e s p e c t i v e l y , and t h e recommended v a l u e s of permeabi l i ty(<I>) , d i f f u s iv i ty (D) 
and so 1ubi 1 i t y (S ) a r e g i v e n by ; 
For Mo, 

O = 1.4 x 10~7 exp ( -60 .3 (kJ /mo l ) /RT) mol(H2)m~3 P a " 1 / 2 

D = 4.0 x 10~8 exp ( -22 .3 (kJ /mo l ) /RT) m 2 / s _ 
S - 3.3 x 10 3 exp ( -38 .0 (kJ /mo l ) /RT) m o l / m " 3 M P a ~ 1 / 2 , 

and for W 
$ = 1.1 x 1 0 - 4 exp ( -275 (kJ /mo l ) /RT) mol(H2)m~ 
D = 4.1 x 1CT7 e x p ( r 7 5 ( k J / i n o l ) / R T ) m 2 / s 
S = 2.7 x 102 exp ( -200 (kJ /mo l ) /RT) mol/m 3MPa 1 / 2 . 

-3 P a - l / 2 
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One should note t h a t these va lues a re determined mostly for the spec i 
men produced by the powder meta l lurgy and a re , t h e r e f o r e , possibly inf lu
enced by t r a p p i n g at defec t s and impuri t ies . In o ther words, the da ta 
s c a t t e r i n g could be a t t r i b u t e d to the d i f ference of the mater ia l used. Only 
the permeation da ta for Mo is r e l i a b l e showing small da ta s c a t t e r ing[51L 
Both the a c t i v a t i o n energy of diffusion and the hea t of so lu t ion of W 
given above seem too high compared with other BCC metals[52], and should 
be reexamined using a highly pur i f ied mate r i a l . 

For hydrogen behavior in Nb and Ta, RefsC41,53] give g r e a t d e t a i l s . 
U t i l i za t ion of these metals as PFM was excluded because of the i r high h y d r o 
gen so lub i l i t y . They could be used, if the ope ra t i ng t empera tu re is high 
enough to avoid the p r e c i p i t a t i o n of hydr ides . Neve r the l e s s hydrogen perme
at ion could be very high, which is a se r ious concern from safety point of 
view. 

Katsu ta e t al.C54] examined neu t ron i r r a d i a t i o n e f fec t on hydrogen 
permeation th rough Mo. The effect was not app rec i ab l e p robab ly owing to 
r a t h e r low damage level compared with the da ta s c a t t e r i n g or due to the 
surface effect and/or bulk t r app ing ex i s t ing p r io r the i r r a d i a t i o n . 
Comparing with carbon ma te r i a l s hydrogen t r app ing effect in metals , e s p e c i a l 
ly at higher t empera tu re s , is be l ieved to be much smaller . 

3.3. Hydrogen embri t t lement 

For such metals in which hydrogen is d issolved exothermical ly (Zr, Nb, 
Hf, Ta ; often r e f e r r e d as exothermic hydrogen occ lude r s or hydr ide formers), 
hydrogen embri t t lement by the p r e c i p i t a t i o n of hydr ides is one of the main 
concern for the i r u t i l i z a t i o n in hydrogen atmosphere as descr ibed above. 
Since hydrogen diffusion in these metals is very rapid, hydrogen uptakes 
both from aqueous co r ros ion by the coo lan t and from the plasma should be 
taken into accountL54L 

Different from the hydr ide formers, Mo and W absorb hydrogen endo-
thermica l ly (endothermic hydrogen occ luder ) and hydrogen embri t t lement by 
the p r e c i p i t a t i o n of hydr ide has not been a se r ious concern . As mentioned 
before the r eery s ta l l i za t ion of Mo and W inf luence mechanical p r o p e r t i e s 
s ign i f ican t ly , the ef fec t of hydrogen (if t h e r e ex i s t s ) may not be s e p a r a t e d 
c l e a r l y . In addi t ion , such a high t empera tu re ope ra t ion , where most of the 
t r apped hydrogen a re r e l ea sed , hydrogen embri t t lement may not happen. 
However, owing to la rge t r a p p i n g capab i l i t y and neu t ron i r r a d i a t i o n which 
p roduces addi t iona l t r a p p i n g s i t e s , the hydrogen embri t t lement of Mo and W 
may have some inf luence via increase of DBTT syne rg i s t i c a l ly with neu t ron 
i r r a d i a t i o n af ter the plasma tu rn off or cool ing phase . More de ta i l of the 
i r r a d i a t i o n effect will be given other i ssues of t h i s volume. 

3.4. Helium t r a n s p o r t / t r a p p i n g 

Helium(He) implanted in high Z ma te r i a l s at lower t empera tu re s is a lso 
s tudied well . And the l a t t i c e pos i t ion of the implanted He is examined by 
channeling[56L The channel ing study is, however, limited to well c r y s t a l l i z e d 
ma te r i a l s and can not be appl ied to heavi ly damaged ones. 

In the ea r l y s tage of a fusion ma te r i a l s s tudy, the surface b l i s t e r i n g 
of the ma te r i a l s by He implantat ion had been ex tens ive ly s tudied.(for in
s tance see [57] and r e f e r e n c e s t he r e in ) . Unfor tuna te ly most of these works 
c o n c e n t r a t e d to the changes of surface morphology and l i t t l e a t t e n t i o n was 
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Table 3. Binding enthalpy for D trapping at He bubbles relative 
to D in solution (After [45] and references therein) 

Host Gas-phase 
equilibrium 
(eV) 

Temperature 
ramp 
(cV) 

Effective-
medium theory 
(eV) 

Exp. chemisorption energy 
minus exp. solution energy 
(eV) 

Al 
F c 
H i 
Mo 
Pd 
Ta 
Stainless steel 
Inconel 

0.81 
0.52 

0.52 
0.78 
0.55 
1.15 
0.29 
0.53 
0.42 
0.45 

0.52 
0.91 
0.66 
0.98 
0.35 
0.69 

0.73 
0.6 
1.3 
0.35-0.43 

paid on t r a p p i n g and migrat ion ene rg i e s of He. Recent ly both p a r t i c l e and 
energy loads to the ma te r i a l s from plasma become so high t h a t surface 
eros ion or evapora t ion is more se r ious than the b l i s t e r i n g . On the o ther 
hand, He atoms in metals which a re i n j ec t ed from plasma, or produced by 
t r ansmuta t ion of t r i t ium or nuclear r e a c t i o n s a t t r a c t much a t t e n t i o n , as 
they degrade ma te r i a l s p r o p e r t i e s very much. The inf luence of such He on 
plasma surface i n t e r a c t i o n s is not s tudied. Only hydrogen r e l e a s e from 
g raph i t e by helium ion bombardment is examined well , for the effect is u t i 
l ized as helium d ischarge c lean ing techn ique . 

Dynamic behavior of He in metals is mostly s tud ied by thermal d e s o r p -
tion, though it is not ana lyzed nor unders tood well . Different from h y d r o 
gen which diffuses in metals in te r s t i t i a l ly, He s t rong ly bounds to vacanc ies . 
After Chernikov[58], the binding (or t r app ing) energy of He-vacancy is 2.8 
and 3.9 eV for Mo and W, r e s p e c t i v e l y . Such high binding ene rg ie s mean 
t h a t He r e l e a s e under thermal deso rp t ion p roces s au tomat ica l ly accompa
nies the modification of m i c r o - s t r u c t u r e and makes ana lys i s very diff icul t [59L 
During thermal deso rp t ion s tud ie s and/or reemission s tud ies of implanted He 
with medium to low energy, b u r s t - l i k e He emission often appeared which is 
be l ieved to be caused by the ex fo l i a t ion of b l i s t e r s (for example, see 
Ref[60]). Bute rs and Beukel[61] have claimed t h a t shallowly implanted He, if 
t r apped at d i s loca t ions , undergoes a rapid pipe diffusion to the nea r e s t 
surface and vanishes without c o n t r i b u t i n g to the measured desorp t ion . 
Never the less , in thermal equil ibrium at very high t empe ra tu r e s , predominant 
i n t e r s t i t i a l migrat ion is to be expec ted . The e f fec t ive migrat ion energy in 
th i s case would be a r a t h e r low value and r e p o r t e d to be 0.2 to 0.3 eV for 
Mo and WC58.62]. 

One should note t h a t He bubbles t r a p hydrogen as seen in Table 3. 
Hydrogen and helium may have syne rg i s t i c e f fec t s on ma te r i a l s p r o p e r t i e s 
but th i s aspec t has not been examined ye t . 

3.5. Corros ion by coo lan t 

The app l i ca t i on of high Z ma te r i a l s as hea t sink ma te r i a l s is out of 
scope of t h i s chap te r and in Ref.[13] one can see da ta base for th i s app l i ca 
t ion. Here only co r ro s ion of the high Z by coo lan t is b r i e f ly reviewed. 
Since aqueous co r ro s ion of Mo and W at high t e m p e r a t u r e s is se r ious con
ce rns , water or water vapor does not seem su i t ab l e for coo lan t for both 
metals . And the coo lan t should be e i t he r He gas or l iquid metals , o t h e r 
wise Mo and W should be b lazed to ano ther hea t sink mater ia l like Cu. 

Comparing with s t a i n l e s s s t e e l s in which Cr, one of the main c o n s t i t u e n t 
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elements, is oxidized by impurity water or oxygen in helium coolan t , Mo and 
W do not seem to be oxidized in very low oxygen p o t e n t i a l owing to the i r 
r a t h e r uns tab le oxide. 

Although binary phase diagrams for l iquid metals (Li and Na) and high 
Z( Nb, Mo. Ta and W) a re not ful ly avai lab le[63], most of the high Z mate r i 
a l s seem compatible with the a lka l i metals . U t i l i za t ion of Nb for t r i t ium 
e x t r a c t i o n in Li[64] r e l i e s on e x c e l l e n t compat ibi l i ty of Nb with Li. It 
should be noted t h a t d issolved oxygen- in a lka l i metals leads to cons ide r a 
ble co r ros ion and mass t r a n s f e r producing molybdates or t u n g s t a t e of the 
a lka l i metals[65L 

4 . BEHAVIOR OF HIGH Z MATERIALS IN PLASMA AND HIGH HEAT LOAD TESTS 

4-1. Results of high heat load t e s t s 

Recent ly ex tens ive s tud ies of high head load or thermal shock t e s t 
have been done for high Z materialsL 15,66-691. Owing to b e t t e r thermal 
p r o p e r t i e s of the high Z ma te r i a l s , t empera tu re inc rease is c l e a r l y lower 
compared with fine gra in g r a p h i t e (nuclear g raph i t e ) when sub jec t to e i the r 

20MW/m^ for 

Weight Loss of Molybdenum 
under 10 cycle EB Heating 

n e u t r a l beam or plasma. Mo block is found to t o l e r a t e with 
severa l seconds without melt ing under a i n e r t i a l cool ing condit ion[15] 

As mentioned e a r l i e r the c ruc ia l issue for the u t i l i z a t i o n of the high Z 
mate r i a l s produced by the powder metal lurgy(PM) is the r e c r y s t a l l i za t ion . 
In the PM-Mo once sub jec ted to high hea t load, the r e c r y s ta l l i za t ion and 
crack p ropaga t ing the boundary between the r e c r y s t a l 1 ized columnar gra in 
zone and remaining g ranu la r gra in region c l e a r l y appeared as shown in 
Ref[151: In addi t ion , cyc l ic hea t i ng will enhances the crack p ropaga t ion due 
to thermal s t r e s s dur ing the cool ing phase. The b r i t t l e n e s s of the high Z 
mate r ia l s , i.e. i n t e r g r anular fr ac ture[70] , might be avoided if the ope ra t i ng 
t empera tu re is kept above 800KC71], which is very r e a l i s t i c condi t ion for the 
f i r s t wall or d i v e r t o r p l a t e s under the normal ope ra t ion condi t ion of ITER. 

In th i s r e s pec t a s ingle c r y s 
t a l seems very a t t r a c t i v e and one 
can not see r ec ry s ta l 1 iza t ion nor 
crack p ropaga t ion even af ter 
surface melting[15L However, the 
la rge s ingle c r y s t a l of W can not 
be eas i ly produced. Recent ly 
Hiraoka et al.[72] have developed 
a new technique to make a la rge 
c r y s t a l by s i n t e r i n g even for W. 

Gaseous impuri t ies also in f lu 
ence the response of the high Z 
m a te r i a l s to high hea t load. One 
can c l e a r l y see surface c r a t e r s 
due to gas r e l e a s e from PM-Mo, but 
not on e l e c t r o n beam melted 
Mo(EB-Mo) and s ingle c r y s t a l of 
EB-Mo (see Fig. 2 in Ref[151). Even 
surface eros ion of a rc -mel ted Mo 
(AM-Mo) is lower than t h a t of the 
PM-Mo under the same n e u t r a l beam 
hea t ing condi t ion [731 as seen in 
Fig. 16. 
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Fig. 16 Comparison of surface erosion 
between PM-Mo and AM-Mo under neutral 
beam heating[73]. (AM means argon 
arc me 11 i ng) 



One of the d i sadvan tages of the high Z is t he i r heavy weight. Al
though the high Z mater ia l can be used as a mono-block PFC serving both 
as plasma facing mater ia l and s t r u c t u r e or hea t sink mater ia l with cool ing 
channel , the u t i l i z a t i o n only as armor t i l e s is much sense than the mono-
block if cons ider ing the i r heavy weight, d i f f icu l ty of machining and lack of 
d u c t i l i t y . Then the high Z armor should be b lazed or welded to the coo l 
ing channel and the b laz ing or welding becomes the c r i t i c a l concern . Re
cen t ly b laz ing of W to Cu is very successfu l ly done and found to sat isfy 
the ITER concep tua l design[68,74]. Poor we lde rb i l i t y of the high Z mate r i a l s 
needs much R&D efforts[75,76L 

4.2. Behvior of high Z materials in plasma 

In e a r l y tokamak exper iments , high Z impurity accumulat ion in plasma 
cen t e r often r e s u l t e d in hollow t empera tu re p r o f i l e s as shown in Fig. 17 due 
to the i r s t r ong r a d i a t i o n ! 1,761. This has been one of the most important 
r easons for excluding high Z elements as PFM. Neve r the l e s s ITER des igner s 
r eques t high Z ma te r i a l s as PFM for the i r a t t r a c t i v e thermo-physical 
p r o p e r t i e s . Accordingly, re -examinat ions of the high Z as PFM are s t a r t e d 
in TEXTORC9.10], ASDEX-UC11], ALCATOR C-Mod[12], and o ther small machines. 
Here some r e c e n t r e s u l t s from TEXTOR are repor ted[9,10,78]. These r e s u l t s 
c l e a r l y ind ica te t h a t the high Z could be used as PFM if they do not accu
mulate in the c e n t e r . In the high Z exper iments of TEXTOR, e l e c t r o n beam 
melted Mo and W were used as a small limiterdOcm long 6cm broad and 5 cm 
high) and i n s e r t e d to the plasma. In a high densi ty ohmic d ischarged 
plasma, accumulat ion of high Z impuri t ies in the plasma cen t e r was observed 
and accompanied the inc rease of c e n t r a l r ad i a t i on as shown in Fig.18. At the 
high densi ty limit i t r e s u l t e d in minor d i s rup t ions . This obse rva t ion is 
very similar to the r e s u l t s r e p o r t e d in e a r l i e r exper iments such as shown in 
Fig.17. 

In a n e u t r a l beam hea ted plasma, in c o n t r a s t , Mo limiter did not inf lu
ence the plasma very much and no anomalies were found in the plasma c h a r a c 
t e r i s t i c s such as e l e c t r o n densi ty , t empera tu re , r ad i a t i on , e t c . and even 
Z J I s tayed cons t an t . A maximum power flux of about 20MW/m could be 
loaded on the Mo limiter which led to the maximum surface t empera tu re 

RADIUS (cm) 

Fig. 17 (a) Hollow temperature profile due to W accumulate 
(b) disappearance with controlled gas puffing[753 
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profiles and accompanied central Fig. 19 Effect of melting of Mo limiter 
peaked radiation in ohmic heated °n TEXTOR plasma parameters[8] 
TEXTOR plasma[76]. 

over 2800K. As a r e s u l t the Mo limiter exh ib i ted local melt ing leaving a very thin 
molten layer without any c r a c k s or se r ious damage. The hea t load is very 
similar to the c r i t i c a l hea t load of Mo melt ing observed in a NBI hea t load 
t e s t descr ibed in the p rev ious section[15L Although a l a rge amount of Mo 
was evapora t ed during the melting, the main plasma did not inf luenced very 
much as seen in Fig. 19. This is a good ind ica t ion t h a t r e l e a s e d high Z 
impuri t ies from the limiter with thermal or very low ene rg i e s ha rd ly en te r 
the main plasma due to the impurity sc reen ing effect in f ront of the 
limiter[78L The sc reen ing effect is t e n t a t i v e l y a t t r i b u t e d to the smaller 
r ad ius of gyromotion of the high Z elements under magnetic f ie ld than 
ioniza t ion length , t ha t is, before ionized to highly charged s t a t e s and e n t e r 
ing into the main plasma, the r e l ea sed high Z impuri t ies a re r edepos i t ed to 
the limiter head by the i r gyromotion[78L 

Recent experiments in Alcator C-ModCll] which uses a Mo d ive r to r have 
ind ica ted t h a t Mo does not accumulate in the main plasma, too . . Since impu
r i t y t r a n s p o r t is highly r e l a t e d to densi ty and t empera tu re p r o f i l e s of 
plasma, more de t a i l ed exper iments are necessary to c la r i fy the u t i l i z a t i o n 
condi t ion of high Z as PFM. 
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5. CONCLUSIONS 

Mater ia ls p r o p e r t i e s of high Z ma te r i a l s for the app l i ca t i on as PFM are 
reviewed. Although PMI da ta for the high Z a re not enough and the i r p o t e n 
t i a l r isk of high r ad i a t i on loss has been a se r ious concern , the high Z are 
very a t t r a c t i v e because of the i r e x c e l l e n t thermo-physica l p r o p e r t i e s . 

It is no doubt t h a t for the app l i ca t ion of the high Z as PFM plasma 
edge t empera tu re s should be below the t h r e s h o l d energy of s e l f - s p u t t e r i n g . 
In addi t ion , low Z impur i t ies like C and 0 should be reduced, not only 
because both a re main impuri t ies in the c u r r e n t tokamaks but a lso most of 
the medium to high Z impur i t ies in the p r e s e n t plasma are produced by the 
s p u t t e r i n g by these low Z impuri t ies . 

When high Z ma te r i a l s produced by powder meta l lu rgy a re sub jec ted to 
an e x t r a o r d i n a r y high hea t load, the r e e r y s t a l 1 i za t ion , c rack ing by thermal 
shock and thermal fa t igue by cyc l i c thermal s t r e s s e s a re main conce rns . 
The app l i ca t i on of a s ingle c r y s t a l can avoid the r e c r y s t a l l i za t ion problems 
but the manufactur ing of a l a rge s ingle c r y s t a l is very d i f f i cu l t . The 
a l loy ing may also reduce the r e c r y s t a l l i za t ion but it au tomat ica l ly i n t r o 
duces an upper limit of ope ra t i on t empera tu re . The b r i t t l e n e s s of the high 
Z could be avoided under high t empera tu re ope ra t i on . 

Recent advances in a s i n t e r i n g technique and e l e c t r o n beam or arc 
melt ing enable to make highly pur i f ied ma te r i a l s as well as a l a rge s ingle 
c r y s t a l . The mechanical p r o p e r t i e s of the newly produced ma te r i a l s may 
differ from those of the ma te r i a l s produced by powder me ta l lu rgy . Hence, 
da ta base r e f e r r e d h e r e , which is mostly for the PM mate r i a l s , must be 
revised . 

Data concern ing hydrogen behavior in Mo and W a re not enough a v a i l 
able nor ful ly r e l i a b l e . Mo and W t r a p la rge amount of hydrogen and the 
hydrogen may cause an embr i t t lement below 800K. Neve r the l e s s these 
d i sadvantages do not r e s t r i c t the u t i l i z a t i o n of the high Z ma te r i a l s as PFM 
above 800K. 

Effects of neu t ron i r r a d i a t i o n from PMI a s p e c t s a re unclear but they 
may not inf luence the PMI s t r o n g l y , in c o n t r a s t to the s igni f icant inc rease 
of DBTT. He in j ec t ed from plasma or produced by nuc lear r e ac t i on and 
t ransmuta t ion a lso enhances the inc rease of DBTT. Unfor tuna te ly , neu t ron 
i r r a d i a t i o n da ta a re mostly for PM ma te r i a l s and more or less nothing ex i s t s 
for the highly pur i f ied ones. Hence, neu t ron i r r a d i a t i o n e f f ec t s must be 
re-examined for newly produced ma te r i a l s . 

In most cases the high Z armor should be b lazed to the cool ing chan
nel or the low Z armor to high Z s t r u c t u r e ma te r i a l s . The re fo re , the b l a z 
ing is a lso an important issue. Poor we lde rb i l i t y of the high Z mate r i a l s 
needs much more R&D e f f o r t s . 

According to r e c e n t high Z limiter exper iments in TEXTOR, accumulat ion 
of high Z impuri t ies in the cen te r of the ohmically hea t ed plasma was 
observed, very similar to the r e s u l t s r e p o r t e d in e a r l i e r tokamak e x p e r i 
ments. The NBI hea t ed plasma, in c o n t r a s t , was not inf luenced very much 
showing no anomalies in the plasma pa rame te r s ( e l e c t r o n dens i ty , tempera
t u r e , r ad i a t ion , e tc . ) Even upon the melt ing of the Mo limiter the plasma 
was not d i s tu rbed by the Mo vapor . This is a t t r i b u t e d to the impurity 
sc reen ing effect owing to the smaller r ad ius of gyromotion of the high Z 
elements than the i r ion iza t ion length . This is a good ind ica t ion for the 
u t i l i z a t i o n of high Z ma te r i a l s . 

In conclus ion, a l though from mater ia l a s p e c t s high Z ma te r i a l s a re much 
more a t t r a c t i v e than low Z one, the high r ad i a t i on p r o p e r t i e s of the high Z 
ma te r i a l s can not be el iminated. There fore much more e f f o r t s to reduce 
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RECOMMENDED PROPERTY DATA FOR MO, NB, AND V-ALLOYS 

R. F. MATTAS 
Argonne National Laboratory 
Argonne, IL 60439 USA 

Abstract: A report summarizing the properties of Mo, Nb, and V-alloys is 
given. The properties include baseline physical properties, baseline 
mechanical properties, and irradiated mechanical properties. 

1. INTRODUCTION 

Refractory metal alloys are candidate structural materials for fusion components; in 
particular for high heat flux components. They generally exhibit low thermal expansion and high 
thermal conductivities with high melting points that are desirable to minimize thermal stresses 
and allow for high heat load compatibility. 

This paper describes property data for pure Mo, Nb, and V and a number of alloys. The 
alloys chosen to report upon are TZM (Mo), Nb-lZr, and V-5Cr-5Ti (and V-4Cr-4Ti) which are 
alloys that have previously received the considerable attention for fusion applications. The 
database for the thermo-physical properties is relatively complete for these materials, whereas the 
database for baseline mechanical properties is moderate, and the databases for irradiation effects 
is relatively sparse for specific properties. Section 2 describes the thermophysical properties; 
Section 3 describes the baseline mechanicial properties; and Section 4 describes the irradiated 
mechanical properties. 

2. THERMO-PHYSICAL PROPERTIES 

The physical properties of Mo, Nb, and V are given in Table 1 [1-6}. 

Table 1 - Physical Properties of Refractory Metals 

Property 

Melting Point (K) 

Boiling Point (K) 

Heat of Fusion (KJ/Kg) 

Heat of Vaporization (KJ/Kg) 

Poisson's Ratio @ 20 C 

Density @ 20 C 

Mo 

2890(1) 

5833(2) 

270 (2) 

5123(2) 

.33 (TZM)(4) 

10.2 (TZM) 

(4) 

Nb 

2740(1) 

4927 (2) 

290(2) 

7490 (2) 

.38(Nb-lZr)(4) 

8.46(Nb-lZr) 

(4) 

V 

2199(1) 

3682 (3) 

410(3) 

8870 (3) 

.37 (5) 

6.2 (V-5Cr-5Ti) 

(6) 
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The variation in vapor pressure with temperature is given in Fig. 1 which indicates 
properties are given in Figs. 2-6 [2,7-11]. The low thermal expansion of Mo coupled with high 
thermal conductivity tends to favor this element for high heat load applications. This advantage, 
however, is offset by the high value of elastic modules such that the thermal stresses in Mo and 
Nb are comparable. Vanadium would be expected to be able to accomodate the lowest heat load 
of these three elements, although it would be considerably better than iron based alloys, either 
ferritic or austenitic steels. 
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FIG. 1. Vapor pressure of Mo, Nb, and V as a function for temperature[l]. 
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FIG. 2. Thermal expansion coefficient of Mo, Nb, and V as a function of 
temperature [7,8,9] 
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FIG. 3. Thermal conductivity of Mo, Nb, and V-5Cr-5Ti as a function of 
temperature [7,8,9]. 
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FIG. 4. Specific heat of Mo, Nb, and V-5Cr-5Ti as a function of temperature 
[7,8.9]. 
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FIG. 5. Dynamic elastic modulus of Mo, Nb, and V-5Cr- 5Ti as a function of 
temperature [4,5,7,10,11]. 
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FIG. 8. Ultimate strength of TZM, Mo-5Re, Nb-lZr, and V-5Cr-5Ti [p4,7,12]. 



3. BASELINE MECHANICAL PROPERTIES 

The baseline tensile properties are shown in Figs. 7-10 [4,7,12]. The Mo alloys are the 
strongest materials but also exhibit the lowest ductibility. The fatigue properties of vanadium 
alloys are shown in Fig. 11 [13,14]. The fatigue properties of powder metallurgy molybdenum, 
stress relieved, are shown in Fig. 12 [15] and the fatigue properties of Nb-lZr are shown in Fig. 
13 [16]. Overall, the vanadium alloys exhibit superior fatigue strength. Fatigue crack growth 
rates of vanadium and Nb are given in Fig. 14 [17,18] which indicates crack growth rates are 
comparable for the different materials. 
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FIG. 9. Uniform elongation of Nb-lZr and V-5Cr-5Ti [4,7,12]. 
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FIG. 10. Total elongation of TZM, Nb-lZr, and V-5Cr-5Ti [4,7,12]. 
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FIG. 11. Fatigue behavior of V-15Cr-5Ti and V-5Cr-5Ti [13,14]. 
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FIG. 12. Fatigue behavior of powder metallurgy Mo, stress relieved [15]. 
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FIG. 13. Fatigue behavior of Nb-lZ Note - plastic strain range rather than total 
strain range [16]. 
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FIG. 14. Fatigue crack growth in Nb and vanadium alloys at low temperatures 
[17,18]. 

The creep behavior of Mo, Nb-lZr, and vanadium alloys are shown in Figs. 15 to 17 
[19,20]. 
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4. IRRADIATED MECHANICAL PROPERTIES 

There is limited information available on irradiation effects on mechanical properties 
making it difficult to draw definite conclusion concerning irradiation behavior. In general, these 
materials will increase in strength and lose ductibility during irradiation, but there is considerable 
scatter in the data. The most complete information available is for the vanadium alloys. The 
changes in tensile properties tend to saturate by about 20-30 dpa. The saturation values of tensile 
properties for V-5Cr-5Ti are shown in Figs. 18 and 19 [21]. It should be noted that the uniform 
elongation saturates at a value of over 8% which means that this alloy will have considerable 
work hardening capability even after high levels of irradiation. 
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ABSTRACT: The mechanical and physical properties of copper alloys are reviewed and 
compared with the requirements for high heat flux structural applications in fusion reactors. High 
heat flux structural materials must possess a combination of high thermal conductivity and high 
mechanical strength. The three most promising copper alloys at the present time are oxide dispersion-
strengthened copper (CU-AI2O3) and two precipitation-hardened copper alloys (CuCrZr and CuNiBe). 
These three alloys are capable of room temperature yield strengths > 400 MPa and thermal 
conductivities up to 350 W/m-K. All of these alloys require extensive cold working to achieve their 
optimum strength. Precipitation-hardened copper alloys such as CuCrZr are susceptible to softening 
due to precipitate overaging and recrystallization during brazing, whereas the dislocation structure in 
CU-AI2O3 remains stabilized during typical high temperature brazing cycles. All three alloys exhibit 
good resistance to irradiation-induced softening and void swelling at temperatures below 300°C. The 
precipitation-strengthened alloys typically soften during neutron irradiation at temperatures above 
about 280°C and therefore should only be considered for structural applications operating at 
temperatures <280°C. Dispersion-strengthened copper may be used up to temperatures in excess of 
500°C. Based on the available data, dispersion-strengthened copper (CU-AI2O3) is considered to be 
the best candidate for high heat flux structural applications. 

1. INTRODUCTION 

High-strength copper-based alloys with high thermal conductivity are considered to be a 
promising class of materials for fusion reactor components which must withstand high levels of heat 
flux. Recent engineering design studies for the international Thermonuclear Experimental Reactor 
(ITER) have proposed copper alloys for the divertor structure and first wall regions. Relatively thick 
walls can be accommodated in the heat sink structure of the divertor or first wall if high-conductivity 
copper alloys are used instead of low-conductivity materials such as stainless steel; the temperature 
drop across a 10 mm plate of a high-conductivity copper alloy exposed to a heat flux of 1 MW/m2 

would be ~30°C. Copper alloys are well known for their high electrical and thermal conductivity, 
excellent resistance to corrosion, ease of fabrication, and good strength and fatigue resistance [1]. 
The manufacturing infrastructure for copper alloys is well established. The worldwide annual 
production (and consumption) of copper exceeds lO1^ kg, with pure copper accounting for more than 
50% of the applications. The annual production of specialized high strength, high conductivity alloys 
such as CuCrZr and CU-AI2O3 is greater than 106 kg. 

Reviews on the unirradiated and irradiated properties of copper alloys are available from several 
different sources [1-6]. The general criteria for selection of a high heat flux structural material are 
summarized in a companion paper in this volume [7]. In the present paper, we will first summarize 
the physical and mechanical properties of copper alloys. Most of the remaining review concentrates 
on several high-strength, high-conductivity copper alloys which have the best mechanical and 
physical properties for fusion reactor high heat flux applications. Critical issues such as fabricability, 
joining, corrosion resistance and radiation effects are discussed. Property data quoted by the 
manufacturers of high-strength, high-conductivity copper alloys have generally been excluded from 
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the present compilation, unless there was insufficient data from independent researchers to establish 
trend lines. 

2. FABRICATION AND PROPERTIES OF COPPER ALLOYS 

Table I summarizes the physical properties of pure copper [1,8,9]. The high thermal 
conductivity of copper (kth~380 W/m-K) is maintained over a wide range of temperatures, making 
this material very useful for high heat flux applications. Since the free electrons in copper are mainly 
responsible for conduction of both thermal and electrical currents, the thermal conductivity and 
electrical resistivity (pe) are conveniently related by the Wiedemann-Franz law, kth pe = L T, where 
T is the absolute temperature and L is the Lorentz number, which has a theoretical value of 2.45xl0-8 

W-Q/K2. Experimental measurements of the Lorentz number for copper indicate that it is slightly 
less than the theoretical value, ranging from 2.23xl0"8 at 0°C to 2.38xl0"8 at 500°C [8]. Electrical 
resistivity measurements can often be performed on specimens designed for another purpose (e.g., on 
neutron irradiated tensile specimens), and the Wiedemann-Franz relationship allows the thermal 
conductivity of copper and copper alloys to be estimated from the resistivity data without making a 
direct measurement of kth-

Whereas pure copper exhibits very high thermal conductivity, the intrinsic strength of copper is 
relatively low. Solid solution additions are generally not effective in increasing the strength of copper 
by a significant amount, and cause a concomitant decrease in thermal conductivity. Two general 
categories of high-strength, high-conductivity copper alloys are commercially available, namely 
precipitation-strengthened and dispersion-strengthened alloys. Since all of the copper alloys under 
consideration for high strength, high conductivity applications contain <3% solute additions, their 
thermophysical properties are the same as those listed for pure copper in Table I to within a few 
percent (except for kth an£i Pe)- Table II summarizes the chemical composition of several 
commercially available high-strength, high-conductivity copper alloys. 

TABLE I. Thermophysical properties of pure copper [1,8,9]. 

Melting temperature 
Boiling temperature 
Heat of fusion 
Heat of vaporization 
Vapor pressure 

density 
coefficient of thermal expansion (a) 

Poisson's ratio (i)) 
Young's modulus of elasticity (E) 
specific heat (Cp) 
thermal conductivity (kth) 
electrical resistivity (pe) 

1083°C 
2567°C 
2.05x105 J/kg 
4.80xl06 J/kg 
l.OxlO-4 Pa @ 850°C 
0.15 Pa @ 1150°C 
8950 kg/m3 @ 20°C 
17.0xl0-6 @ 20°C 

0.345 @ 20°C 
117GPa@20°C 
385 J/kg-K @ 20°C 
391 W/m-K @ 20°C 
17.1 nQ-m @ 20°C 

0.015 Pa @ 1050°C 

20.0xl0-6 @ 500°C 

0.351 @ 500°C 
108 GPa @ 500°C 
431 J/kg-K @ 500°C 
370 W/m-K @500°C 

49.7 nQ-m @ 500°C 
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TABLE n. Chemical composition of commercial high-strength, high-conductivity copper alloys. 

Alloy tradename & manufacturer Alloy type* Composition (wt%) 
Cu-Cr-Zr PH 

MZC (AMAX Copper, Inc.) Cu - 0.8%Cr - 0.15%Zr - 0.04%Mg 
ELBRODUR G (Kabelmetal) Cu - 0.65%Cr - 0.10%Zr 

Cu-Ni-Be PH 
C17510 (Brush Wellman, Inc.) Cu - 1.4 to 2.2%Ni - 0.2 to 0.6%Be 

Oxide dispersion-strengthened Cu DS 
GlidCop AL-15 (SCM Metals) Cu - 0.15% Al as oxide particles (0.28%Al2O3) 
GlidCop AL-25 (SCM Metals) Cu - 0.25% Al as oxide particles (0.46%Al2O3) 
GlidCop AL-60 (SCM Metals) Cu - 0.60% Al as oxide particles (1.12%A1203) 
MAGT 0.05 (Ultram-Golden) Cu - 0.1 %A1 - 0.01 %Hf - 0.03%Ti as oxide particles 
MAGT 0.2 (Ultram-Golden) Cu - 0.1 to 0.4%A1 - 0.01 to 0.1 %Hf -0.03 to 0.14%Ti 

as oxide particles 

precipitation-hardened (PH) or dispersion-strengthened (DS) 

2.1 Room temperature strength and thermal conductivity 

The thermal stress parameter (M) is a useful figure of merit for evaluating the suitability of 
candidate high heat flux structural materials: 

M=Gykth(l-'U)/aE (1) 

where Cy is the yield strength, kth is the thermal conductivity, x> is Poisson's ratio, a is the linear 
coefficient of thermal expansion, and E is Young's modulus. The values of Gy and kth are strongly 
dependent on the particular alloy and thermomechanical processing. Figure 1 shows the range of 
room temperature strengths and conductivities that can be achieved in various copper alloys and Type 
316 stainless steel [1,2,4,5,6,10-21]. The range of possible strengths for a given alloy is due to 
different thermomechanical treatments: cold-worked (CW), cold-worked & aged (CWA), and 
solutionized & aged (SA) conditions. The high strength CuNiBe datum labeled TMT was obtained on 
thin sheet specimens of a high purity laboratory heat [12-14] and may not be achievable in large 
commercial heats. The wrought CU-AI2O3 datum refers to hot extruded (M30 temper) GlidCop AL-
25 plate of 13 cm thickness [1,15]. 

Cold working can greatly increase the room temperature strength of copper without any 
significant change in the thermal conductivity. However, pure cold-worked copper softens due to 
recovery and recrystallization at temperatures above 100 to 200°C [22,23] and is therefore not suitable 
for applications above room temperature. The strength of copper alloys can be significantly increased 
by suitable combinations of heat treatment and cold working. Since the average amount of 
deformation that can be achieved in a thick plate or rod is less compared to a thin strip or wire, the 
strength of these alloys also depends on the product form [1]. For example, the as-consolidated yield 
strength of GlidCop AL-25 CU-AI2O3 alloy varies from 345 MPa for 1 cm plate to 296 MPa for 13 
cm plate thickness [15]. Similarly, the room temperature yield strength of solution quenched and 
aged (TF00 temper) Cu-Cr alloys can vary between 250 and 450 MPa depending On the product form 
and heat treatment conditions [1]. 

Figure 2 compares the room temperature thermal stress parameters of high-strength, high-
conductivity copper alloys and stainless steel. Conventional precipitation-strengthened alloys such as 
Cu-2%Be have high strength but very low thermal conductivity compared to copper, resulting in a 
relatively low thermal stress parameter M. The highest combined strength and conductivity is 
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FIG. 1. Room temperature strength and 
thermal conductivity of copper [1], Cu-Cr-Zr 
[1,5,10,18-20], CuNiBe [1,12-14], Cu-Be 
[1,17], CU-AI2O3 [1,11,15-18], and stainless 
steel [21]. 
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FIG. 2. Comparison of the room temperature 
thermal stress parameter for copper alloys and 
stainless steel. The copper alloy data were 
taken from Table I and Fig. 1. 

achieved in cold-worked copper alloys that contain a uniformly distributed second phase of small 
particles. This is achieved in both precipitation-strengthened (e.g., CuCrZr and Cu-Be-Ni) and 
dispersion-strengthened (e.g., CU-AI2O3) alloys. It can be seen from Fig. 2 that the room 
temperature thermal stress parameter of these copper alloys is more than an order of magnitude higher 
than the corresponding value for stainless steel. 

It is worthwhile at this point to consider in more detail the influence of thermomechanical 
processing on the strength and conductivity of copper alloys. Several studies have shown that the 
yield strength in CuCrZr alloys which have been heat treated for maximum precipitation hardening 
(without cold working) is about 50 to 70% of the peak cold-worked and aged strength [10,24,25]. 
For example, the maximum yield strength in solution quenched and aged CuCrZr is about 350 MPa 
[20,25], whereas cold-worked and aged CuCrZr can have room temperature yield strengths up to at 
least 600 MPa [26]. Figure 3 compares the room temperature tensile curves of AMAX-MZC CuCrZr 
foil in the solutionized & aged condition (SA) and in the solutionized, cold worked & aged condition 
(CWA) [10]. The CWA treatment consisted of solution annealing at 950°C for 0.75 h, water quench, 
90% cold roll, and aging aU00°C for 0.5 h. The SA alloy was annealed at 930°C for 0.75 h, water 
quenched, and aged at 500°C for 1 h. It can be seen that precipitation hardening in the absence of 
cold work produced yield strengths that were only about half of the cold-worked and aged strength. 
The room temperature thermal conductivities deduced from electrical resistivity measurements were 
210 and 230 W/m-K, respectively for the SA and CWA conditions [10]. 

Thermomechanical processing can produce a wide range of strengths and conductivities in 
precipitation-hardened copper alloys [1,2,10,13,14,24,25]. Cold working can produce large 
increases in the alloy strength with only minor degradation in the thermal conductivity. Heat 
treatments which increase the alloy strength generally cause a concomitant decrease in the thermal 
conductivity. Figure 4 shows an example of the variation in room temperature yield strength and 
thermal conductivity that is achievable in Cu-2%Ni-0.4%Be subjected to different schedules of heat 
treatment and cold work [13,14]. The standard cold-work and aging (CWA) treatment produced 
lower strengths than thermomechanical treatment (TMT) consisting of preaging, cold work, and 
reaging. The thermal conductivity in Fig. 4 was estimated from electrical resistivity measurements 
using the Wiedemann-Franz law. Heat treatments which increased the thermal conductivity produced 
corresponding decreases in the alloy strength. Similar tradeoffs between yield strength and thermal 
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conductivity occur for all precipitation-hardened copper alloys. The maximum in the thermal stress 
parameter (which is proportional to the product of the yield strength and thermal conductivity) in 
precipitation-hardened alloys can occur for either high-conductivity or high-strength heat treatments, 
depending on the alloy system. 

Since the copper matrix is intrinsically weak compared to more traditional structural materials 
such as iron- and nickel-based alloys, high-strength, high-conductivity copper alloys are generally 
produced in wrought form. The high dislocation density associated with wrought alloys can be 
pinned by precipitates or oxide particles, thereby producing high strengths. Precipitation-hardened 
alloys can in principle be cast and subsequently heat treated, which is advantageous for structural 
components with complex geometries that would be difficult to machine [20]. However, it must be 
recognized that the strength of the cast and aged alloy will be significantly less than the same alloy in 
wrought form (e.g. Fig. 3). Dispersion-strengthened alloys cannot be cast, since the oxide particles 
would not remain uniformly dispersed in the liquid phase. The wrought alloys can be produced in a 
variety of forms. For example, sheets of dispersion-strengthened copper (CU-AI2O3) are routinely 
available in cross-section sizes up to 6.3 x 50 cm [15], and moderately complex geometries can be 
produced by using suitable dies. It is worth emphasizing that many of the high strengths reported for 
precipitation-hardened and dispersion-strengthened copper alloys were obtained on thin strips which 
had been heavily cold-worked. These very high strengths (>500 MPa) generally cannot be achieved 
in large structural components fabricated from copper alloys, because large components cannot be 
heavily cold-rolled. 

2.2 Effects of annealing and test temperature on the tensile properties 

The remainder of this review concentrates on the three copper alloys that have the best room 
temperature thermal stress resistance (Fig. 2), namely the precipitation-hardened alloys CuCrZr and 
CuNiBe and oxide dispersion-strengthened copper (primarily CU-AI2O3). The optimum mechanical 
properties for the CuCrZr and CuNiBe alloys are produced by aging at temperatures of 320 to 500°C 
for 0.5 to 2 h [10,12,14,24,27]. Therefore, it can be anticipated that these alloys will be susceptible 
to softening after extended exposure to temperatures above 400°C due to precipitate coarsening 
(overagirig) and recrystallization. On the other hand, the oxide particles in dispersion-strengthened 
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FIG. 6. Effect of annealing on the room 
temperature yield strength of GlidCop AL-15 
and AL-60 [11,30-32] and MAGT [33] oxide 
dispersion-strengthened copper alloys. With 
the exception of the data point labeled lOOh, the 
annealing times varied between 0.25 and 10 h. 

copper are thermally stable up to the melting point of the copper matrix and therefore this type of 
copper alloy is inherently resistant to softening [28]. 

Figure 5 shows the room temperature yield strength of CuCrZr alloys following short term (0.5 
to 1 hour) annealing at temperatures between 300 and 750°C [10,19,29,30]. Significant softening 
begins to occur after exposure to temperatures above 400 to 500°C. Similar results have been 
reported for CuCrZr alloys by other researchers using Brinell hardness measurements [25], and this 
alloy has been shown to soften dramatically when aged for 1 h at temperatures above 500°C [e.g., 
24,27]. Vandermeulen et al. [26] reported that annealing at 700°C for 15 minutes reduced the room 
temperature yield strength of CuCrZr from 595 MPa to 210 MPa. According to the data presented in 
Fig. 5, Elbrodur CuCrZr appears to have somewhat better resistance to softening than MZC CuCrZr. 
There is not sufficient annealing data on CuNiBe to determine its softening temperature. However, 
due to the similarity between CuCrZr and CuNiBe regarding precipitation hardening treatment 
temperatures, CuNiBe may be expected to behave similar to the softening trend shown in Fig. 5. The 
observed softening temperature for CuCrZr of 400 to 500°C is significantly higher than that of cold-
worked copper: the corresponding softening temperature for high purity copper is only about 100°C 
[22,23], although small amounts of impurities can increase the softening temperature to 200°C or 
higher [1,22]. Unfortunately, the softening temperature of CuCrZr is too low to prevent significant 
loss of strength during joining by conventional furnace brazing or welding techniques. Conventional 
furnace brazing of copper alloys is performed at temperatures between 600 and 1000°C with typical 
hold times between 5 and 15 minutes. Some of the strength loss induced by the exposure to high 
temperatures can be recovered by subsequent heat treatment. The maximum room temperature yield 
strength that can be expected in a conventional furnace brazed or welded CuCrZr joint following heat 
treatment is the solutionized and aged value of 300 to 350 MPa [10,20,25]. 

The ultimate tensile strength (UTS) of CuCrZr alloys follows a similar softening behavior as the 
yield strength following exposure to temperatures above 400 to 500°C [10,26,30]. The room 
temperature UTS of the as-fabricated alloy is typically 5 to 20% higher than the yield strength, with 
the lowest ratios of ultimate to yield strength occurring in heavily cold-worked (high strength) alloys. 
Following annealing at temperatures above 500 to 600°C, the room temperature UTS is generally 
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-50% higher than the room temperature yield strength. Typical room temperature ultimate strengths 
of the annealed CuCrZr alloys are 300 to 350 MPa [10,26,30]. The total elongation to failure (etot) of 
the CuCrZr alloys increases after high-temperature annealing. Typical as-fabricated values of et0t are 
5 to 15%, with the lowest elongation occurring in the highest strength alloys [10,19,20,26, 30]. The 
room temperature elongation to failure in annealed CuCrZr alloys is generally >25% [10,26,30]. The 
measured reduction in area was >50% for cold-worked & aged MZC CuCrZr [25], which is 
indicative of a very ductile material. 

Figure 6 shows the room temperature yield strength of commercial oxide dispersion-
strengthened copper alloys following short-term annealing at elevated temperatures [11,30-33]. It can 
be seen that these CU-AI2O3 alloys are resistant to softening up to temperatures close to the melting 
point of copper. Grant and coworkers [28] have found that the room temperature hardness of oxide 
dispersion-strengthened copper alloys remained within 5% of its original value following 1 h anneals 
at temperatures as high as 1000°C. Since these alloys do not recrystallize during exposure to 
temperatures as high as 1000°C, the room temperature ratio of the ultimate to yield strength remains 
nearly constant [11,30-33]. The room temperature UTS is typically 10 to 20% higher than the yield 
strength, depending on the amount of cold work induced during fabrication. The measured elongation 
to failure at room temperature in the dispersion-strengthened alloys generally ranges between 10 and 
20% for the as-fabricated alloys and between 15 and 25% for the annealed alloys [11,30-33]. The 
reduction in area at room temperature is >50% in both the as-fabricated and annealed alloys [11,31]. 

Figure 7 shows the yield strength of CuCrZr alloys measured at elevated temperatures [19,20, 
26,34-36]. The room temperature yield strength varied between 350 and 600 MPa, due to different 
thermomechanical fabrication procedures for the alloys. The lowest room temperature strength 
occurred in a cast and aged alloy [20], and the highest strength was produced in an alloy that was cold 
rolled after aging to achieve a 63% reduction in foil thickness [26]. The yield strength of all alloys 
decreased steadily with increasing test temperature, reaching a value of about 250 MPa at 500°C. 
Additional elevated temperature results, which are in good agreement with the average of the data 
shown in Fig. 7, have been obtained on MZC and Elbrodur CuCrZr alloys over the limited 
temperature range of 20 to 200°C [37]. Hot microhardness measurements obtained on CuCrZr alloys 
also exhibit a similar temperature dependence [27]. The typical strength of cast-and-aged Elbrodur 
plate is apparently lower than cast-and-aged tube or block moulds, with reported yield strengths of 
300 and 165 MPa at test temperatures of 20 and 500°C, respectively, for plate material [20]. It is 
worth noting that high amounts of cold work are effective at increasing the room temperature strength 
of CuCrZr alloys. However, these cold-worked alloys suffer the largest decrease in strength with 
increasing test temperature, which may be attributed to the accelerated rate of recrystallization (and 
accompanying softening) that occurs with increasing amounts of initial cold work [22]. 

The ultimate tensile strength of CuCrZr alloys shows a similar dependence on test temperature 
as that shown for the yield strength in Fig. 7 [19,20,26]. The ratio of ultimate to yield strength 
depends on the thermomechanical treatment given to the alloy. For cold-worked alloys, the UTS is 
about 5% higher than the yield strength at room temperature and about 10% higher than the yield 
strength at 500°C [19,26]. For cast and aged alloys, the UTS is about 25 to 35% higher than the 
yield strength at room temperature and about 15 to 20% higher at 500°C [20]. Various studies on 
cold-worked CuCrZr alloys have reported either a decrease [18,19] or slight increase [26] of the total 
elongation to failure (etot) with increasing test temperature between 20 and 500°C. Typical values for 
the uniform and total elongation in the cold-worked alloys for this temperature range are 1 to 5% and 
5 to 15%, respectively [18,19,26]. The typical etot for cast and aged CuCrZr over this temperature 
range is -18% [20]. 

The yield strength of oxide dispersion-strengthened copper alloys measured at elevated 
temperatures is shown in Fig. 8 [16,31,33,38-40]. Most of the data were obtained on GlidCop AL-
15 and AL-20, which have lower strengths compared to the AL-25 and AL-60 alloys [11,15]. The 
room temperature yield strength varied between 300 and 600 MPa, mainly due to different amounts of 
cold work present in the alloys. The lowest room temperature strengths were obtained from as-
wrought plates [16] and from an alloy consolidated from coarse particles that was cold worked 31% 
[39]. The highest strengths were obtained on 80%CW AL-20 [38], 86%CW AL-15 consolidated 
from fine particles [39], and the higher strength MAGT 0.2 alloy [33]. The yield strength of all of the 

169 



600 

500 

400 

a 300 

41 

CM 

200 

100 

to o. 
2 

c 
u 

600 

500 

400 

& 300 

I 200 

100 

0 100 200 300 400 500 600 700 800 

Test Temperature (°C) 

FIG. 7. Yield strength of Elbrodur [19,20,26] 
and Russian [34-36] CuCrZr alloys measured 
at elevated temperatures. 

200 400 600 800 

Test Temperature (°C) 

1000 

FIG. 8. Yield strength of GlidCop AL-15 
[16,31,39,40] and AL-20 [38] and MAGT 0.2 
[33] oxide dispersion-strengthened copper 
alloys measured at elevated temperatures. 

1000 

» 800 

«? 600 
01 

? 400 

M 

6 200 

-Cu-Ni-Be 
-Cu-Cr-Zr. 
•Cu-Al203 

•OFHC Cu 

dispersion-strengthened alloys decreased 
steadily with increasing test temperature. The 
average measured yield strength was about 200 
MPa at 500°C. Additional tensile results on 
GlidCop dispersion-strengthened copper that 
agree with the average of the data shown in 
Fig. 8 have been reported for the temperature 
rangeof20to200°C[37]. 

The ultimate tensile strength of the 
dispersion-strengthened alloys has been 
measured by several researchers at elevated 
temperature [16,31,33,38-40], with results 
that are similar to the yield strength behavior 
shown in Fig. 8. The UTS is about 5 to 15% 
higher than the yield strength at all test 
temperatures. Typical values of the uniform 
and total elongation are 1.5 to 5% and 5 to 
15%, respectively, over the temperature range 
of 20 to 500°C. The total elongation has been 
observed to either decrease [39], increase [38], 
or remain roughly constant [16,31] with 
increasing test temperature. The reduction of 
area has been observed to decrease from -70% 

at room temperature to 10-50% at temperatures between 200 and 800°C for tests performed in air and 
high-purity argon environments [31,40]. The reduction of area at elevated temperatures in these non-
vacuum environments was very sensitive to the strain rate, with the lowest reduction in area occurring 
at low strain rates [31,40]. 

Figure 9 summarizes the effect of test temperature on the yield strength of cold-worked copper 
and the high strength copper alloys CuNiBe, CuCrZr and CU-AI2O3. The data for pure copper were 
taken from refs. [1,41], and the data for CuCrZr and CU-AI2O3 were obtained from an average of the 
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FIG. 9. Comparison of the elevated 
temperature yield strength of cold-worked 
copper and copper alloys. The data were 
obtained from Figs. 7 and 8 and refs. [1,41] 
for pure copper and refs. [37,42] for CuNiBe. 
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data shown in Figs. 7 and 8, respectively. There are only limited data on the elevated temperature 
tensile properties of CuNiBe alloys, with no known data available at test temperatures above 200°C 
[12,37,42]. The most extensive results were presented by Rosenwasser and coworkers [37,42], and 
their data on conventional cold-worked and aged CuNiBe are shown in Fig. 9. Some caution should 
be exercised with these data, since their results are about 100 MPa higher than the yield strength data 
at 20 and 150°C reported by Mollard et al [12] for a similar high-purity alloy. From the data trends 
summarized in Fig. 9, it can be surmised that CuNiBe has superior strength compared to the other 
alloys, at least over the temperature interval of 20 to 200°C. However, it should be kept in mind that 
the relatively low thermal conductivity of this alloy does not yield a superior resistance to thermal 
stress. The elevated temperature yield strength of CuCrZr and dispersion-strengthened copper is very 
similar over the temperature range of 20 to 600°C for these short term (< 1 h) exposures. The 
elevated temperature UTS, etot, and uniform elongation of CuCrZr and dispersion-strengthened 
copper measured during short-term exposures are also comparable. 

2.3 Creep and fatigue properties and fracture toughness 

The maximum stress that can be safely applied to high-strength copper alloys during extended 
operation at elevated temperatures is less than the yield strength measured during short term exposures 
(Figs. 7-9), due to the phenomena of creep and fatigue. Figure 10 compares the mechanical stresses 
which produce creep failure within 100 hours in copper, CuCrZr and CU-AI2O3 during exposure at 
elevated temperatures [1,11,23,39,43]. Both alloys have significantly higher rupture strengths than 
pure copper. The 100 hour rupture strength of both MZC CuCrZr [23,43] and GlidCop AL-15 Cu-
AI2O3 [11] is approximately 300 MPa at 300°C. However, the rupture strength of CuCrZr decreases 
rapidly with increasing temperature above 300°C. Oxide dispersion-strengthened copper has superior 
100 h rupture strengths at temperatures above 400°C. The higher-strength grades of dispersion-
strengthened copper such as GlidCop AL-60 have particularly good stress-rupture strengths. For 
example, the rupture strengths shown in Fig. 10 for GlidCop AL-60 and AL-15 at 400°C are about 
360 and 240 MPa, respectively [11,39]. The impressive creep-rupture strengths of oxide dispersion-
strengthened copper alloys such as GlidCop at elevated temperatures is due to the uniform dispersion 
of thermodynamically stable particles of ~7 nm diameter, which is close to the optimum size for high 
creep strength [44]. 
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The steady-state thermal creep rate in copper, CuCrZr and C11-AI2O3 at temperatures between 
150 and 400°C is shown in Fig. 11 [1,18,23,40,45]. Pure copper creeps readily at low applied stress 
levels. For example, the creep rate of copper at 400°C is nearly 10_4/s for an applied stress of 100 
MPa, and about 10"8/s for an applied stress of only 15 MPa [46]. CuCrZr and oxide dispersion-
strengthened copper alloys can be subjected to much higher stresses at elevated temperature without 
suffering excessive creep. The available data indicate that creep rates of ~5xl0"9/s are produced in 
CuCrZr [23] and oxide dispersion-strengthened copper [33] with applied stresses of about 200 MPa 
at 300°C. Unfortunately, there are not enough data to quantitatively compare the creep behavior of the 
various high-strength copper alloys over the ITER-relevant temperature range of 20 to 400°C. High 
strength copper alloys generally have a threshold stress below which creep deformation is negligible 
[44]. Further study is needed to determine the value of the threshold stress for the various copper 
alloys at temperatures between 20 and 400°C. The creep data reported by Nadkarni [11] suggest that 
the threshold stress at 650°C is about 130 and 190 MPa for cold-worked GlidCop AL-15 and AL-60, 
respectively. The data by Tang et al. [45] indicate that the threshold stress is about 100 MPa for MZC 
CuCrZr tested at 400°C. 

A further factor which must be considered for the precipitation-hardened alloys is that their 
softening behavior at elevated temperatures due to overaging and recrystallization depends on both the 
exposure time and temperature. For example, extrapolation of short-term (0.25 to 100 h) annealing 
results on MZC CuCrZr indicates that the softening temperature is about 410°C for a 100 h exposure, 
but decreases to ~330°C for a 10 year exposure [10,29]. Therefore, although the creep rate or rupture 
strength of precipitation-hardened copper alloys such as CuCrZr may be acceptable at temperatures 
above 300°C during short-term tests, the alloy could become unacceptably soft during extended 
exposure ( » 1 0 0 h) at these temperatures due to overaging and recrystallization. The softening at 
elevated temperatures is accelerated by irradiation or the presence of stress [47]. 

The cyclic fatigue strength of copper alloys generally increases with increasing tensile strength, 
i.e., metallurgical changes which increase the tensile strength of copper alloys also increase the fatigue 
strength. Figure 12 shows the room temperature cyclic fatigue strength of cold-worked pure copper, 
CuCrZr and CuNiBe [1,16,48]. The high-cycle fatigue strength of copper at room temperature is 
about 100 MPa [1,16,49], which is about 1/3 of the yield strength of the starting material (250 to 300 
MPa). The corresponding high-cycle fatigue strength of MZC CuCrZr, with a yield strength of about 
550 MPa, was reported to be 170 MPa [50]. There is a lack of fatigue data on CuCrZr and CuNiBe 
alloys, particularly at high cycles. The room temperature fatigue strengths of Elbrodur CuCrZr and 
Brush-Wellman CuNiBe alloys at intermediate (105) cycles are -280 and 400 MPa, respectively [48]. 
The fatigue strengths of normal and overaged CuNiBe were found to be comparable (-400 MPa) at 
105 cycles, whereas the initial yield strengths were 770 and 570 MPa, respectively [48]. Additional 
low-cycle (<3xl04) fatigue data on CuNiBe have been reported by Rosenwasser and coworkers 
[37,42] using a minimum to maximum stress ratio of R=0. Their fatigue strengths were 200 to 250 
MPa higher than the data reported by Bushnell and Ellis (Fig. 12) for a stress ratio of R=-l [48]. 

The room temperature cyclic fatigue strength of GlidCop C11-AI2O3 is shown in Fig. 13 [16,32, 
48,51,52]. The fatigue data from refs. [48,52] were obtained under stress-controlled conditions, 
whereas the remaining data were obtained under strain-controlled conditions and converted to 
equivalent stress. All of the data were obtained on GlidCop AL-15 except for Singhal et al. [51], who 
examined GlidCop AL-25. The fatigue strengths of AL-15 and AL-25 appear to be comparable at 
intermediate (104 to 106) cycles. The high-cycle fatigue strength of CU-AI2O3 with a yield strength of 
330 MPa is about 175 MPa [16]. Nadkarni [11] reported somewhat higher fatigue strengths for 
GlidCop AL-15 and AL-60 compared to the data shown in Fig. 13 over the range of 3X104 to 2xl07 

cycles. His rotating-bending cantilever beam fatigue measurements indicated fatigue strengths at 
2xl07 cycles of about 205 and 230 MPa for AL-15 and AL-60, respectively. As discussed elsewhere 
[16], this discrepancy may be due to dynamic hysteresis effects associated with the rotating-bending 
beam measurements, or to the higher frequency (167 Hz vs. 1 to 10 Hz) of these measurements 
compared to the intermediate-to-high cycle data shown in Fig. 13. Alternatively, the higher fatigue 
strength may be due to a higher initial yield strength of Nadkarni's material (470 MPa for AL-15). 
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The limited amount of data obtained on CuCrZr 
(Fig. 12) indicates that the room temperature 
fatigue behavior of this alloy is comparable to 
that of Cu-Al203 (Fig. 13). 

There have only been a few studies of the 
fatigue behavior of CuCrZr [18,45,53,54], 
CuNiBe [37,42], and oxide dispersion-
strengthened copper [16,18] at elevated 
temperatures. The high-cycle (>106) fatigue 
strength of GlidCop AL-15 was measured to be 
about 75 MPa at 600°C [16]. Figure 14 
summarizes the fatigue results obtained on high-
strength copper alloys under strain-controlled 
conditions at temperatures between 20 and 
300°C [18,32,37,42,51]. Additional low-cycle 
strain-controlled data have been obtained on 
MZC CuCrZr at 400°C, with the results 
reported only in terms of the plastic strain range 
[45,53]. The low-cycle strain-controlled fatigue 
behavior of CuCrZr and oxide dispersion-
strengthened copper appears to be very similar 
over the temperature range of 20 to 300°C. 

The results by Rosenwasser and coworkers [37,42] suggest that CuNiBe has superior low-cycle 
fatigue properties compared the other copper alloys. There does not appear to be a strong dependence 
on temperature between 20 and 300°C when the data are evaluated according to strain amplitude. All 
of the alloys have comparable or better fatigue properties than pure copper. For example, the fatigue 
lifetime of pure copper tested in the temperature range of 20 to 300°C decreases from about 105 cycles 
to 103 cycles as the total strain amplitude increases from about 0.15% to 0.6% [55,56]. 
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FIG. 14. Strain-controlled cyclic fatigue 
behavior of copper alloys [18,32,37,42,51]. 
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We are not aware of any published measurements of the fracture toughness or fatigue crack 
growth behavior of CuCrZr, CuNiBe, or commercial oxide dispersion-strengthened copper. The 
room temperature fracture toughness of a medium-strength (Gy=250 MPa) Cu-Zr alloy that should be 
comparable to CuCrZr was measured to be an impressive 420 MPaVm, and the tearing modulus was 
440 [57]. The fatigue crack growth rate was also found to be much better than pure copper. On the 
other hand, unpublished measurements on a cold-worked GlidCop AL-15 alloy (Gy=330 MPa) 
indicate that the room temperature fracture toughness was only 20 to 50 MPaVm [52,58], which is 
similar to values for high strength aluminum alloys [59]. 

3. IRRADIATION EFFECTS 

Exposure to radiation generally produces small (<1%) changes in most of the copper alloy 
physical properties such as the specific heat and coefficient of thermal expansion. On the other hand, 
large radiation-induced changes can be produced in the density (void swelling), thermal conductivity, 
and mechanical properties. The radiation stability of high-strength, high-conductivity copper alloys is 
directly linked to the stability of the precipitates or oxide particles. The interface between the particles 
and the copper matrix promotes the recombination of vacancies and interstitials, thereby imparting 
good resistance to void swelling. In addition, the particles are needed to stabilize whatever dislocation 
structure is present and to maintain high strength levels in the alloy. 

Several studies have been performed to investigate the stability of the second phase particles in 
irradiated CuCrZr [60-65], CuNiBe [61,66] and oxide dispersion-strengthened copper [60,61,63,66-
69]. These studies are not in complete agreement regarding the structural stability of copper alloys. 
For example, either precipitate shrinkage [62,63,65] or coarsening [60] has been reported for the Cr 
precipitates in CuCrZr, and other studies [61,64] have found that the precipitates are not affected by 
irradiation. The most detailed studies of particle stability have been performed on irradiated oxide 
dispersion-strengthened copper [63,68,69]. These studies have found that a gradual reduction in 
oxide particle size occurs after irradiation to high doses (>10 displacements per atom) due to ballistic 
dissolution. However, the overall structural stability of the oxide dispersion-strengthened alloys 
remains very good even after damage levels in excess of 100 dpa [65,69,70]. The published 
investigations suggest that the oxide particles in dispersion-strengthened copper have somewhat better 
stability against radiation-induced dissolution than the precipitates in CuCrZr and CuNiBe. 

3.1 Swelling 

Copper alloys are susceptible to radiation-induced swelling due to microscopic void formation at 
temperatures between 180 and 550°C [6,71-74]. Figure 15 shows the temperature-dependent void 
swelling that occurred in copper and a dilute Cu-B alloy following fission neutron irradiation to a 
damage level of about 1.2 dpa (~1.2xl021 n/m2, E>0.1 MeV) at a damage rate of ~2xl0"7 dpa/s 
[71,72]. Void swelling in copper is maximized at intermediate temperatures of 275 to 325°C for this 
damage rate, which is comparable to the damage rate at the first wall of ITER. It can be seen from 
Fig. 15 that significant levels of volumetric swelling (-0.5%) occur in pure copper at a damage level 
as low as ~1 dpa. High dose studies performed on pure copper at temperatures near 400°C indicate 
that the steady-state swelling rate is about 0.5%/dpa [74], although even higher swelling rates have 
been reported [75], Hence, it is obvious that pure copper is not suitable for high fluence (>1 dpa) 
applications at temperatures between ~200 and 500°C due to unacceptable amounts of void swelling. 
Similar steady-state swelling rates have also been observed in simple copper alloys such as Cu-5%Ni 
[76]. 

The CuCrZr, CuNiBe and oxide dispersion-strengthened copper alloys have superior void 
swelling resistance compared to pure copper [4-6,17,18,36,61,67,70,74,76-79]. Figure 16 
summarizes some of the swelling data obtained on these alloys following neutron irradiation to high 
damage levels [74,76,79]. Whereas irradiation to a damage level of 50 dpa near 400°C produces 
radiation-induced density changes near 25% in pure copper and simple copper alloys such as Cu-
5%Ni [74,76], the corresponding density changes in CuCrZr and CU-AI2O3 alloys are generally less 
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FIG. 16. Swelling behavior of CuCrZr, 
CuNiBe and CU-AI2O3 alloys irradiated with 
neutrons at 400 to 430°C [74,76,79]. The 
materials were irradiated in solutionized (S), 
solutionized & quenched (SA) and cold-
worked & aged (CWA) conditions. 

than 2%. Swelling levels below 2% have been maintained in some CuCrZr and Q1-AI2O3 alloys 
irradiated with fast fission neutrons up to a damage level of 150 dpa at 410 to 415°C [74,78]. The 
CuNiBe alloy shows a widely varying swelling behavior, depending on the initial thermomechanical 
treatment [74,79]. The measured swelling in CuNiBe after irradiation to -50 dpa at 410 to 430°C 
varied from about 0.4% for solutionized and solutionized & aged alloys [79] to 3.5 to 14% for 
solutionized & aged and cold-worked & aged alloys [74]. The CuCrZr alloys exhibit a similar, 
although less pronounced, dependence on thermomechanical treatment [74]. Swelling levels between 
0 and 2% have been observed in CuCrZr alloys after irradiation to 50 dpa at ~410°C, depending on 
the detailed manufacturing procedure [74]. Ion irradiation studies performed over a wide range of 
temperatures and damage levels provide further evidence for the good swelling resistance of the 
precipitation- and dispersion-strengthened alloys [10,47,65,66]. Void formation was not observed in 
CuCrZr or MAGT 0.2 dispersion-strengthened copper alloys during ion irradiation up to 150 dpa at 
temperatures between 260 and 600°C [66]. Unfortunately, there are no high dose (>5 dpa) neutron 
irradiation swelling data on CuCrZr, CuNiBe or oxide dispersion-strengthened copper alloys at ITER-
relevant temperatures of 50 to 350°C. Swelling levels between 0.2 and 3% have been reported for 
CuCrZr alloys after neutron irradiation to moderate damage levels of about 4 dpa at 300 to 350°C 
[18,36]. 

The good swelling resistance of precipitation- and dispersion-strengthened copper alloys may be 
attributed to their high dislocation and particle densities, which promote recombination and 
annihilation of the point defects created by neutron irradiation [6]. The best swelling resistance occurs 
in cold-worked alloys which retain their high dislocation density during irradiation. During high-
fluence ion [66] or neutron [61,67,80] irradiation, void formation is initiated in regions of the matrix 
that have recrystallized (leaving a low defect sink density). Unfortunately, the precipitation-
strengthened alloys are susceptible to radiation-enhanced recrystallization [47,81], which is due to a 
combination of radiation-enhanced precipitate overaging and dislocation recovery processes. The 
dislocation recovery and sweeping-up of precipitates by migrating grain boundaries during 
recrystallization can produce a relatively sink-free matrix that is susceptible to void swelling. The 
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susceptibility to radiation-enhanced recrystallization increases with increasing amount of cold work. 
Since solutionized & aged alloys do not have a cold-worked dislocation structure, they will not suffer 
the dramatic microstructural changes associated with recrystallization. Therefore, in some cases 
solutionized & aged alloys may have lower levels of swelling than cold-worked & aged alloys which 
recrystallize during the irradiation. A large part of the swelling resistance of dispersion-strengthened 
copper alloys is due to their thermally stable particles, which impart superior resistance to recovery 
and recrystallization. Since precipitate overaging does not occurjn the oxide dispersion-strengthened 
alloys, they are very resistant to radiation-enhanced recrystallization. 

Further work is needed to determine if the precipitation- and dispersion-strengthened copper 
alloys remain swelling resistant in the presence of fusion-relevant levels of helium transmutation 
products. The helium generation rate in copper irradiated in fission reactors is -0.2 appm/dpa, which 
is more than one order of magnitude smaller than the ITER first wall generation rate of -7 appm 
He/dpa. Spitznagel et al. [66] observed that dispersion-strengthened copper had about four times 
higher swelling (0.8% after 20 dpa) following dual-ion beam irradiation at 30 appm He/dpa compared 
to specimens irradiated without helium coimplantation. The somewhat higher amounts of swelling 
that occurred in the GlidCop AL-15 alloy compared to AL-20 and AL-60 during high-dose neutron 
irradiation (Fig. 16) may be partially due to helium generated via 10B(n,a) reactions with residual 
boron (<200 wt. ppm) in the AL-15 alloy [6,80]. 

3.2 Mechanical properties 

The general effect of neutron irradiation on the mechanical properties of copper can be divided 
into two temperature regimes [6,34,82]. At irradiation temperatures below about 300°C, radiation 
hardening usually occurs along with a reduction in ductility. Radiation-enhanced softening generally 
occurs at irradiation temperatures above 300°C. The radiation hardening at low temperatures is due to 
the creation of a high density of small (<10 nm) dislocation loops and stacking fault tetrahedra. These 
so-called "black spot" defect clusters can increase the room temperature yield strength of annealed 
copper (unirradiated ay~60 MPa) to more than 350 MPa [6,83]. The radiation hardening associated 
with these small defect clusters approaches a saturation level after doses of -0.1 dpa [6,84,85]. The 
stacking fault tetrahedra are thermally unstable at temperatures above about 150°C [6,86]. Therefore, 
the radiation hardening in copper and copper alloys becomes progressively smaller with increasing 
irradiation temperature above ~150°C, and generally becomes insignificant above ~300°C. 

Figure 17 summarizes the available data on the elevated-temperature yield strength of CuCrZr 
following neutron irradiation at temperatures between 100 and 420°C [26,34-36,77,82]. All of the 
yield strength data shown in Fig. 17 were obtained at or near the irradiation temperature on cold-
worked & aged specimens which had initial room temperature yield strengths between -400 and 500 
MPa. The yield strength steadily decreased with increasing irradiation and test temperature, reaching 
a value of about 300 MPa at 300°C and -100 MPa at 400°C. 

It is instructive to compare the temperature-dependent strengths of irradiated and unirradiated 
alloys. Radiation-enhanced recrystallization can produce significant softening in cold-worked copper 
and copper alloys at irradiation temperatures above ~280°C [6,17,18,26,34-36,67,74,77,81,87-90]. 
Figure 18 shows the measured change in yield strength in cold-worked & aged CuCrZr alloys 
following neutron irradiation at temperatures between 100 and 500°C [17,26,34-36,74,77,82,89,90]. 
The figure includes some alloy screening experiments that were tested at room temperature rather than 
at the irradiation temperature. The initial room temperature yield strengths of the CuCrZr alloys varied 
from -400 to 500 MPa, and the irradiation damage levels were between 1 and 150 dpa. Fabritsiev et 
al. [36] have shown that most of the radiation hardening or softening in CuCrZr occurs at relatively 
low neutron doses (<1 dpa). The CuCrZr yield strength was increased by -5 to 25% after irradiation 
at temperatures below 260°C. Conversely, radiation softening occurred and became progressively 
more significant as the irradiation temperature was increased above 280°C. Approximately 80% of 
the initial alloy yield strength was lost after irradiation at temperatures above ~400°C. Similar 
radiation softening has been observed in CuNiBe alloys irradiated at temperatures above 400°C 
[17,74,89]. However, there are insufficient data on CuNiBe at irradiation temperatures below 400°C 
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FIG. 17. Effect of irradiation temperature on 
the yield strength of neutron-irradiated CuCrZr 
alloys [26,34-36,77,82]. The tensile tests 
were performed at or near the irradiation 
temperature. 

FIG. 18. Change in the yield strength of 
CuCrZr alloys following neutron irradiation at 
100 to 500°C [17,26,34-36,74,77,82,89,90]. 
The filled symbols denote measurements made 
at or near the irradiation temperature, whereas 
the open symbols refer to room temperature 
tensile measurements. 
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dispersion-strengthened copper alloys after 
neutron irradiation at 50 to 530°C 
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FIG. 20. Effect of irradiation temperature on 
the uniform (eu) and total (etot) elongation of 
CuCrZr and oxide dispersion-strengthened 
copper alloys [17,18,34-36,80,82,90,92]. 
The tensile data from refs. [18,34-36,82] were 
made at or near the irradiation temperature, 
with the remaining data obtained from room 
temperature tests. 
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[91], so the overall temperature-dependent radiation softening behavior cannot be quantified at this 
time. 

The oxide dispersion-strengthened alloys are very resistant to radiation softening compared to 
the precipitation-hardened alloys. Figure 19 shows the measured change in yield strength in oxide 
dispersion-strengthened copper following neutron irradiation at temperatures between 50 and 530°C 
[17,18,36,78,80,90,92]. The initial room temperature yield strengths ranged from 340 to 500 MPa, 
and the irradiation damage levels were between 1 and 150 dpa with the exception of the 0.04 dpa data 
of Heinisch et al. [92]. The available data are consistent with the CuCrZr results that radiation 
hardening occurs for irradiation temperatures below ~300°C, and radiation softening occurs above 
~300°C. However, the magnitude of radiation softening was much less pronounced in the oxide 
dispersion-strengthened alloys compared to CuCrZr. The radiation softening in oxide dispersion-
strengthened copper was less than 25% even after irradiation at 410 to 430°C to a damage level of 150 
dpa [78] or irradiation at 530°C to a damage level of 32 dpa [80]. 

A loss of ductility is associated with the radiation hardening that occurs at irradiation 
temperatures below about 300°C. The uniform and total elongation of pure copper and Cu alloys are 
strongly reduced after neutron irradiation at temperatures below 250°C [6,18,34,36,82,92,93]. Cold-
worked specimens appear to be particularly susceptible to radiation embrittlement. For example, 
Makin [93] found that 20% cold-worked copper had a total elongation of only ~1 to 2% following 
irradiation near room temperature to an E>1 MeV neutron fluence of 4xl023 n/m2 (-0.04 dpa). The 
corresponding total elongation in copper irradiated without any initial cold work was -16%. Figure 
20 summarizes the uniform and total elongation measured in CuCrZr and oxide dispersion-
strengthened copper alloys following irradiation at temperatures between 50 and 530°C [17,18,34-
36,80,82,90, 92]. Similar temperature-dependent trends have been observed for irradiated CuNiBe 
[17,89,91], but only a few scattered results are available. Both classes of alloys exhibit very low 
uniform elongation (<1%) after irradiation at temperatures below 250°C to damage levels in excess of 
-1 dpa. The corresponding total elongation in this radiation hardening temperature regime varied 
from -1 to 10%, depending on the initial thermomechanical treatment given to the alloy. Irradiation at 
temperatures above 300°C generally produced high uniform and total elongation (>10%). The 
transition temperature between the low- and high-ductility regimes at 275 to 300°C corresponds to the 
transition between radiation hardening and radiation softening (Figs. 18,19). 

The relatively low ductility of the high strength (cold-worked) copper alloys in the ITER-
relevant temperature range of 50 to 300°C may limit the applicability of these alloys for structural 
components. Unfortunately, there are no known published data on the important engineering 
properties of fracture toughness, fatigue strength, and fatigue crack growth rates in irradiated copper 
alloys. Conflicting results have been obtained on the fatigue properties of pure copper after low dose 
(-0.001 dpa) neutron irradiation near room temperature [94,95], although the overall effect of 
radiation on the fatigue strength was small due to the low damage level in these studies. There are no 
known published fatigue results on copper or copper alloys irradiated to damage levels >1 dpa. A 
recent unpublished study indicates that the fracture toughness of GlidCop AL-15 is severely reduced 
following irradiation to -3 dpa at 250°C [58]. Based on the observation that radiation embrittlement 
in the temperature range 50 to 250°C apparently becomes more severe with increasing cold work level 
[93], future irradiation studies should include the medium-strength as-wrought and cast & aged 
alloys. Whereas these alloys have less attractive unirradiated strengths compared to cold-worked 
alloys, it is possible that their irradiated properties may be superior to the cold-worked alloys due to 
higher ductility and work hardenability. 

The presence of insoluble helium generated by transmutation reactions can produce additional 
embrittlement in copper and copper alloys [36,96-98]. However, helium embrittlement is generally 
most pronounced at elevated temperatures, where the overall ductility of irradiated copper and copper 
alloys is high. The threshold temperature for observable helium embrittlement decreases with 
increasing helium concentration [36,98]. For pure copper, the threshold temperature is about 500°C 
for a helium concentration of 2 appm and -350°C for a He concentration of 60 appm. Alloys 
containing precipitates or oxide particles exhibit a significantly higher threshold temperature for 
observable He embrittlement compared to pure copper. For example, the threshold temperature for 
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MAGT 0.2 dispersion-strengthened copper containing 60 appm He is ~900°C [98]. The increased 
resistance to helium embrittlement in the alloys is presumably due to effective partitioning of the 
helium among the numerous particle-matrix interfaces. 

There are only a few published studies of radiation creep in copper [99,100], with no known 
studies on high-strength copper alloys. The magnitude of radiation creep in copper is comparable to 
other FCC metals such as Ni and austenitic stainless steel [99]. An irradiation-creep compliance of 
e/aP=6.2xl0'11/Pa-dpa was obtained on 20% cold-worked copper irradiated with light ions at 
150°C [99], where P is the displacement damage rate and a is the applied stress. 

3.3 Transmutation effects and thermal conductivity degradation 

The high energy neutrons produced in fusion reactors will produce significant concentrations of 
solid and gaseous transmutation products in copper, in addition to causing displacement damage. 
Table m summarizes the calculated displacement damage [101-103] and major transmutation products 
[5,102-106] for copper exposed to typical fusion reactor first wall irradiation spectra. For purposes 
of comparison, the corresponding values for copper irradiated in the EBR-II or FFTF fast fission 
reactors are also included in Table III [102,106]. The displacement damage calculations summarized 
in Table III used the recommended [107] average displacement energy of 30 eV for copper. The 
dominant transmutation products in both fusion and fission reactor spectra are nickel and zinc. The 
transmutation rates (appm/dpa) are lower in the fast fission spectrum for all of the major transmutation 
products. Water-cooled fission reactors produce significantly higher transmutation rates of copper to 
Ni and Zn (up to -5000 and 2000 appm/dpa, respectively) due to thermal neutron reactions, but 
produce similar amounts of Co, Fe, H and He as fast fission reactors [108,109]. Since fast fission 
reactors operate with liquid metal coolants, it is generally not possible to obtain irradiation data at 
temperatures below ~350°C. Water-cooled reactors can provide irradiation data in the ITER-relevant 
temperature range of 50 to 350°C, but spectral shielding of the thermal neutron flux is required for 
high-dose investigations (>1 dpa) to reduce the Ni and Zn transmutation rates to a level comparable to 
the fusion condition. As discussed in the following, the thermal conductivity of copper alloys is very 
sensitive to variations in the solid transmutation rate. Therefore, fission reactor thermal conductivity 
data must be corrected for solid transmutation differences before it can be applied for fusion design 
purposes. 

The transmutation rates in CuCrZr, CuNiBe and oxide dispersion-strengthened copper will 
generally be very similar to the pure copper values given in Table III. The one notable exception is 
CuNiBe, where the Be will transmute during exposure to high energy neutrons (E> 2 MeV) via a 
threshold (n,2n) reaction and subsequent decay to produce two helium nuclei. Transmutation 
calculations indicate that this reaction will produce an additional 7 appm He/dpa in CuNiBe exposed to 
a fusion first wall spectrum and ~5 appm He/dpa in a fission reactor spectrum [109]. 

TABLE III. Calculated displacement damage [101-103] and transmutation products [5,102-106] 
for copper in first wall fusion and fast fission reactor spectra. The dpa calculation for the fusion 
reactor is normalized to a neutron wall loading of 1 MW-yr/m2 = 1 full power year (FPY). 

Damage rate Transmutation rate (appm/dpa) 

Spectrum fdpa/FPY) Ni Zn Co Fe H He 

Fusion 1st wall 15 190 90 7 0.02 40 7 

Fast fission 54 to 73 51 46 0.1 — 7 0.1 
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TABLE IV. Experimental and calculated energies for hydrogen and helium migration (Em), 
formation (Ef), binding energy to vacancies (EVB) and vacancy-solute mutual diffusion (Evm) in 
copper. 

Solute Em (eV) Ef(eV) EvR feV) E„m (eV) Reference 

H 0.40 0.40 0.4 — [113,114,116] 

He 0.6 >2.0 2.1 2.1 [118-120] 

Numerous studies have been performed on the solubility and diffusivity of hydrogen [110-117] 
and helium [118-120] isotopes in copper. Copper and its alloys are an effective barrier to tritium 
permeation compared to other metals such as austenitic stainless steel, due to the very low solubility 
of hydrogen in copper [121]. The solubility of hydrogen in copper is <100 appm at the melting point 
of copper, and ~0.1 appm at 300°C for an external hydrogen partial pressure of one atmosphere [112, 
117]. The combination of low tritium solubility and high tritium diffusivity in copper alloys produces 
a low tritium inventory, which is advantageous for accident scenarios. Table IV summarizes the 
diffusion and solubility data for hydrogen and helium in copper [110-120]. The solubility of 
hydrogen in copper obeys Sieverts Law, i.e. the solubility is proportional to the square root of 
hydrogen pressure. The pre-exponential factor for H diffusion is Do=1.06xl0~6 m2/s [113]. The 
activation energy for bulk permeation of hydrogen through copper is given by E<j>=Em + Ef =0.80 eV, 
with a pre-exponential factor of 8.4xl0"7 mol/(m-s-VPa) [114]. Similar bulk permeation constants are 
obtained for tritium, with the exception that the pre-exponential factor is 4.9x10"7 [114]. In practice, 
the permeation of hydrogen isotopes through copper at temperatures below 400°C is even lower than 
the bulk permeability [115]. The rate limiting step for low temperature hydrogen permeation is 
adsorption of molecular hydrogen at the surface of copper [115]. 

Although the hydrogen and helium produced by transmutation reactions are both insoluble in 
copper, their diffusion behavior creates two different responses. Hydrogen has a low migration 
energy, and its binding energy to traps such as vacancies and voids is -0.4 to 0.6 eV (Table IV and 
ref. [116]). Therefore, hydrogen can diffuse rather easily at temperatures above room temperature 
and generally does not produce observable precipitation. On the other hand, helium has a somewhat 
higher migration energy and is strongly trapped by monovacancies and vacancy clusters. This 
behavior promotes the formation of cavities containing He in irradiated copper. Hydrogen generally 
does not produce any serious alterations in the mechanical properties of oxygen-free copper. 
Hydrogen embrittlement occurs in copper containing excess amounts of oxygen (>0.01%) in the form 
of copper oxide during exposure to hydrogen at temperatures >400°C [38]. 

The solutes created by neutron transmutation reactions (Table III) produce a degradation in the 
electrical and thermal conductivity of copper. Additional radiation-induced processes such as void 
formation and precipitate dissolution can cause further decreases in the conductivity [122-124]. 
However, these contributions in radiation resistant copper alloys are generally small compared to the 
transmutation effects. The overall degradation in the thermal conductivity can be estimated by 
invoking Matthiesson's rule [125] and the Wiedemann-Franz law given in Section 2. Table V 
summarizes experimental measurements of the specific resistivity of the principal solutes produced in 
neutron-irradiated copper, along with theoretical and experimental specific resistivity values for other 
radiation-induced defects [123,125,126]. According to Matthiesson's rule, the individual resistivity 
components can be independently summed to determine the overall resistivity degradation: 

P=Po + pNiXNi + pZnXzn + PCoXCo + •••• (2) 
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TABLE V. Room temperature electrical resistivity contributions to pure copper (atomic fractions) 
[123,125,126]. The solute resistivities are valid for solute concentrations up to 30%, 3%, 1% and 
1% for Ni, Zn, Co and Fe, respectively. 

Solute resistivity (10"8Q-m) Dislocation Stacking fault Frenkelpair 
Ni Zn Co Fe resistivity (Q-m3) resistivity (Q-m2) resistivity (\i£l-m) 

1.12 0.30 6.4 9.3 1.6xl0"25 lxlO"19 1.9 

where p 0 is the electrical resistivity of pure 

copper (17.1 nQ-m at 20°C), and pj and Xi are 
the specific resistivity and atomic concentration 
of solute i. Similar terms can be written for the 
resistivity contribution from dislocation loops 
and network dislocations [123], but these 
terms typically produce less than a 1% increase 
in the resistivity of irradiated copper. Figure 
21 shows the calculated degradation in the 
thermal conductivity of copper due to solid 
transmutations produced by exposure to a 
fusion reactor first wall neutron spectrum 
(Table III). The largest contribution to the 
thermal conductivity degradation is due to Ni, 
followed by Co and Zn. The accumulation of 
solid transmutation products alone causes the 
thermal conductivity of copper to be reduced to 
66% of its initial value after 2 MW-yr/m2 (30 
dpa). Figure 21 also shows the calculated 
change in the thermal conductivity of copper 
alloys with an initial thermal conductivity of 
340 W/m-K (comparable to unirradiated 
CuCrZr and oxide dispersion-strengthened Cu, 
Fig. 1) and 210 W/m-K (comparable to 
unirradiated CuNiBe). The degraded thermal conductivity due to transmutation product formation 
after 2 MW-yr/m2 in these two cases are 237 and 165 W/m-K, respectively. 

Void swelling produces an additional degradation in the thermal conductivity of copper and 
copper alloys [17,18,77,122,124]. Experimental studies [122,124] have confirmed that the void 
swelling contribution to conductivity loss can be described by a simple mixing rule (originally derived 
by Maxwell), p/pm=[( 1+0.5 AV)/(1-AV)], where p m is the matrix resistivity and AV is the volume 
fraction of cavities. This relationship is valid when the average cavity size is larger than the electron 
mean free path in the matrix material, which is -30 nm for pure copper at room temperature. 
Assuming a design limit for radiation-induced swelling of 5%, the corresponding degradation in the 
thermal conductivity beyond that due to solid transmutation effects is 8%. Therefore, void swelling 
produces relatively minor changes in the thermal conductivity of swelling-resistant copper alloys. 

A final factor that influences the thermal conductivity of irradiated copper alloys is the stability 
of the precipitate structure and its interaction with transmutation-produced solute. Experimental 
measurements have shown that the conductivity of neutron-irradiated copper alloys can be larger or 
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smaller than the preirradiation value [17,18,74,77,122,124]. The conductivity increases occur in 
some alloys with initial thermal conductivities below -250 W/m-K, or in precipitation-strengthened 
alloys which were not heat treated to produce maximum conductivity. Radiation-enhanced 
precipitation and aging is the likely mechanism responsible for the conductivity increases in these low-
to medium-conductivity alloys. It has been suggested that complex solute redistribution processes 
may occur in some irradiated alloys, involving the transmutation solute atoms and solute ejected from 
pre-existing precipitates (ballistic dissolution) [70,74,78]. These processes can produce decreases in 
the thermal conductivity of neutron-irradiated CuNiBe that are larger than predicted by Eq. 2 [74]. 
Large decreases in conductivity may occur if a high density of small precipitates are formed during 
irradiation, since this type of microstructure is very effective in reducing the conductivity [127]. 

Several studies have examined the radioactivation characteristics of copper and copper alloys 
exposed to a fusion first wall neutron spectrum [5,105,128]. The overall radiological hazard of 
copper is comparable to other structural materials such as Type 316 austenitic stainless steel [5,128]. 
The alloying elements in the high-strength, high-conductivity copper alloys under consideration for 
fusion reactor applications (Table II) generate a radiation hazard that is similar to pure copper [105]. 

4. JOINING 

Copper alloys can be joined by a variety of techniques, including welding, brazing and diffusion 
bonding [1,129]. Welding is generally not used for joining high-strength copper alloys, however, for 
several reasons. The precipitates in high-strength alloys such as CuCrZr and CuNiBe are subject to 
partial or complete dissolution in the melt layer of the weld joint. Therefore, the entire welded 
component must be solutionized and aged to recover some of the initial precipitation hardening in the 
joint. In addition, very high strengths generally cannot be achieved in the joint region after welding 
since the precipitation-strengthened copper alloys require cold working to attain their optimum 
strength. In some cases it is possible to design the joint region so that it can be cold worked after 
welding [130]. Oxide dispersion-strengthened copper cannot be welded by conventional techniques 
due to aggregation of the oxide particles in the melt layer, which destroys the uniform particle spacing 
that is needed to produce high strength. Recrystallization would also occur in the melt layer. Welded 
GlidCop alloys have been shown to have very poor radiation resistance [70,78,80]. 

Brazing is the most common method for joining copper alloys. Copper alloys are typically 
brazed at temperatures between 600 and 950°C with hold times at the brazing temperature ranging 
from -10 seconds (torch, resistance, or induction brazing) to -10 minutes (furnace brazing). The 
most common brazing filler metals are Cu-, Ag- and Au-base alloys [129]. Oxide dispersion-
strengthened copper has been successfully joined using torch [131,132], furnace [131], resistance 
[134] and induction [133,135] brazing. Due to the high recrystallization temperature of dispersion-
strengthened copper, significant softening does not occur in the base metal at the brazing temperature 
(see, e.g. Fig. 6). On the other hand, precipitation-hardened copper alloys typically soften during 
furnace brazing (ref. [129] and Fig. 5). The amount of softening in the base metal of precipitation-
hardened alloys can be minimized by using torch, resistance or induction brazing, which limit the time 
that the base metal is at high temperature to less than one minute. Alternatively, the brazed component 
can be aged following furnace brazing to recover some of its initial strength. Complete recovery of 
high strength after furnace brazing by heat treatment is rather difficult in practice since the component 
must be heated to a temperature greater than typical brazing temperatures and rapidly quenched to 
create a supersaturation of solute prior to aging. For example, the strength of solutionized & aged 
CuCrZr alloys exposed to a solution anneal temperature of 900°C before aging is about 90% of the 
strength of alloys given a solution anneal at 1000°C [27]. As mentioned previously, the precipitation-
hardened copper alloy would require cold working following furnace brazing in order to achieve the 
optimum strength. 

The fine grain structure of wrought oxide-dispersion-strengthened copper creates problems 
when trying to furnace braze with Ag-base braze alloys [131]. The grain boundary diffusion 
coefficient of Ag in copper is much larger than the bulk diffusion coefficient. Therefore, excessive 
diffusion of silver along grain boundaries can occur during furnace brazing of dispersion-
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strengthened copper. The rapid grain boundary diffusion of Ag can cause the formation of small 
voids in the braze region and poor joint strength. Cold-worked precipitation-hardened alloys have a 
fine grain structure that is similar to dispersion-strengthened copper. However, the precipitation-
hardened alloys suffer recrystallization during the typical furnace braze cycle (with accompanying loss 
of strength). The resultant increase in the grain size during recrystallization minimizes the number of 
grain boundaries available for Ag diffusion, and effectively inhibits Ag depletion in the braze joint of 
precipitation-hardened alloys. The excessive diffusion of Ag from the braze region in furnace brazed 
dispersion-strengthened copper can be prevented by electroplating the joint surfaces with 10 to 50 jxm 
of copper or nickel prior to brazing [131,135]. The large grain boundaries in the plated layer act as a 
barrier for grain boundary diffusion of silver. Alternatively, joints with satisfactory shear strength 
can be obtained in dispersion-strengthened copper with Ag-base braze alloys by torch [131,132] or 
induction [133,135] brazing. 

The highest mechanical strength braze joints in alloys such as oxide dispersion-strengthened 
copper are produced using Au-base braze alloys [131]. The grain boundary diffusion coefficient of 
gold in copper is low enough to prevent excessive depletion of Au from the joint region during 
furnace brazing. Therefore, fine-grained high-strength copper alloys can be furnace brazed using Au-
based alloys without prior electroplating. The measured room temperature shear strength of GlidCop 
AL-15 and AL-25 brazed with Au-Cu filler metals was 200 to 240 MPa [131]. The typical shear 
strength of GlidCop alloys brazed with Ag-base filler metals was 150 to 200 MPa [131,133, 135]. A 
room temperature tensile strength of 380 MPa was measured for a torch-brazed GlidCop AL-15 joint 
prepared with Ag-base foil, and the joint did not fail during fatigue testing up to 80,000 cycles at a 
stress amplitude of 276 MPa [132]. The fatigue strength of brazed copper joints is generally 
comparable to the base metal strength [55,56,132], although lower braze joint fatigue strengths have 
also been reported [133,134]. The ductility of the braze joint is generally much lower than the base 
metal [131,133-135]. Neutron irradiation studies on brazed GlidCop joints are in progress. 
Transmutation calculations indicate that significant burnup of the Ag and Au used in many braze 
alloys would occur in a fusion first wall neutron spectrum [136], which could affect the mechanical 
properties of the braze joint. The calculations indicate that approximately 40% of Ag and 55% of Au 
would be burned up by exposure to a first wall fluence of 2 MW-yr/m2 (30 dpa). 

Joints with high mechanical strength can be produced in dispersion-strengthened copper alloys 
by diffusion bonding. Shear strengths comparable to that of the base metal (-300 MPa) have been 
obtained by applying 5 to 100 MPa pressure for ~1 hour at 900 to 930°C [131,137]. These diffusion-
bonding conditions are similar to the conditions normally employed for the hot isostatic pressure 
consolidation of GlidCop powder billets [131]. Diffusion bonding cannot be used to produce high 
strength joints in precipitation-hardened alloys, since unacceptable softening of the base metal occurs 
during exposure to the high temperatures necessary for effective solid state bonding. An attempt to 
diffusion bond precipitation-hardened Cu-Zr at 500°C produced a low hydrostatic bond strength of 
<17 MPa [138]. 

5. CORROSION 

Copper and its alloys are widely known for their excellent corrosion resistance in water and 
other environments [1,139-141]. Surface corrosion rates below 10 u,m/yr (~1 mg/dm2-day) occur in 
copper exposed to water containing less than 1000 ppm oxygen at room temperature [139]. Pitting 
occurs in copper exposed to water containing high concentrations of CO2. The presence of aqueous 
ammonia causes preferential attack at grain boundaries [139] and stress corrosion cracking in copper 
alloys [140,141]. The corrosion behavior of the three high-strength copper alloys considered to be 
most promising for fusion applications (CuCrZr, CuNiBe and oxide dispersion-strengthened copper) 
should be similar to that of pure copper. However, residual stresses associated with cold working are 
known to increase the susceptibility of copper alloys to stress corrosion cracking [140]. 

Very little is known about the effect of irradiation on the corrosion of copper and copper alloys 
[18,139]. Satisfactory corrosion resistance was observed for several high strength copper alloys that 
were exposed to flowing water (-0.5 m/s) during neutron irradiation near 90°C to a damage level of 
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~1 dpa [18]. The weight loss was about 5 times less in a CuCrZr alloy compared to MAGT 0.05 and 
MAGT 0.2 dispersion-strengthened copper. The possibility of irradiation-assisted stress corrosion 
cracking apparently has not been investigated in copper or copper alloys. 

6. CONCLUSIONS 

Most of the mechanical and physical properties of high-strength copper alloys needed for a 
qualitative evaluation of their suitability for high heat flux structural applications have been measured. 
Three types of copper alloys are commercially available which appear to have suitable properties for 
fusion reactor high heat flux applications: CuCrZr, CuNiBe, and oxide dispersion-strengthened 
copper. Due to the dependence of the physical and mechanical properties of these alloys on 
thermomechanical processing, additional property measurements would be required on specific 
prototypic heats in order to develop a comprehensive set of engineering design data for ITER. There 
are few available data on thermal fatigue, creep, fracture toughness, and near-threshold fatigue crack 
growth rates in high-strength copper alloys. In addition, there is a general lack of data on the effect of 
neutron irradiation on the properties of high-strength copper alloys at ITER-relevant temperatures of 
50 to 350°C. The effects of irradiation on creep, fatigue, fracture toughness and corrosion of base 
metal and joints needs further study. In particular, the ductility reductions associated with neutron 
irradiation at 50 to 250°C needs to be quantified in cold-worked, wrought, and solutionized & aged 
alloys. 

The precipitation-hardened CuCrZr and CuNiBe alloys are susceptible to significant radiation-
enhanced softening during operation at temperatures above ~275°C. Both alloys appear to be 
promising for high heat flux structural applications if the operating temperature can be maintained 
below 275°C. The solutionized & aged strengths should be used for engineering design purposes 
rather than the more commonly quoted cold-worked & aged strengths of these two alloys, since 
joining operations will likely cause recrystallization with accompanying softening. The data base on 
CuNiBe is very limited compared to CuCrZr and dispersion-strengthened copper, which makes it 
difficult to evaluate its suitability for ITER. 

Dispersion-strengthened copper and precipitation-hardened CuCrZr have similar mechanical and 
physical properties at temperatures between 20 and 300°C. Oxide dispersion-strengthened copper has 
a considerable advantage over all precipitation-hardened copper alloys in terms of high temperature 
creep resistance and strength retention after exposure to elevated temperatures. The main 
disadvantages associated with dispersion-strengthened copper are that it is only available in wrought 
form and it cannot be welded. Dispersion-strengthened copper can be satisfactorily joined by brazing 
or diffusion bonding. Considering the published data on mechanical properties (base metal and 
joints), thermal conductivity, and radiation stability, oxide dispersion-strengthened copper appears to 
be the most promising high strength copper alloy for high heat flux structural applications. 
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ABSTRACT 

The behavior of divertor materials during a major disruption in a tokamak reactor 
is very important to successful and reliable operation of the device. Erosion of 
material surfaces due to a thermal energy dump can severely limit the lifetimes of 
plasma-facing components and thus diminish the reactor's economic feasibility. A 
comprehensive numerical model has been developed and used in this analysis, 
which includes all major physical processes taking place during plasma/material 
interactions. Models to account for material thermal evolution, plasma/vapor 
interaction physics, and models for hydrodynamic radiation transport in the 
developed vapor cloud above the exposed surface are implemented in a self-
consistent manner to realistically assess disruption damage. The extent of self-
protection from the developed vapor cloud in front of the incoming plasma 
particles is critically important in determining the overall disruption lifetime. 
Models to study detailed effects of the strong magnetic field on the behavior of the 
vapor cloud and on the net erosion rate have also been developed and analyzed. 
Candidate materials such as beryllium and carbon are considered in this analysis. 
The dependence of divertor disruption lifetime on disruption physics and reactor 
conditions is analyzed and discussed. 

In addition, material erosion from melting of plasma-facing components during a 
tokamak disruption is also a serious problem that limits reactor operation and 
economical reactor lifetime. In particular, metallic low-Z components such as Be 
will be subjected to severe melting during disruptions and edge localized modes 
(ELMs). Loss of the developed melt layer will critically shorten the lifetime of 
these components, severely contaminate the plasma, and seriously inhibit 
successful and reliable operation of the reactor. In this study mechanisms 
responsible for melt-layer loss during a disruption are also modeled and 
evaluated. Implications of melt-layer loss on the performance of metallic facing 
components in the reactor environment are discussed. 

*Work supported by the United States Department of Energy, Office of Fusion Energy, 
under Contract W-31 -109-Eng-38. 



1. INTRODUCTION 

Disruption damage to plasma-facing materials (PFMs) in a magnetic fusion reactor 
is a major concern for safe, successful, and reliable reactor operation. The intense 
deposition of energy (10-200 MJ/m2) over short periods (0.1-3 ms) will cause severe 
surface erosion and melting of these components. If all of the incident energy were to be 
deposited entirely in the PFM, extensive ablation would severely limit the lifetime of the 
divertor plate and critically diminish the economic feasibility of the reactor. The exact 
amount of eroded material is critically important to reactor design and component lifetime 
analysis. In current tokamak machines, Demo and ITER-like heat loads and disruption 
conditions are not achievable. It is therefore necessary to develop a comprehensive 
model that includes all major physical processes occurring during a disruption in order to 
correctly simulate plasma/material interaction in reactor environments and conditions. It 
is expected, however, that the initial wave of the ablated material due to the sudden 
energy deposition will form a vapor cloud in front of the incoming plasma particles, 
thereby reducing the energy flux to facing-material surfaces. This vapor shielding effect 
would then significantly reduce the eroded thickness of these materials and 
consequently prolong its lifetime substantially. Several analyses of this vapor shielding 
effect have been performed [1-7]. Some previous work focused on one or two separate 
areas of the various processes involved during plasma-material interaction. Other work 
has focused separately on issues such as radiation transport [8], simulation experiments 
[9,30], and magnetic field effects [10]. Modeling the detailed and the dynamic interaction 
of plasma particles with the initial ablated material is then quite important because the 
ablated material provides a much-needed shielding layer that protects the PFM from the 
incident plasma particles. 

A recently developed comprehensive model [11-13] has been extensively used in 
the analysis to evaluate PFMs response to disruptions. In this model, three major 
modeling stages of plasma/material interaction were developed with sufficient detail to 
accurately simulate a disruption effect on PFM. Initially, the incident plasma particles 
from the disrupted plasma will deposit part of their energy on the PFM surface. Models 
for particle deposition and material thermal evolution that take into account phase 
change, moving boundaries, and temperature-dependent thermophysical properties, 
etc., were developed to predict the behavior of these components. This initial burst of 
energy delivered to PFM surfaces from the direct impact of plasma particles will cause 
sudden ablation of these materials. As a result, a vapor cloud will be formed in front of 
the incoming plasma particles. Shortly thereafter, the plasma particles will be completely 
stopped in this vapor cloud. Continuous heating of the vapor cloud will ionize, excite, 
and generate photon radiation. The initial plasma particle kinetic energy is therefore 
transformed into radiation energy. Comprehensive models for the hydrodynamics and 
heating of the vapor cloud that shields the original surface were developed for the 
second stage of disruption modeling. Finally, models for radiation transport throughout 
the vapor cloud were developed to estimate the net heat flux transmitted to the facing 
material. It is therefore the dynamics and evolution of this vapor cloud that will finally 
determine the net erosion rate at the end of a disruption. Figure 1 is a schematic 
illustration of the various interaction zones and processes during the plasma/material 
interaction that follows a disruption under the influence of a strong magnetic field. This 
problem requires the solution of three moving boundaries: the vapor front, the receding 
target surface, and the solid/liquid interface. These three moving boundaries are 
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interdependent, and a complete solution should link them dynamically and 
simultaneously. 

INCIDENT 
PLASMA PARTICLES 
(IONS + ELECTRONS) 

Fig. 1. Schematic illustration of various interaction zones during a reactor plasma 
disruption. 

The detailed effects of the strong reactor-environment magnetic field on the 
magnetohydrodynamics of the vapor cloud and on the resulting erosion rate were also 
examined. A two-dimensional (2-D) magnetohydrodynamic model was developed to 
include effects such as magnetic field diffusion, friction forces, and Joule heating of the 
vapor material [12]. Previous analysis of the effect of a strong magnetic field on the 
dynamics of plasma/material interaction were mainly qualitative, used simple 
assumptions, and were not integrated dynamically with other physical processes 
[1,4,15]. Candidate PFMs such as beryllium and carbon were considered in this 
analysis. Disruption lifetime of these materials have been calculated, and dependence 
on characteristics of the plasma/vapor interaction zone and disruption parameters were 
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analyzed. In addition, to evaluate laboratory simulation experiments, a two-dimensional 
radiation transport model has been developed, integrated, and numerically perfected in a 
self-consistent way and with sufficient detail to realistically simulate the effect of small 
size samples on the vapor-cloud dynamics [13]. 

Material erosion from melting of plasma-facing components during a tokamak 
disruption is also a serious problem that limits reactor operation and economical reactor 
lifetime. In particular, metallic low-Z components such as Be will be subjected to severe 
melting during disruptions and edge localized modes (ELMs). Loss of the developed 
melt layer will critically shorten the lifetime of these components, severely contaminate 
the plasma, and seriously inhibit successful and reliable operation of the reactor. 
Mechanisms responsible for melt-layer loss during a disruption are also modeled and 
evaluated [14]. Implications of melt-layer loss on the performance of metallic facing 
components in the reactor environment are discussed. 

2. MODEL SUMMARY 

2.1 Plasma/material Interaction 

The thermal response of the PFM is calculated by solving a time-dependent heat 
conduction equation in one-or two-dimensions [16]. For simplicity, the heat conduction 
equation in the one-dimensional form (y being the direction perpendicular to the surface) 
can be given by: 

3T 
8t 

p c p ^ - = V ( K V T ) + q (y , t ) (1) 

where T is temperature, p is density, cp is specific heat, K is thermal conductivity, and q 
is the volumetric energy deposition rate of the energetic plasma ions and electrons. All 
thermophysical properties are assumed to be a function of local temperature. The 
surface temperature is determined by both the boundary conditions and the evaporation 
process. Specifying the correct boundary condition at the surface requires that the 
incident energy be partitioned into conduction, melting, and evaporation. The boundary 
condition at the surface can then be given by: 

3T 
-K g - (0, t) = qgas + q rad - qevap (2) 

where qgas is the net heat flux from the near-wall vapor zone; qrad is the radiation heat 
flux absorbed at the material surface; and qevap is the evaporated heat flux, as 
determined by the enthalpy of evaporation. The evaporation flux leaving the surface is 
calculated in detail from models developed under nonequilibrium conditions [2,17]. 
Several boundary conditions can be used at the back surface of the material. The 
developed model can also be used to analyze the response of various layers of materials 
such as coating, substrate, and intermediate layers, with each layer having its own 
boundary conditions. This is important in studying the effect of disruption on substrate 
structural materials under certain disruption conditions [18]. 
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The volumetric energy deposition function q (y,t) is calculated, in the condensed 
target material, with detailed models that include the slowing-down physics of plasma 
particles (both ions and electrons) in various target materials [5]. Phase change of 
metallic materials, when temperature exceeds their melting points are calculated using 
previously developed models [19]. 

The net heat flux qgas. due to particle transport from the near-surface vapor to the 
target, is described by a Tree-streaming energy transport term according to [20,21]: 

q g as=a4n i v i 2 k ( T i - T s ) (3) 

where Vj is ion thermal velocity, Tj is ion temperature, Ts is the target surface 
temperature, and a is a collisional modification factor (known as the accommodation 
coefficient a = 0-2) of the free-streaming energy transport. The free-streaming term is 
more important for higher Z-materials such as tungsten, where the vapor near the target 
is quite dense [6]. The electron free-streaming term is neglected because a negative 
potential is assumed at the target surface. 

2.2 Plasma/vapor Interaction 

As direct heating of the PFM continues by the impinging plasma particles, the 
surface temperature rises to the point at which significant ablation begins. The produced 
vapor leaving the surface will accumulate, expand, and interact with incoming plasma 
particles. The continuous deposition of energy in the vapor layer by plasma particles will 
produce intense bulk vapor heating and vapor ionization. The ionized vapor will interact 
with the strong magnetic field, which then limits expansion of the vapor mainly to along 
field lines. Additional heating of the original exposed PFM surface is only from vapor 
thermal radiation, vapor thermal conduction, free-energy streaming, and other enhanced 
plasma radiation losses [11]. 

Vapor expansion into the vacuum vessel under the influence of a strong magnetic 
field is determined by solving the vapor magnetohydrodynamic equations for 
conservation of mass, momentum, and energy: 

f + V(pV) = 0 , (4) 

P ^ + VP = 0 , (5) 

and 

^ + V(EV) + P V V = V[KVT + Q r+Qb] , (6) 
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where V is vapor velocity, p is vapor density, E is energy, P is pressure, K is vapor 
conductivity, Qr is radiation flux, and Qb is the incident particle-energy flux from the 
disrupting plasma. All variables of these equations are both time- and space-dependent. 
The vapor plasma, once ionized, is assumed to move freely along magnetic field lines (r-
direction), as shown in Fig. 1. One needs to solve the vapor equation of motion in two 
directions; along and perpendicular to the divertor surface. The radiation transport 
equations are not directly affected by the magnetic field and can be solved in one or two 
dimensions. 

The vapor equation of motion in a strong magnetic field environment can be written 
as: 

d2r 
dl2" 

= - V P + J x B , (7) 

where r is distance along field lines, J is vapor current density, and B is magnetic flux 
density. The induced magnetic force J x B acts as a retarding force to vapor expansion. 
This force mainly acts in the perpendicular direction to magnetic field lines. The 
magnetic force is assumed to be composed of a magnetic pressure force, Fm, and a 
friction force, Fc, due to the curvature of the magnetic field lines, where: 

F m = ^ V B 2 , (8) 
M-o 

and 

1 B2 

where \i0 is free-space permeability and Rc is the radius of curvature of magnetic field 
lines. The current density, J, is given by: 

J = — V x B . (10) 

The solution of the magnetohydrodynamic vapor equation of motion takes into 
account magnetic field diffusion in the vapor cloud. The variation of the magnetic field 
with time can be written as: 

4 - = - - V x { £ + V x B } , (11) 
dt m 

and 

e - f 02) 
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where 8 is the induced electric field and a is vapor conductivity. For a weakly ionized 
low-temperature, high-density vapor-plasma, the conductivity is given by: 

c = ^ ^ - x (13) 
me 

where ne is density, e is charge, me is mass of the electron, and x is the vapor plasma 
collision time. The above equations are solved in 2-D coordinates, i.e., along and across 
the magnetic field lines. The solution is then transformed to the x (along divertor 
surface) - y (normal to divertor surface) coordinates, as shown in Fig. 1. Joule heating of 

the vapor cloud, which is given by J2/a, is also taken into account in these calculations. 

2.3 Radiation Transport 
After enough vapor accumulates in front of the incoming plasma particles, the 

plasma particles are then completely stopped in the vapor cloud, heating and ionizing it. 
Continuous deposition of incident plasma energy in the vapor will cause the vapor to 
radiate photons. The transport of these photons in the vapor layer is very important in 
determining the fraction of plasma energy transmitted to the PFM and subsequently 
determining the final erosion rate and lifetime of these components. It is then quite 
important to correctly model the radiation transport for a wide range of vapor conditions. 
For quasistationary conditions, the transport equation for the radiation has the form: 

QVlv=ev-kvlv, (14) 

where lv is radiation intensity, x> is frequency, ev is vapor emissivity, n is the solid angle, 
and kv is the absorption coefficient. Several methods are available for solving radiation 
transport equations. The most appropriate, however, is the so-called forward-reverse 
method [22]. This method is more appropriate in treating and describing both optically 
thick and optically thin plasma conditions. Other popular methods, such as the diffusion 
approximation are valid only for optically thick plasma and should not be where the vapor 
is optically thin, particularly for low-Z PFMs. The forward-reverse method treats the 
photon flux moving to the right (forward) i+ separately from the photon flux moving to the 

left (reverse) i^. For simplicity, in the one-dimensional (1-D) case the radiation fluxes in 
the forward and reverse direction are calculated for each vapor zone as: 

- ^ - = e - I 1 (15) 
2 dy v v ' K '• 

where y is the perpendicular distance in the vapor zone above the surface. In the two-
dimensional (2-D) case, the magnitudes of the forward and reverse photon fluxes for 
each vapor zone are controlled by the solid angle subtended by the exposed disrupted 
area and the distance from this area to this vapor zone. Lateral escaping radiation fluxes 
can be quite high and can affect both vapor hydrodynamics and the resulting erosion 
rates particularly for smaller exposed surfaces. 
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In these calculations, the radiation fluxes are composed of two separate 
components, the continuum radiation flux i and line radiation flux i^ , so that: 

Therefore, the most intense lines are treated separately using the Collisional Radiative 
Equilibrium (CRE) method. A set of rate equations is solved for the populations of each 
individual atomic level. The less intense lines are combined with the continuum 
radiation. The most intense lines are usually <100 lines for each of the beryllium and 
carbon materials. Each line is approximated by about 10-20 photon energy groups, 
depending on line shape and width. Doppler and Stark broadening of the lines of 
radiation are taken into account as a function of vapor temperature and density for each 
vapor zone. Multigroup approximations (1000-4000 photon groups) were used for the 
continuum solution of the above equations. Plank averaging was used for the optically 
thin regions, whereas Rosseland averaging was more preferred for the optically thick 
regions [23]. Opacity and emissivity data are provided in the form of tables for a wide 
range of expected vapor densities and temperatures. The rate of energy loss due to 
radiation Qr in each vapor zone can then be given by: 

Qr=-S1 )V-( lJ + I-). (17) 

3. VAPORIZATION EROSION 

The models described above, including that for the effect of a strong magnetic field 
on vapor cloud hydrodynamics, are implemented in a new optimized version of the 
computer code A*THERMAL-S [2,13]. Thermal quench time during the disruption is 
assumed in this analysis to be 100 u,s. Other disruption times can easily be used. 
Calculations for radiation transport and vapor magnetohydrodynamics are extended up 
to 10 |is beyond the disruption time to realistically simulate a situation where the vapor 
and the radiation flux cannot immediately disappear just after the disruption. Disruption 
energy densities of 10-100 MJ/m2 are used in this analysis. The effect of both plasma 
electrons and ions, with different kinetic energies, on the net erosion rate was 
investigated [11]. The effect of a strong magnetic field on the vapor magnetic 
hydrodynamics and on the resulting erosion rate was also studied [12]. Detailed effects 
of radiation transport in the vapor-cloud such as lines and continuum radiation spectra as 
well as 2-D effect of the radiation transport in the vapor cloud on vapor hydrodynamics 
and on net erosion were discussed [13]. The main results of these studies are 
summarized below. 

3.1 Effect of Plasma Parameters 

Figure 2 shows the time evolution of beryllium surface temperature, melt layer 
thickness, and eroded thickness for a disruption with 20 keV plasma electrons and 10 
MJ/m2 energy density. The sudden early rise in surface temperature is due to direct 
electron energy deposition in beryllium. The following decrease in the beryllium surface 
temperature was caused by the shielding effect of the eroded material above the 
beryllium surface. The flat temperature behavior during the rest of the disruption was 
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mainly due to the low generated radiation heat flux in this case. The net ablation erosion 
rate for the given disruption conditions is about 4 urn, which is substantially lower (more 
than 25 times lower) than that without the shielding effect [19]. 

Fig. 2. Change in beryllium surface temperature, melt layer, and eroded thickness with 
time, following exposure to plasma electrons. 

Figure 3 shows the relationship of beryllium solid-liquid-vapor temperatures to 
distance at two times, i.e., 10 \is and 100 us, during the disruption. At an early time (10 
|xs) the solid temperature was higher than at later times because of the direct deposition 
of plasma electrons. The temperature of the vapor layer at that time was relatively low 
(=1 eV) and the vapor layer only expanded to about 3-4 cm above the surface. At longer 
times, towards the end of the disruption, the solid-liquid temperature was lower because 
only a small fraction of the radiation energy was deposited on the surface. The vapor 
had then expanded to distances up to 70 cm above the surface and reached a 
temperature of = 4 eV. 

It is still uncertain, however, what the plasma-particle kinetic energy will be at the 
divertor plate during a disruption. Estimates range from several keV down to a few 
hundreds eV. Figure 4 shows the effect of plasma-electron kinetic energy on the erosion 
rate. Particles with higher kinetic energy usually penetrate the target to a greater depth 
and result in more erosion rate. However, because more material is eroded by high-
energy particles, the vapor, being optically thick in this case, will have a lower 
temperature and, consequently, emits less radiation flux toward the PFM. This is evident 
from the slope of ablated thickness in Fig. 4. Particles with lower kinetic energy erode 
less material and, for the same energy density, result in higher vapor temperatures and 
thus higher radiation fluxes. The effect of plasma-particle kinetic energy is, however, 
less of a factor in the case of an oblique and a strong reactor magnetic field. 
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Figure 5 shows the change in temperature of the beryllium vapor front. It can be 
seen that, in the case of 20 keV plasma electrons, because of both the long range and 
the large mass of the eroded material, the temperature of the front vapor is only « 3 eV. 
Particles with lower kinetic energy deposit their energy near the vapor front which results 
in higher front vapor temperature. This means that the vapor ionization rate is higher. 
Higher ionization rate means more free vapor electrons, which, in turn, result in a much 
shorter range of plasma electrons in the vapor because of their additional stopping 
power, etc. This is the main reason why the 1 and 10 keV incident plasma electrons 
exhibit the same front vapor temperature, of = 15 eV, halfway through the disruption. 
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Fig. 5. Change in beryllium-vapor front temperature with time. 

The difference between the effect of plasma electrons and plasma ions, with similar 
kinetic energy on the beryllium erosion rate is also studied. Basically, ions with higher 
kinetic energy (20 keV) behave in a manner similar to that of electrons with lower kinetic 
energy (1 keV), where the front vapor zone is heated to higher vapor temperatures and 
results in some radiation flux reaching the PFM surface. This is due to the fact that ions 
have a much shorter range than electrons with the same kinetic energy. Ions then 
produce less erosion than electrons with similar kinetic energy as clearly shown in Fig. 6. 
However, plasma ions exhibit a much larger momentum than electrons, a circumstance 
that tends to confine the vapor plasma closer to the PFM surface. 

The energy density reaching the divertor plate during a disruption can be much 
higher than 10 MJ/m2 because of the high plasma-energy content. This can also occur if 
the plasma deposits its energy only on parts of the toroidal divertor plate. Figures 7 and 
8 show the effect of higher energy densities (up to 100 MJ/m2) on the erosion rate of 
carbon and beryllium respectively. An order of magnitude increase in energy density 
results in an increase of only « 30 - 40% in erosion rate. This is mainly because most of 
the incident plasma-energy heats only the front regions of the vapor, as shown in Figs. 9 
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and 10 for carbon and beryllium respectively. This means that most of the radiation flux 
is emitted in a direction away from the PFM. It can also be seen that, for the same heat 
flux, carbon erodes more than beryllium; this is because carbon radiates energy more 
than beryllium which results in more net radiation flux to the PFM and higher free-
streaming energy flux from the near-wall vapor zone. In addition, the lower thermal 
conductivity of carbon has the effect of keeping the surface temperature higher which 
tends to increase the erosion. 
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î 

keV 

• i l l 

i i i 

100 

1 1 1 

; • 

MJ/m' 

i 50 

i . 

• i | i i i I 

10 ilJ/m2 

i i I i i i 1 

T 1 1 

-

1 
1 

III
 

1 
. 

-

-

-

1 1 1 

20 40 60 80 

Time, JIS 

100 120 

Fig. 8. Effect of higher disruption energy densities on beryllium erosion thickness. 

35 
> 
a> 
.. 30 

o> 
i_ 

i5 25 
i_ 
a> a 
E 20 
a> 
h-

s 15 
a 
(0 

> 10 
c 
2 5 
u. 

1 1 1 I I 1 1 I 1 1 1 I I 1 I I 1 I 1 I 

Plasma Ions fiob MJ/m2 i 
10 keV I | | ,' 

/ / 

/ /50 MJ/m2 

[/ /' 
^ ^ - - - r ? r T ^ " " r | |10 MJ/m2: 

B—1_ i j 1 1 1 1 L i 1 1 1 i. j 1— 1 i i i 1 

— 1 — 1 — 1 — 

-

1
1

1
1 

: 

M
M

 

l \ 

— i i i 

20 40 60 80 

Time, \xs 

100 120 

Fig. 9. Effect of higher disruption energy densities on carbon vapor-front temperature. 



30 
> 
0) 

0,- 25 

3 
(0 

— i — i — | — i — i — i — | — i — i — i — | — i — i — i — ] — i — i — i — | — i — i — i -

Beryllium 
Ions 

10 keV I"- I 
1100 MJ/m* 

40 60 80 

Time, us 

100 120 

Fig. 10. Effect of higher disruption energy densities on beryllium vapor-front 
temperature. 

3.2 Effect of Line Radiation 

Line radiation in the vapor is particularly important for the low-Z and high-
temperature vapor-cloud. In most beryllium vapor cases, more than 90% of radiation 
from the front vapor zone is attributed to line radiation. Figure 11 shows the calculated 
photon spectrum with and without line radiation from a beryllium vapor during a 50 
MJ/m2 disruption energy density. Excluding line radiation results in a significant 
overestimation of the continuum radiation spectrum. Figure 12 shows that excluding line 
radiation can result in very high vapor temperatures that can significantly affect plasma-
vapor interaction and vapor hydrodynamics. However, excluding line radiation has less 
impact on the resulting overall erosion rate in this case. 

3.3 Effect of a Strong Magnetic Field 

Figure 13 shows the effect of a 5-T magnetic field on the carbon erosion rate during 
a 100-(is disruption with an energy density of 10 MJ/m2. The inclined magnetic field 
reduced the erosion rate in this case by about 30%. The magnetic field keeps the vapor 
cloud more dense and closer to the surface, thus more radiation is absorbed in the vapor 
and less radiation is transported to the PFM surface. A similar effect is predicted for a 
disruption on beryllium, as shown in Fig. 14. In this case the magnetic field reduced both 
erosion rate and melt layer thickness by a factor of 2. The resulting melt layer thickness 
is much greater than the ablation thickness, which causes a serious concern if the melt 
layer is lost during the disruption from the various forces acting on the melt layer, as 
discussed later. The magnetic field is found to be more effective in reducing disruption 
erosion of beryllium than that of carbon. In fact, where disruption energy density is very 
high, the magnetic field can slightly increase the carbon erosion rate. This is mainly 
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because carbon is a better radiative material than beryllium which means that more 
energy is emitted from a carbon vapor compared to that of a beryllium vapor for the 
same energy content. 
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Figure 15 shows the vapor front temperature of both beryllium and carbon vapor 
during a disruption. Carbon, being a higher-Z material, radiates more energy than 
beryllium, which results in a lower vapor temperature at these disruption parameters. At 
higher disruption power densities, however, the carbon vapor front temperature can 
exceed that of beryllium due to different radiation physics properties. The higher 
radiation rate of carbon (radiation cooling) causes more radiation flux to be emitted 
toward the PFM, which in turn causes more material to be ablated. For the same 
disruption conditions given in this case, the carbon ablation rate is about two to three 
times that of beryllium. Vapor shielding is generally expected to be more effective in 
reducing net energy flux to lower-Z PFM materials than to higher-Z materials. 
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Fig. 15. Front vapor-cloud temperature for both beryllium and carbon during a 
disruption. 

Figure 16 shows the beryllium vapor density and temperature in relationship to the 
normal distance above the divertor plate with and without a magnetic field. In the 
absence of a magnetic field, the ablated material expands freely - opposed only by 
plasma particle momentum - in the normal direction. Once the vapor is ionized in a 
magnetic field environment its motion follows field lines. Because of the oblique angle of 
the field lines, vapor expansion normal to the surface is substantially reduced. As a 
result, vapor density near the divertor plate is much higher which tends to provide better 
shielding to the PFM surface. However, this higher vapor density tends to increase 
processes such as vapor conduction, turbulence, and instabilities that can substantially 
increase the erosion rate. Figure 17 shows the expansion velocity components in the x 
and y directions under the influence of a 5-T magnetic field. Vapor expansion along the 
divertor surface is much higher (=40 times) than in the normal direction. Initially, the 
normal velocity is higher because the ablated material leaves the surface as neutrals in 
the normal direction and is not affected by the magnetic field until it is ionized. 
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Fig. 16. Effect of magnetic field on beryllium vapor temperature and density. 
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surface. 



Figure 18 compares beryllium and carbon vapor density and temperature as a 
function of normal distance above the divertor plate for the same disruption conditions. 
Carbon vapor has a higher density and lower temperature, and expands farther in the 
normal direction, than beryllium. The higher normal expansion is due mainly to the more 
powerful pressure gradient of the ablated carbon. The lower temperature is mainly due 
to the increased radiation emitted from the higher-Z carbon vapor. Because of this lower 
temperature, carbon vapor expansion along the divertor surface is lower than that for 
beryllium [12]. 
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Fig. 18. Beryllium and carbon vapor density and temperature as a function of distance 
normal to the surface. 

4. SIMULATION EXPERIMENTS 

Laboratory experiments to simulate plasma disruptions have been actively pursued 
with several reactor candidate materials and different high-intensity power sources. 
Among these sources are laser light, electron and ion beams, and plasma guns [24-29]. 
The majority of these experiments have reactor-relevant disruption parameters (i.e., heat 
loads of 10-20 MJ/m2 and deposition time of <1 ms). The erosion results from these 
experiments, however, do not agree. In particular, recent plasma gun experiments have 
yielded much lower erosion rates than in previous laser and electron beam experiments. 
One reason can be the very low particle kinetic energy used in the gun experiments (E < 
100 eV). An attempt has been made to evaluate the key factors and differences among 
these experiments, including the effect of particle kinetic energy, particle type, beam 
momentum, and multidimensional effects of radiation transport. Because of the small 
size of the test samples, a two-dimensional multigroup radiation transport model (for both 
line and continuum radiation) has been developed [13]. In some disruption experiments 
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and conditions, a large fraction of the incident energy is lost and radiated away from the 
specimen surface, resulting in lower erosion rates. 

This analysis is intended to show the effect of particle kinetic energy, the importance of 
line radiation, the 2-D effects of radiation transport, and the effect of high beam 
momentum in some simulation experiments on the erosion rate of candidate materials 
such as carbon and beryllium [13]. In the 2-D calculations, the diameter of the disrupted 
area is assumed to be 2 cm, a typical size for a disruption simulation experiment. 

Figure 19 shows carbon erosion rates from 10 keV ions and 100 keV electrons 
calculated by both the 1- and 2-D models. The 100 keV electrons case is used because 
of the relevance to disruption-simulation experiments with high-energy electron beams. 
The 10 keV ions case is more relevant to a reactor condition. The plasma ions usually 
have much shorter range in the PFM than do electrons with the same kinetic energy. 
Shorter range usually means higher surface temperature and thus higher erosion rate. 
Shorter range in the PFM also means shorter range in the developed vapor material, 
which means heating the front vapor zone to higher temperatures. Higher vapor 
temperature, in turn, usually means fast vapor expansion and high radiation fluxes. Both 
of these factors help substantiate 2-D lateral radiation losses that tend to reduce the net 
erosion rate, as shown in Fig. 19. However, for the 100 keV electrons, energy deposition 
inside the PFM is extended over a large mass and the resulting surface temperature in 
this case is much lower than in the ion case. This results in a much lower erosion rate. 
Because the high-energy electrons also have a long range in the vaporized material, the 
electrons do not heat the vapor to higher temperatures, as shown in Fig. 20. Therefore, 
the vapor will not have enough energy to emit significant photon radiation. This is the 
main reason that the erosion rate for the electrons is practically the same in both the 1-
and 2-D cases. The vapor front temperature in this case remains below 1 eV, resulting 
in a very low emitted radiation flux. 
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Fig. 19. Effect of particle type and energy on carbon erosion thickness. 
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Fig. 20. Front carbon-vapor temperature for different particle types and kinetic energies. 

Figure 21 shows the relationship of carbon vapor temperature to distance into the 
vapor layer above the PFM surface. The higher the vapor temperature, the farther it 
expands away from the material surface. Again, because of the lower vapor temperature 
(< 1 eV) in the case of high-energy electron disruption, the carbon vapor only expands to 
about 20 cm above the surface. Because of escaping lateral radiation in the 2-D model 
for ions, the vapor temperature is reduced and so is vapor expansion above the surface. 
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Fig. 21. Relationship of carbon-vapor temperature to distance into vapor layer. 
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Plasma gun experiments used to simulate disruption have mainly used low-energy 
hydrogen ions (E < 100 eV). For the same energy density, plasma guns will have high 
particle momentum (tens of atmospheres). Figure 22 shows the effect of low-energy, 
high-momentum, plasma gun disruption simulation on carbon erosion rate. Ideally, the 
high plasma pressure associated with the plasma gun will confine the ablated material 
closer to the surface, thus reducing 2-D radiation losses, therefore, increasing the 
erosion rate. However, many uncertainties are associated with plasma gun experiments, 
including high energy reflection coefficient from the low particle-kinetic energy, plasma-
source radiation, and high Z-impurities, that make modeling of such experiments 
extremely difficult [30]. Nevertheless, these results are in good agreement with recent 
plasma gun simulation experiments [28]. 

Time, |as 

Fig. 22. Effect of low kinetic-energy plasma ions on carbon erosion thickness. 

Figure 23 compares beryllium and carbon erosion rates for electron kinetic energies 
of 10 and 100 keV. At the lower electron kinetic energy, the higher energy density 
deposited near the PFM surface causes rapid vaporization. Incident energy is then 
deposited in the front vapor zone heating it to high temperatures. For beryllium, most of 
the radiation is emitted away from the PFM surface near the high-temperature zone, 
while for carbon, with its higher Z, more radiation is emitted in general and a higher 
fraction is directed toward the PFM surface resulting in more net erosion. At higher 
electron kinetic energy, more energy is initially deposited deep inside the PFM, resulting 
in lower surface temperature and lower initial erosion rates. However, because of 
beryllium's higher thermal conductivity, more heat is then diffused from the bulk to the 
surface, causing significant erosion and melting as shown in Fig. 24. This may explain 
the high erosion rates of metallic targets in high-energy electron-beam simulation 
experiments as discussed later. Loss of the resulting thick melt layers from various 
forces and as a result of melt-layer instabilities during the experiments can significantly 
contribute to such high erosion rates [25,31]. 
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Fig. 23. Beryllium and carbon ablation thickness at different electron kinetic energies. 
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Fig. 24. Beryllium melt-layer thickness at different electron kinetic energies. 



Laser beam simulation experiments usually produces higher erosion rates from 
vaporization, mainly because vapor shielding is significantly less important in these 
experiments [24]. Because of the very small size of the laser beam (diameter =1 mm) 
and the high expansion velocity of the vapor, the beam penetrates through the expanded 
vapor cloud basically unattenuated, thus delivering most of its energy to the target 
material. 

5. MELT-LAYER EROSION 

Most previous modeling studies that predict PFM erosion lifetime during disruptions 
have considered surface ablation losses as the main erosion mechanism. This is partly 
because carbon-based materials (CBMs), which usually do not melt, were once the 
favorite choice as PFMs in most reactor design studies. However, because of many 
potential problems associated with CBMs (including tritium inventory, chemical 
sputtering, radiation-enhanced sublimation, and neutron irradiation effects), metallic 
PFMs are now becoming serious candidates for the near-term tokamak machines. 

Metallic PFMs, however, will be subjected, to severe melting during disruptions and 
ELMs. The lifetime estimates of these metallic components should also take into 
account the potential loss of the melt layer. Erosion of melt layers can critically shorten 
the lifetime of PFMs, severely contaminate the plasma, and consequently prevent 
reliable reactor operation. 

Previous analysis of disruption erosion has mainly focused on modeling the self-
protection of PFM by its own ablated material. It was shown that vapor shielding can 
significantly reduce vaporization losses of PFMs during reactor disruptions. Also 
determined was that the resulting Be melt-layer thickness during a typical disruption (10 
MJ/m2 energy density and 100 |is disruption time) is more than one order of magnitude 
greater than ablation erosion loss. During a disruption, the melt layer will be subjected to 
various forces such as electromagnetic, gravitational, mechanical, plasma-particle 
momentum, ablation recoil, and surface tension as shown in Fig. 25 [31]. Detailed 
interaction of these forces with the melt layer during the disruption will determine the net 
erosion rate and consequently the lifetime of these components [31]. Recent disruption 
simulation experiments on Be and on Al targets have shown erosion losses up to 4-5 
times greater than those of CBMs for similar disruption simulation conditions [30]. It was 
evident from postexperimental evaluation that parts of the melted layer had been 
splashed and lost. 

Two important mechanisms that can cause melt-layer loss during a thermal quench 
disruption are modeled and discussed [14]. One mechanism which can contribute to 
melt layer loss at high disruption heat loads is melt splashing due to the formation and 
boiling of volume bubbles. This may result from continuous heating and overheating of 
the liquid layer during disruptions and ELMs. Another mechanism of melt-layer loss of 
particular importance is due to instabilities that develop in the liquid layer because of the 
various existing forces on the melt layer during a disruption. Models to study melt-layer 
erosion are implemented in the SPLASH computer code [36]. The implications of melt-
layer erosion during these abnormal events on the overall performance and lifetime of 
metallic PFMs are discussed below. 
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Fig. 25. Various forces acting on the melt layer during a disruption. 

5.1 Melt-layer Splashing 

During the thermal quench (id =100 (xs) of a disruption, energetic plasma ions and 
electrons will deposit energy densities of 10-100 MJ/m2 on PFMs, causing surface 
melting and ablation. The ablated material will form a protective vapor cloud in front of 
the incoming plasma particles, thereby reducing net energy flux, Sjni to PFM, to Sjn < 0.5 
MW/cm2 [13]. The surface temperature, Ts, will exceed the equilibrium vaporization 
temperature, Tv, during parts of the disruption as shown earlier. This overheating 5 = 
(Ts - Tv)/ Ts > 0, along with other factors, will result in the formation of bubbles and 
bubble growth; and consequently, bubble volume vaporization can occur, leading to 
ejection and loss of parts of the melt layer, as shown in Fig 26 [14]. Two conditions are 
necessary for bubbles to grow: 

Sin > Sk + Sv , 

P > 2o7R0 , 

where 

(18) 

(19) 
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Sv = nv (5/2 kT + qv) , (20) 

and Sk is heat conduction flux to the bubble surface, P is bubble vapor pressure, a is 
bubble surface tension, R0 is initial bubble radius, nv is vapor flux, and qv is heat of 
vaporization. The probability of bubble origination depends on many factors, such as 
initial material inhomogeneity, injected impurities, and diffusion of defects. Bubble 
growth and fate can be defined by an energy balance such that: 

Sk>SCT + SL + S v , (21) 

where S0 is surface energy flux and S|_ is kinetic energy of the surrounding liquid. For a 
typical disruption energy density of 10 MJ/m2 and a disruption time Td =100 |xs, the 
overheating degree for liquid Be is estimated to be 8 = 0.1. The maximum bubble radius, 
Rmax. can be obtained indirectly from Eq. 21 as Rmax = 15 8 = 1.5 urn. An embryonic 
bubble forming at a depth h < Rmax can burst and produce liquid drops (splashes), as 
shown in Fig. 26. To estimate melt-splatter erosion, it is assumed that the erosion has 
the form of a stationary splashing wave with a velocity, Vs, given by: 

Vs = dh/dt-Sin/(qm + CvTv), (22) 

where q m is heat of fusion and Cv is specific heat. Numerical simulations of a typical 
disruption case on Be PFM predicted that Sjn « 0.2 MW/cm2, thus Vs « 0.2 \im/\is. For 
id =100 jis, the splattered melt depth is hm = 20 |im. This is much greater than the 
calculated ablation loss hv ~ 2-3 urn. These high erosion estimates due to melting are 
consistent with recent experimental data [30,35]. 
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Fig. 26. Melt-layer splashing due to bubble growth and explosion. 
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This model can also be extended and used to explain the high erosion rates of 
metallic targets exposed to a high-energy electron beam [25]. At higher electron kinetic 
energy, more energy is deposited deep inside the target material, causing substantial 
melting volume. For example at 100-keV electron energy (usually used in simulation 
experiments), the resulting melt layer is about three times thicker than that for 10-keV 
electron energy (more relevant to reactor conditions) as previously shown in Fig. 24. In 
this case, the model discussed above predicts erosion losses > 100 |im, which is in good 
agreement with the experimental results. 

5.2 Melt-layer Instabilities 

Another possible mechanism for loss of a melt layer subjected to external forces is 
the development and growth of hydrodynamic instabilities. At locations where the normal 
components of these forces, F , act on the liquid surface, Rayleigh-Taylor instabilities 

may develop [32,33]. Normal components can be produced by a magnetic force, a 
vapor recoil force, a gravitational force, and by a force due to plasma-particle impact. 
The interplay of these forces and the dynamics of melt-layer evolution during a disruption 
will determine the extent of the melt layer loss [31]. 

The tangential forces during the thermal quench phase, F,, mainly result from 
plasma impact momentum "plasma wind" into the liquid surface due to the oblique 
magnetic field. This momentum, M, can be given by [14]: 

M= f p V„ V ± dt = P0Td Sin a , (23) 

where v„ and v ± are plasma flow velocity components, P0 is plasma pressure, and a is 
the angle between the magnetic field lines and the divertor plate surface. The liquid 
metal then moves as a result of absorbing this momentum, as shown in Fig. 27, with a 
velocity given by: 

V (x,t) = V0 (t) erfc (x / ^|4vx) , (24) 

where x is distance from the surface, v is kinematic viscosity, and V0 is the velocity at the 
liquid surface determined by disruption parameters. For a typical disruption, the 
characteristic depth of the liquid flow hu < 5 urn, much less than melt layer depth (hm ~ 
40 (xm). The liquid flow is then unstable and is subject to a Kelvin-Helmholtz instability. 
The time constant, Ymax. for such instability to develop can be estimated from the Orr-
Sommerfeld equation for this frictional boundary layer where: 

Ymax - 0.1 Vo/hu. (25) 

For time t = 1/ymax ~ 10"8 « Td> the unstable wave has enough time to grow and its 
amplitude, A, can increase to high values. This leads to a very unstable wave (kA » 1 ) , 
where the liquid drops originate due to capillarity, as shown in Fig. 28. This time is 
usually estimated as x* = 100 C/ymax. where C ~ 1. In time t \ the plasma momentum 

219 



diffuses to depth hu. For a = 6°, v = 5 x 10"4 cm2/s, one can show that hu ~ 0.6 urn and 
V0 ~ 3 x 103 cm/s. Using the same assumption as for the stationary splashing wave, the 
erosion rate from this instability can be estimated as: 

U = dh/dt = h/x* = 0.33 . (26) 

The Be erosion depth from this instability can be estimated as h = U • id ~ 33 |xm, which 
is also comparable to recent simulation experiments [30]. 

PLASMA PARTICLES 

Fig. 27. Melt-layer motion and erosion due to tangential forces. 

The interaction of various forces during the disruption and the existence of the 
vapor cloud above the liquid surface may affect the stability and splatter behavior of the 
melt layer. Surface rippling and roughening can also result from the vapor pressure 
above the surface depressing the liquid layer [34]. Magnetic forces generated from 
current decay during the current quench phase of disruption can also cause instabilities 
and loss of the melt layer [31]. Mechanical vibrations associated with reactor disruption 
can shake-off parts of the liquid layer causing surface erosion. In addition, if the melt 
layer is lost as soon as it develops, particularly at longer disruption times, PFM lifetime 
can be further reduced, and successful reactor operation may not be achievable. 

220 



0 

:::::::::::::::::::::::;::::Q:::LiQUib' 
VAPOR >*: DROPS 

jLIQUID LAYER: 

Fig. 28. Melt-layer erosion due to developed hydrodynamic instabilities. 

6. LIFETIME ESTIMATES 

Because of the high heat load expected during normal operations, and due to 
design limitations on the maximum allowable surface temperature, it is assumed in this 
study that typical initial thicknesses of beryllium coating and carbon tiles are 5 and 10 
mm, respectively. It is further assumed that 50% of this initial thickness can be sacrificed 
to disruption erosion before repair of the beryllium coating or replacement of the carbon 
tiles becomes necessary. Figure 29 shows the maximum allowable number of 
disruptions for beryllium and carbon materials at various incident plasma energy 
densities. If the beryllium melt layer is lost during the disruption, the beryllium disruption 
lifetime is only limited to less than 100 disruptions. If the melt layer is lost as soon as it 
develops, however, disruption lifetime can be severely shortened. A one-order-of-
magnitude increase in energy density reduces the disruption ablation lifetime by a factor 
of only ~2. This is because higher incident plasma energy densities are mainly used to 
heat the front regions of the vapor and only a small fraction of this energy is transmitted 
to and deposited on the PFM surface as it was shown earlier. 

The effect of plasma particle kinetic energy on erosion thickness is less important in 
a magnetic field environment. This is due to the oblique angle of incidence of the 
magnetic field lines (= 2°-5°) to the divertor plate surface. This substantially shortens the 
range of the plasma particles in both the PFM and the ablated material, resulting in more 
surface energy deposition rather than volumetric deposition. However, if a sheath 
potential is developed during disruption, plasma particles can be accelerated to much 
higher energies. The magnetic field helps reduce the 2-D radiation transport losses 
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because it confines the vapor cloud near the surface of the divertor plate. However, this 
tends to increase the erosion rate because less radiation escapes to the vacuum 
chamber away from the PFM surface [13]. 
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Fig. 29. Maximum allowable number of disruptions for various incident energy densities. 

Additional detailed analysis is required for several important issues that can affect 
net erosion rate and consequently the lifetime of the divertor plate. Uncertainties in 
disruption parameters such as incident energy density and disruption time are very 
important in determining ablation rate, melt-layer thickness, development of melt-layer 
instabilities, and potential loss of the melt layer. Vapor thermal conduction with 
turbulence, as well as development of vapor instabilities, may significantly increase heat 
flux to the PFM, resulting in a large increase in erosion rate. Magnetic field edge effects 
should be investigated where the ablated material is not fully ionized and can escape 
confinement by the magnetic field, resulting in much less shielding for the PFM. In 
addition, vapor diffusion across the magnetic field lines can be quite high particularly at 
low vapor temperatures near the PFM surface which tends to significantly reduce the 
protection from the vapor-cloud. 

7. CONCLUSIONS 

A two-dimensional magnetohydrodynamic and radiation transport model recently 
developed to take into account detailed interaction physics of the vapor cloud with the 
reactor magnetic field was used to study PFMs response to a plasma disruption. 
Included are fine-detailed effects such as magnetic field diffusion, induced electric field, 
vapor conductivity, Joule heating of the vapor, and 2-D lateral radiation transport for both 
line and continuum radiation spectra. This model is integrated with a recently developed 
comprehensive model that realistically solves the problem of three moving boundaries, 

222 



i.e., vapor expansion, surface recession, and liquid metal propagation front. Models for 
material thermal evolution with phase change, vapor magnetohydrodynamics, and 
radiation transport are then dynamically linked, integrated, and numerically optimized for 
realistic evaluation of disruption effects in reactor environment. 

The reactor magnetic field may help reduce erosion rates during a disruption at 
lower energy densities. The inclined field, however, will reduce 2-D radiation transport 
losses which have the effect of increasing erosion rates particularly for higher energy 
densities. Edge effects due to oblique incidence of the magnetic field as well as vapor 
diffusion across field lines may reduce vapor accumulation in front of the incoming 
plasma, which has the effect of increasing erosion rates. In addition, higher vapor 
density due to magnetic field confinement enhances processes such as vapor 
conduction, turbulence, and instabilities which all tend to increase erosion rates. 

Models and preliminary calculations have also been presented to study the potential 
loss of the melt layer during disruptions and ELMs. Hydrodynamic instabilities, as well 
as melt-layer splashing due to bubble vaporization, can lead to melt-layer erosion. Melt-
layer loss during a disruption can significantly reduce PFM lifetime and critically diminish 
the economic feasibility of the reactor. More-detailed modeling and simulation 
experiments are required to accurately predict melt-layer erosion during such abnormal 
events. 
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ABSTRACT. One of the possible consequences of tokamak operation is the generation of runaway electrons 

which can impact plasma facing components and cause damage due to high local energy deposition. This 

problem becomes more serious as the machine size and plasma current increases. Since large size and high 

currents are characteristics of proposed future machines, control of runaway generation is an important design 

consideration. The impact of runaway electrons on plasma facing components can be quantitatively studied 

with Monte Carlo codes which simulate the various processes leading to energy losses of the electrons. Some 

of these codes (GEANT3 and EGS4) originate from high energy physics where they have been used for many 

years to model detector responses. The accuracy of the codes is estimated to be better than 20%. Another 

code package (PTA) was developed specially for fusion purposes, and electron beam experiments were used to 

validate it. It is important to include the magnetic field in the analysis. It causes bending back of reflected 

charged particles and reduced penetration depth of the electrons due to gyration of the electrons around 

the magnetic field lines. Cooling tubes covered with 1 cm of graphite will melt at about 50 (25) MJ/m2 if 

molybdenum (copper) is used. A bare metallic wall is prone to melting at about 15 MJ/m 2 . 

1 Introduction 

Among many other design restrictions on plasma facing components, runaway electrons (RE) are of serious 
concern since some of the first wall damage to existing tokamaks has been caused by generation of a beam of 
high energy electrons during thermal quench of a disruption. The electrical resistance of electrons in a plasma 
decreases with energy. Therefore, it is possible to have some electrons in the high energy part of the thermal 
Gaussian spectrum which gain more energy in an electric field than they lose by friction. Subsequently their 
friction decreases further and the electrons run away [1]. The maximum energy of an electron for a given 
constant loop voltage in the plasma chamber is limited either by the synchrotron radiation (radiated energy per 
loop less than or equal to the gain from the loop voltage) or by the time available for acceleration (volt-seconds). 

A wide range of signatures of RE in tokamaks has been observed. The most unpleasant signature is some 
localized damage of first wall components [2]. More quantitative information has been deduced from the neutron 
production measured during RE - first wall impact, where bremsstrahlung triggered (7,n) reactions [3]. Either 
the neutrons can be measured directly or the resultant activation in the first wall materials can be examined. 
Many activation products are formed by threshold reactions which need electron energies above 30 MeV. The 

1This work was supported by the U. S. Department of Energy under Contract DE-AC04- 76DP00789. 
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spatial distribution of the RE impact can also be determined from the distribution of activation products. 
Another sign of RE in tokamaks is hard X-ray bursts produced by the interaction of RE and first wall material, 
as observed in JT60 [4]. During disruptions in JET direct observation of RE was performed by measuring hard 
X-rays generated by interaction of RE with the background plasma [5]. 

For next step fusion experiments the expected occurrence rate of RE's is quite uncertain and is dependent 
on plasma operation and first wall design. It was observed in JET that both divertor operation and beryllium 
coating lead to a strongly reduced generation rate of RE compared with carbon limiter operation, this being 
consistent with recent modelling of RE generation in tokamaks [6], [7], [8]. For the ITER-CDA designs RE 
energies of up to 300 MeV and surface heat load of about 30 MJ/m2 were considered possible [9]. The time 
scale of the RE - first wall interaction is of the order of 1 ms [3]. 

An important difference to most disruption induced heat loads on plasma facing materials is the large 
penetration depth of RE leading to significant heating of cooling tubes covered with a thick coating. Possible 
consequences are melting or material damage induced by steep temperature gradients [10]. The RE are thus a 
potential initiator of in-vessel loss of cooling accidents (LOCA's). 

The next section gives an overview of RE generation processes. One section describes the most important 
physics processes involved in the energy loss of relativistic electrons penetrating material. Since it is not 
possible to calculate the energy distribution analytically, two computer codes (GEANT3 [11] and EGS3 [12]) 
are introduced which are widely used in high energy physics for quantitative simulation of the interaction of 
high energy particles with matter. Another code package (PTA [13]) was developed specially for fusion purposes 
and electron beam experiments were used to validate it [13]. The first analysis of the impact of RE on plasma 
facing components was performed by McGrath [14] for 20 MeV electrons. Calen et al. [15] made the first RE 
calculations in the 300 MeV region using the GEANT3 code. The importance of including the magnetic field 
in the analysis was stressed by Bartels [16], [17] and Kunugi [18]. It causes bending back of reflected charged 
particles and reduced penetration depth of electrons due to gyration of the electrons around the magnetic field 
lines. Generally, these codes can be used to describe the heat distribution in various plasma facing design 
options to predict the maximum tolerable RE surface heat load. The accuracy of these codes is better than 
20%. 

2 Physics of Runaway Electrons in Tokamaks 

2.1 Generation 

In the presence of an electric field, the electrons in a plasma ordinarily drift in the electric force direction until 
the dynamic friction due to collisions and the electric force are in equilibrium. When the dynamic friction is 
due to Coulomb interactions it decreases as the electron energy increases. When the energy acquired from the 
field in one self collision time approximately equals its thermal energy, Wt, the electron can run away. The 

3/2 

self collision time is proportional to Wt , therefore as the electron temperature goes up, the electron acquires 
more energy per collision time, and smaller fields are able to produce runaway electrons (RE). Equating the 
collisional friction with the electric field force, the critical electric field, Ee, to achieve runaway was calculated 
for a singly ionized plasma by Dreicer as [19], 

1 I*) 

where A is the Debye length=(e0fcTe/ne2) , e the absolute value of the electronic charge, e0 the permittivity of 
space, k the Boltzmann constant, ne the electron density, Te the temperature and ln(A) the Coulomb logarithm. 

Subsequent calculations, reviewed in [1], including the effect of multiple ionic species with effective charge 
number, Z, showed that the critical electron velocity, vc> parallel to the electric field, E, for RE to form was 

fc = [(2 + 2 ) § ] 1 / 2 . (2.2) 

226 



Even for small values of E, electrons in the tail of the distribution can run away (unless of course ve is > the 
speed of light,c). The corresponding critical energy is We = ( l /2)m e i^ . 

More recently numerical integration of the 2-D Fokker-Planck equation has shown that while the condition 
of Equation (2.2) is sufficient for RE, electrons with velocities less than ve can also become RE [20]. This is 
because while they are slowing down in the parallel direction, due to collisions, these collisions may also be 
accelerating them in the perpendicular direction. The curve of v\\, the time derivative of the parallel velocity 
component, extends upward into the (u||,Vx) phase plane. If the phase trajectory of the electron crosses this 
curve while its perpendicular velocity is increasing it can also run away. Similar statements hold for high energy 
electrons travelling in a direction opposite to the field force. 

The rate at which RE are generated has been studied by a number of authors [21], [22], [23], [24], [25], [26]. 
All assume a spatially uniform electric field, E, and solve a form of the Fokker-Planck equation by perturbation 
or numerical methods for the distribution function, in the vy = vc region, to determine the flux of particles 
crossing that boundary. One of the most complete of these solutions, given in [26], yielded the approximation 
for the runaway generation rate, \g (in RE/s), that is commonly accepted. 

/ F \ (3(z+i)/i6) f F I -p-

A,=c(f) v « , -H-^+Df (2.3) 

where C is weak function of Z estimated to range between 0.13 and 0.43 for Z values between 1 and 10, and 
v is the electron collision frequency. A relativistic correction to this equation has been given in [27]. Because of 
approximations inherent in this equation, e.g. the Coulomb logarithm appearing in Ee has been approximated 
at the electron temperature, and appears in the dominating exponential term, fine tuning of this expression is 
not likely to improve its accuracy. Equation (2.3) is useful in simple models where ohmic heating is used and 
spatial gradients can be neglected. 

Harvey and McCoy have reported calculations with a 2-D momentum-space Fokker-Planck code, suitable 
for toroidal geometry, and which can include the effects of auxiliary heating, radial diffusion and synchrotron 
radiation [28]. Calculations for an ohmic heated plasma at r/a=0.65, with and without radial diffusion, showed 
that the number of electrons in the RE tail increased by more than two orders of magnitude when diffusion of 
hot electrons from the core was included. Radial transport reduced the RE rate at the center of the plasma and 
increased it toward the edge. 

Another mechanism for RE generation has been proposed by Jayakumar et al. [29]. Once an existing 
RE current has been established, the interaction between these RE and the surrounding thermal electrons is 
small, but non-zero. The surrounding electrons can be scattered by Coulomb collisions, usually in a direction 
perpendicular to the beam, so that their energy increases to, or above, a critical value for runaway. The rate 
for secondary RE generation, A, is estimated to be 

A, = nrnt 
e4 

8Tre0mevr a(Z)Wc 

where nr and vr are the RE density and velocity, and a(Z) is a function of order 1. Using this relation 
for typical tokamak plasma conditions it was estimated that in the 10-20 MeV range, each RE generates an 
additional RE for every 6W = a(Z)(10 — 20 MeV) increment in energy acquired from the field. This can 
lead to an avalanche-like exponential growth of RE. Although the arguments for this effect are plausible, no 
experimental verification of it has been reported yet. The effect may be masked by the rapid rise rates predicted 
by Eq.(2.3) when E is large, and cancelled by other compensating effects when E is small. 

When auxiliary energy sources are used to heat the plasma the generation rate of RE can be greatly enhanced. 
The use of RF heating raises the electron temperature and produces a superthermal tail which permits rapid 
acceleration into the RE regime [30], [31], [32], [33]. The use of neutral-beam heating can have a similar effect 
[34]. 
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2.2 Synchrotron Radiation 
When an electron orbiting in a magnetic field is accelerated to relativistic velocities, the radiation emitted from 
it changes from the discrete cyclotron frequency, and its harmonics, to a broad band, forward directed, beam 
[35], [36]. An expression for the power emitted by a single electron in all directions and polarizations per unit 
wavelength, A (W/m), has been given in [37], [38] as 

p = 4x mec
3re 

V3 T2*5 

where 

,oo 

/ K5/3(x)dx (2.4) 

4irR, cur 

3A7
3 

re = 2.82 x 10"15 m is the classical electron radius, K5/3 is the modified Bessel function, and Rcur is the 
instantaneous radius of curvature of the electron trajectory. When Eq. (2.4) is integrated over all wavelengths, 
the total power radiated in Watts per electron is [37], [39], 

P = p - £ - ( " ) 4 « 4.61 x 1 0 - 2 0 - £ - (2.5) 

In a tokamak the radius of curvature is continually changing and a rough approximation to its average value is 

R^r = [(1 - f^/R+eBf/imcj)]-1 

where / is the sine of the pitch angle and R is the major radius of the machine. As the average pitch angle 
changes from zero to TT/2, Rcttr varies from the machine radius to the Larmor radius. Since from Eq. (2.5) the 
power radiated is proportional to R~2, which can change by a factor of 106, the synchrotron losses can be a 
significant determinant of the limiting energy that a RE can attain, depending on what values of perpendicular 
energy the RE has [40], [41]. 

There has been some success in fitting synchrotron radiation spectra from RE generated in a low density 
steady tokamak plasma with values of / of less than 0.1 [42]. Observations of photoneutron production and post 
facto residual activation analysis of stainless steel components have also suggested that small values (< 0.1) of 
/ were present on at least some RE [43]. There are, however many processes which can rapidly increase the 
perpendicular energy of RE (see next section) and it is likely that in most cases of interest these will play a 
major role in determining the RE energy. 

2.3 Instability Mechanisms 

It might be thought that once the electric field strength exceeded the critical field (Eq. (2.1)), that most of the 
electrons would become RE and the effective conductivity of the plasma would approach infinity. This is not 
the case. In fact as the value of E/Ec increases the value of the conductivity decreases. This is due to current-
induced-turbulence which scatters the RE and prevents unimpeded acceleration. An extensive review of these 
turbulence phenomena is given in [44]. Of particular significance are the two-stream or beam instabilities which 
occur when | -gff-1 < | -g^- \. Resonant oscillations involving particles which meet the condition w — nuce — kzvz = 0 
can grow and transfer energy from the beam. A value of n = 0 corresponds to Cerenkov resonance, and n=-
1 corresponds to the "anomalous Doppler" resonance which increases the pitch angle of the RE [45]. The 
"fan" instability, which is a relaxation oscillation that rapidly (< 100 fis) isotropizes the RE beam can occur 

( \3/2 

when the beam velocity exceeds 3 ( ^ - 1 ve [45], [46], [47]. Reference [48] identifies four stability regimes in 

(E/Ec,u)pe/wce) space and concludes that for values of E < 0.1EC and u>pe < wce the runaway tail should be 
stable. Except at the start of disruptions tokamaks are usually operated in that regime. 

In addition to the direct effect of these instabilities on the RE, magnetic turbulence, which is produced, 
increases the diffusion coefficient of the RE and also can increase the pitch angle [49], [50]. Increased pitch 
angle causes increased synchrotron radiation losses and also increases the possibility of RE being trapped in 
any magnetic mirrors present in a tokamak. Once trapped, the RE can move inward toward the magnetic axis, 
due to E\\ x B± drift until they become untrapped [51]. 
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2.4 Disruption Generated Runaways in Tokamaks 

Although RE can be generated at start-up [51], [52], [53], and during steady state operation [1], [42], [55], [56], 
[57] the RE with most damaging potential occur during disruptions due to the large loop voltages present, and 
the likelihood of rapid deposition when the plasma moves. Runaway electrons are generated during a disruption 
as follows. At the start of a disruption there is a rapid cooling of the plasma. During this period there is 
a redistribution of current in the plasma which usually flattens the profile and reduces the plasma internal 
inductance. This leads to a slight increase in current and a short lived negative spike in the external loop 
voltage [58]. The drop in temperature causes the plasma resistance to rise and the plasma loop voltage rises to 
high values (up to kilovolts) from its normal value of less than a volt. This causes the current to fall and the 
collapsing poloidal magnetic field inductively sustains the high loop voltage. An electron circling the machine 
gains energy approximately equal to the loop voltage every cycle and can reach MeV values in a few ms. 

The mechanisms that limit electrons from acquiring more energy are the following: radiation by the electron, 
which removes energy at higher rates as the electron energy increases; impact with a solid barrier as its orbit 
changes (increase in energy is accompanied by an outward shift of the RE trajectory [1], [45], and the inability 
of the control circuits to respond quickly usually results in an inward motion of the flux surfaces); or some 
instability or resonant interaction which increases its energy perpendicular to the magnetic field to the point 
where it can be trapped in a magnetic well. If a sufficient number of electrons run away, the high energy, low 
resistance portion of the current can approach the total current, and the loop voltage will fall as the current 
stabilizes at a plateau which is some fraction of its initial value [58]. This effect can also limit the maximum 
attainable energy of an electron. Another parameter of high significance for runaway generation rate is the 
impurity content of the plasma at the time of disruption and current decay. If the plasma temperature can 
be maintained at the low thermal quench level by radiation of the energy deposited in it by the collapsing 
magnetic field, the current decay will be rapid and the loop voltage will be large enough to generate large 
runaway currents. If the impurity radiation is low, however, particularly at low temperatures (<20 eV), the 
current decay would be retarded and fewer runaways will be generated and their energy will also be reduced 
[59], [8]. 

3 Interaction of Fast Electrons with Matter 

A comprehensive review of the interaction of high energy particles with matter can be found in [60]. Here 
the most relevant physics processes of relativistic electrons traversing matter should be summarized. Electrons 
penetrating matter lose their energy by two processes: 

1. ionization loss, 

2. bremsstrahlung. 

The electron energies of interest vary from 20 to 300 MeV, i.e. the relativistic 7-factor (ratio of particle energy 
to energy of the rest mass) varies from 40 to 600 and 7 ;» 1 is thus always fulfilled. In this case the ionization 
loss is essentially independent of the particle energy and is just a function of the density p [g/cm3]: 

fdE\ MeV 
( - 7 - 1 a-2-p (3.1). 

This kind of energy loss results in the formation of ion pairs (positive ions and electrons) in the medium and is 
responsible for the heat generated in the material. 

The situation is different for bremsstrahlung. Here the electrons lose energy in radiative collisions with 
atomic nuclei: 

e~ + nucleus —* e~ + nucleus -)- 7 

where 7 in this case is the generated photon. The nuclear electric field decelerates the electron and the energy 
change appears in the form of a photon. The photon spectrum has the approximate form dE'/E', where E' is 
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Table I. Radiation length X0 and Ee in various materials 

Material 

beryllium 
carbon 
water 
iron 

molybdenum 
tungsten 

Z 

4 
6 

7.2 
26 
42 
74 

Xo in cm 

35.3 
22.6 
36.1 
1.74 
0.98 
0.35 

Ee in MeV 

150 
100 
72 
24 

17.5 
11 

(3.2) 

the photon energy. Integrated over the spectrum, the total radiation loss of an electron traversing a medium of 
thickness dx is 

fdE\ _ _E_ 

where XQ is called the radiation length of the material. The radiation length is inversely proportional to the 
density and the atomic number Z, which indicates the very good absorption property of high Z, high density 
metals such as tungsten. From Eq. 3.2 it follows that the average energy of a beam of electrons of initial energy 
EQ, after traversing a medium of thickness x, will be 

(E) = E0 • exp H) (3.3) 

Thus, the radiation length Xo may be simply denned as the thickness of the medium which reduces the mean 
energy of a beam by a factor e. 

Since the rate of ionization energy loss for fast electrons (dE/dx)i0„ is approximately constant, while the 
average radiation loss is (dE/dx)rad ~ E, it follows that at high energies radiation loss dominates. The critical 
energy Ee is denned as that at which the two are equal. It can be roughly given as a function of Z: 

Et^MeV (3.4) 

Values of Xo and Ee in various materials are given in Table I. 

The photons generated via bremsstrahlung lose their energy by three processes: 

1. photoelectric absorption, 

2. Compton scattering, 

3. pair production. 

The photoelectric absorption dominates at 7-energies below 0.5 MeV (cross section ~ 1/E3 where E is the 
photon energy). Here the whole energy is transferred to an atomic electron. In Compton scattering (cross 
section ~ 1/E), which is important in the energy range from 0.5 to 5 MeV, just a fraction of the 7-energy is 
transferred to an electron: 

7 - • •/ + e~ 

At energies larger than 5 MeV the process of conversion of a high energy photon to an electron-positron pair 
(in the field of a nucleus to conserve momentum) 

7 —• e+ + e~ 
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is closely related to that of electron bremsstrahlung (cross section independent of energy). The attenuation of 
a beam of high energy photons of intensity 1$ by pair production in an absorber of thickness x is described by 

/=/oen-9*aJ (35) 

where XQ is the above denned radiation length. Positrons (e+) , the anti-particles of the electron (e~), lose their 
energy similarly to the electrons with the exception that the ultimate fate of a positron will be annihilation 
with an electron, releasing the energy of the rest mass of an e+e~ system (1 MeV) in the form of two or three 
photons. 

For high energy electrons (Eo ^» Ee), a dramatic result of the combined phenomena of bremsstrahlung and 
pair creation is the occurrence of cascade showers, so-called electromagnetic showers. A parent electron will 
radiate photons, which convert into pairs, which radiate and produce fresh pairs in turn, the particles increasing 
exponentially with depth in the medium. This process continues until the energy of the shower particles is 
comparable to or lower than Ee. For electrons with an initial energy Eo » Ec the maximum energy deposition 
occurs at a depth 

_ ln(E0/Ec) 
"max — -<*0 • j—n (".D) 

increasing logarithmically with the primary energy Eo, and thus the shape of the energy deposition is roughly 
independent of Eo- Because of Coulomb scattering, a shower spreads out laterally. This spread is described by 
the Moliere radius 

Rn = 21 • ^-, Ec in MeV (3.7) 

Single particles undergo numerous transverse Coulomb scattering processes with the atomic nuclei. The 
resultant distribution in the net scattering angle follows a Gaussian distribution. The root-mean-square (rms) 
deflection in a layer x of a medium with the radiation length XQ is given by 

7*o e:,7„ = ^ V £ , / ^ <~*~) (3-8) 

A small fraction of large-angle scattering processes is underestimated by this formula. For a 100 MeV 
electron traversing 1 mm of tungsten the width of deflection angles is 3°. The transverse displacement y from 
a straight path due to multiple scattering can be written in the form 

& = ^ - * - e ^ ' c e ~ * 3 / 2 (3.9) 

Runaway electrons are expected to hit the plasma facing surface at small incident angles in the range from 
1 to 5°. It is mainly the effect of multiple scattering which can lead to substantial reflection of electrons hitting 
material at small angles. A magnetic field parallel to the surface such as is present in all runaway events 
in tokamaks counteracts this reflection of electrons, since it bends the particles back into the plasma facing 
components. 

4 Codes for Runaway Electron Heating Calculation 

Given the discussion of the preceding section, it is clear that an analytical approach to the heat deposition of 
fast electrons hitting plasma facing components at small incident angles seems to be impossible, since one has to 
follow a lot of secondary particles produced, whose history is determined by probabilistic (quantum-mechanical) 
laws. The simulation of such events can be achieved in computer codes which follow the primary particle in 
small steps, computing for each step the energy loss, multiple scattering and generation of secondary particles 
according to the distribution functions of the probabilistic laws. When the particle has lost all its energy, the 
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code follows all secondary particles produced, which can again generate new particles etc. An example of such 
a code is GEANT3 [11] which was developed at CERN, the large European center of high energy physics, and 
is widely used in that area. It is a typical application of the 'Monte-Carlo' method, where random generators 
are used to take decisions at every step according to the distribution functions. For complicated problems this 
method has by far the best convergence properties, which always goes like \Jy/n, where n is the number of 
trials (statistical behaviour). In our case this means that the accuracy of the energy distribution of electrons 
hitting the plasma facing components converge to the correct result with l/\/n of electrons simulated with the 
computer code. 

The geometry has to be built up by the user and consists typically of boxes or tubes nested in each other. 
Magnetic fields can be considered too. The user has to set up the starting conditions for the space point and 
momentum of the primary particle. The code then provides the user with the full information about the track 
of the particle and secondary particles generated. 

The EGS system [12] is also a general purpose package for the Monte Carlo simulation of coupled transport 
of electrons and photons originating from SLAC, the high energy center in California. The most recent and 
enhanced version of the EGS system is called EGS4. The EGS4 system can simulate electromagnetic processes, 
and the transport of electrons and photons in arbitrary geometry for particles above a few keV up to several 
TeV. The Fortran preprocessor called M0RTRAN3 is used to write the user code which specifies the energy and 
angular distribution of source particles, detectors and geometries. This allows greater flexibility and applicability 
for general purposes, such as the realistic simulations of RE's which impact with plasma facing components 
with complex geometrical shapes. 

The PTA code package [13] including ITS is a three dimensional, time dependent computational code 
package developed at Sandia National Laboratories to predict energy deposition, temperature rise and damage 
of first wall materials from RE impact. ITS is a set of coupled electron/photon Monte Carlo transport codes. 
ITS includes several electron/photon transport codes, such as TIGER (1-dimensional geometry), CYLTRAN 
(2-dimensional geometry) and ACCEPT (3-dimensional combinatorial geometry). These codes are based on 
ETRAN [61] and are designed for transport at primary source energies from a few tens of MeV down to 1 and 
10 keV for electrons and photons, respectively. 

A comparison of the results with GEANT3 and EGS3 was performed by Kunugi et al. [62] for energy 
deposition distributions in a 10 mm thick carbon layer on top of a 50 mm thick molybdenum layer. The 
incident electron energies ranged from 10 to 300 MeV and the incident angles from 0.5 to 25 degrees. The 
quantities 

JJ _ EGEANT - EEGS 

EGEANT 

where E is energy deposition and 
AD=V<D2>-<D>2 

can be taken as measures of the relative differences of the two calculations. In Table II the average values of 
D and AD from all calculations presented are listed. For both code systems the results for the peak deposited 
energy densities and the deposited energy fraction in carbon and molybdenum are compared. The calculations 
of GEANT3 and EGS4 agree better than 20% . This accuracy was also estimated by detailed studies of the 
systematic errors due to the finite steps used in the Monte Carlo codes [17]. 

Table II. Relative difference of the GEANT3 and EGS4 code results for runaway electron 
impact on 10 mm carbon on top of 50 mm mo lybdenum 

code result 

peak energy density in molybdenum 
peak energy density in carbon 
fraction of energy in molybdenum 
fraction of energy in carbon 

D[%] 
15.6 
-4.1 
-7.3 
-9.0 

AD [% ] 
6.4 

14.7 
5.3 
9.5 
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Graphite 

Aluminum shield with 4 mm circular hole in center / , M a c o r Insulators Graphite 

Figure 1: Experimental setup of runaway electron simulation experiments carried out with the linear electron 
accelerator of Osaka University [62]. 

5 Experimental Results 

Experiments were conducted with the linear electron accelerator of the Institute of Scientific and Industrial 
Research of Osaka University [10]. The beam energy was varied between 20 and 30 MeV and an input power of 
about 1.2 kW was applied to various materials for up to 60 s. The specimens were subjected to normal beam 
incidence. Post experimental examinations were carried out to determine the damage caused by high energy 
electron impact. Graphite, SiC, stainless steel, molybdenum and tungsten were tested as bulk materials. In 
relative comparison, graphite and SiC showed the highest structural resistivity to electron impact due to the 
low density and stopping power. Among metals stainless steel suffered severe damage such as grain growth and 
melting. The molybdenum samples in the experiment underwent high thermal loads due to deposition of the 
beam energy in small volumes caused by the high density of the molybdenum. The thermally induced damage 
was less severe than for stainless steel due to the high melting point and hence the threshold for grain growth 
initiation in molybdenum was also high. The irradiation of tungsten led to grain growth and microcracking at 
the surface. 

To investigate RE impact on actively cooled components brazed layer systems were tested. Small droplets 
were observed after electron irradiation which may originate from the braze used for bonding a 5 and 10 mm 
graphite layer on a Mo-Cu-Mo substrate. On the other hand only a few conclusions can be drawn from these 
experiments since the electron beam incidence was perpendicular to the specimen surface, whereas a tokamak 
RE impact is expected to be almost tangential to the first wall surface. 

To simulate the grazing incidence angle, more sophisticated specimens were developed [63]. The experimental 
setup can be seen from figure 1. Graphite rods of different diameter were used with 8 copper rings of slightly 
larger diameter around the graphite rods. The geometry was chosen to simulate the case of RE impact on 
first wall components in which the high energy electrons are scattered through the graphite protection to the 
structural components of the first wall. The electron beam was directed through an aluminium block with a 
circular hole in the center to reduce the oval beam to a circular beam. 

The thermal response of the experimental setup was modelled with the PTA code package [13]. Figure 2 
shows the temperature rise in the copper rings as measured experimentally and calculated by PTA. The large 
temperature rise in the first ring is due to energy deposition from X-rays, generated when electrons hit the 
aluminum shield. The experimental data of 6 graphite rods of different diameter could be successfully modelled 
with the PTA code system. The beam power and the graphite-copper slit conductance (filled with air) were 
used as free parameters to match the computer results to the experimental data. 

Long pulses of 10 to 60 s were needed to obtain measurable results. In contrast, RE in tokamaks interact with 
first wall materials on a ms time scale [3], which leads to significant differences in the temperature distribution for 
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Figure 2: Temperature rise in copper rings after 10 s electron irradiation using a 13 mm diameter graphite rod: 
comparison of experimental data and PTA results. Electron beam energy: SO Me V per electron. 

the same energy input. In addition, the beam and sample geometry can vary significantly between the simulation 
experiments and the RE events in tokamaks. The magnetic field inherently coupled to tokamak operation also 
influences the RE impact (see next section). Some attention should thus be given to the extrapolation of electron 
simulation events to RE events in tokamaks, which can instead be analyzed with appropriate computer models. 
The accelerator experiments provided a basis for validation of the PTA computer code. In addition material 
damage such as grain growth and microcracking have been observed. This kind of material damage occurs at 
energy depositions well below those needed for melting or sublimation of test samples. 

6 Energy Deposition on Various Types of PFC 

Various types of plasma facing component (PFC) designs have been investigated for their resistance to RE 
impact. The generation of runaway electrons in tokamaks is inherently coupled with the presence of a strong 
magnetic field which is roughly parallel to the surface of the plasma facing components. This has two main 
consequences: 

1. Reflected charged particles will be bent back into the material. 

2. Charged particles will be forced to gyrate around the magnetic field lines inside the material. 

The first effect leads to a substantial increase of the energy deposition into the plasma facing components by the 
runaway beam and the second effect leads to a reduced penetration depth of the electrons. To quantify these 
findings, GEANT3 simulations of energy deposition of electrons (0,- = 1°) on a simple two layer model with 
1 cm carbon on 1 cm molybdenum (see figure 3) was performed without magnetic field ('no B'), a magnetic 
field just in the vacuum ('B-vac') to demonstrate the effect of the reflection power, and finally a magnetic field 
everywhere ('B-all') to show the effect of decreasing penetration depth. The energy deposition in carbon and 
molybdenum is plotted in figure 4 as a function of the incident electron energy is plotted [16]. Neglect of the 
magnetic field can lead to underestimation of the integral heat deposition by a factor of up to 3 and the peak 
energy deposition in the metal substrate can be overestimated by a factor of up to 8 when the shielding effect 
of the magnetic field inside the material is neglected [65]. The energy deposition in the materials was observed 
to be independent on the incident angles and energies over 100 MeV [18]. 
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Figure 3: Geometrical setup of a simple model for a plasma facing component (1 cm graphite on 1 cm molyb
denum). 
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Figure 4: The fraction of the runaway electron beam dumped a) into the whole setup (incident angle 1°) and b) 
into the molybdenum (incident angle 5°) for different assumptions concerning the magnetic field. 
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cm 

Figure 5: Lateral (y-direction, see figure 3) spread of the energy deposition in a molybdenum surface protected 
by 1 cm of graphite with and without magnetic field. The maximum energy deposition with magnetic field served 
as normalization point. 

It has been argued [65] that the reflected part of the energy, which is bent back by the magnetic field, will 
not contribute to the volumetric heating, since the point of second entry into the material may be far away from 
the beam impact point. To investigate this question the spread of the beam in the y-direction (see figure 3) is 
shown in figure 5. Starting with a uniform distribution of 100 MeV electrons (0, = 1°) with a width of 2 cm, 
the width of the beam impact is shown for the first 250 \im in molybdenum [66]. One can clearly observe the 
effect of the magnetic field leading to a long tail of the initial peaked distribution. About 60% of the dumped 
electron energy is spread over 10 cm, and about 90% over 50 cm. It is worth mentioning that the position of 
the peak of the lateral energy distribution at the molybdenum surface is not at the place where it would be 
expected for a straight path of the electrons, but rather is shifted due to multiple scattering. The horizontal 
(z-direction, see figure 3) spread is shown in figure 5. Starting with no beam spread in the z-direction, one ends 
up with a typical width of 2 cm (root mean square) after penetration of 1 cm of graphite. 

EGS4 calculations [18] of energy depositions from RE's were performed for the three types of carbon/copper 
based divertor targets shown in figure 7. Type A represents a monoblock concept proposed for the physics phase 

[ c m ] 

100 200 300 
MeV 

Figure 6: Perpendicular (z-direction, see figure 3) spread of the runaway electron beam after penetration of 1 
cm of graphite. Twice the root mean square of the spatial distribution is plotted versus the electron energy. 
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(b) Type B : Armored copper tube concept, (c) Type C : lmm-thick copper tube 
Copper structure armored by lcm-thick CFC between CFC and copper structure 

Figure 7: EGS4 model for the calculation of energy deposition from runaway electrons on various types of 
divertor targets. 

of ITER-CDA [9]. Type B represents an armoured metallic tube concept with carbon fiber composite (CFC) 
tiles and copper structure. Type C represents a concept with a coolant pipe centered at the interface between 
CFC and copper structures. The thickness of the CFC above coolant pipes was 10 mm for all types. The incident 
electron energy was assumed to be 300 MeV and the incident angle to the surface 1 degree because the RE's 
will have very small incident angles. Figure 8 shows the deposited energy pattern for the three different design 
solutions. The most crucial parameter, viz. the peak energies deposited in the copper and CFC components 
was almost the same for all divertor targets. In this calculation there is no dependence on the geometrical shape 
of the metallic components, but the thickness of the carbon armour affects the peak energy in the metallic 
component. For toroidal coolant assembly and 1 cm graphite protection the damage threshold is about 30 
MJ/m2 for all designs. Figure 9 shows the deposited energy contour for the type A divertor with 6 T magnetic 
field. 

The steps in the distribution of the energy density correspond to the density changes when going from one 
material to the other, which reflects the proportionality of the ionization loss to the density. Structural material 
can be very effectively protected by thick carbon tiles. To quantify the thickness effect, a simple case was 
considered [66]: 10 cm thick graphite hit by 300 MeV electrons at an incident angle of 1°, as shown in figure 
10. Between 0.3 and 4.0 cm the distribution is roughly exponential, with the energy deposition decreasing by 
a factor of 2 for every cm. Since a steel structure at any depth would yield a roughly 4 times higher energy 
density (ptteel/pcarbon « 4), it can be generally stated that 1 cm of carbon increases the runaway protection 
by a factor of 2. Another conclusion can be drawn: the end of life conditions of the plasma facing components 
might show substantial erosion of the C tiles, implying their reduced potential in affording protection against 
runaway electrons. 

The peak energy deposition in a monoblock design with molybdenum tubes is shown in figure 11 [67] for 
various incident angles and single electron energies. A uniform RE heat flux of 30 MJ/m2 was assumed as in 
the ITER-CDA [9]. The results of the peak energy deposition in the coolant tubes are rather independent of 
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Figure 8: Deposited energy densities in three types of divertor tagets. Incident beam angle (6) = 1°, electron 
energy (E) = 300 Me V. The deposited energy density is an average of deposited energy per unit volume in each 
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Figure 9: Deposited energy contour for the Type A divertor with 6 Tesla magnetic field. 
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Figure 10: Energy deposition by runaway electrons in a thick graphite block. Between 0.3 and 4 cm the energy 
density in graphite decreases roughly exponentially, i.e. every cm of graphite thickness doubles the runaway 
protection of structures behind it. 
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Figure 11: Peak energy depositions in the molybdenum tube of the monoblock divertor due to 30 MJ/m2 runaway 
electron impact. 
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Figure 12: Energy deposition of a SO MJ/m2 runaway electron beam (incident angle 1") into a W-Nb divertor. 

the initial electron energy (for energies > 100 MeV) and incident angle. The explanation for this behaviour 
is the smearing of the incident angle by multiple scattering and the very small dependence of the shape of 
electromagnetic showers on the initial electron energy (see section 3). Thus the most important parameter in 
the RE impact studies is the RE surface heat flux. Melting of the cooling tubes must be expected for RE heat 
fluxes of about 50 (25-30) MJ/m2 for molybdenum (copper) cooling tubes [18], [17]. 

Figure 12 shows results of an extremely different design solution for the plasma facing components that 
is based on high-Z coating material, viz. tungsten. In this case one has roughly no dependence on incoming 
electron energies above 20 MeV, which is due to the fact that electromagnetic shower development is already 
the dominant process above an electron energy of 10 MeV. The high 'stopping power' of tungsten would lead 
to melting of the structure above 15 MW/m2 . On the other hand, the structure behind the tungsten coating is 
very well protected. 

The first wall of ITER is loaded by concentrated a-particle bombardment and therefore local damage can 
be produced during normal plasma burn. A possible solution to this problem is the use of local limiters [68]. A 
parametric study has been performed to investigate the required carbon tile thickness for local limiters covering 
10 and 20% of the first wall [17]. 

In the first case the heat load imposed on the carbon surface was assumed to be 300 MJ/m2 since the 
toroidal coverage of the limiters is a factor 10 smaller than the coverage of a continuous first wall. For the 
20% coverage the load was again 300 MJ/m2 , but in this instance striking only half of the toroidal extent. 
This would be expected with a 'roof-shaped' local limiter angled in two directions to the magnetic field ripple. 
The incident angle was assumed to be 1" and the individual electron energy was 300 MeV. Tiles incorporating 
tungsten filaments, corresponding to 1 mm effective tungsten thickness, are considered as a third case. 

Figure 13a shows the maximum energy deposition in a cooling tube, the steel component nearest to the 
plasma for all three cases, as a function of tile thickness. For comparison, the full carbon coverage case is also 
shown. A tile thickness of 3 cm provides a safety factor of three against melting if tungsten filaments are used, 
whereas the same factor would require 4 cm of pure carbon. If tungsten filaments are used, care should be taken 
to ensure that their temperature is maintained below the melting point to prevent damage to the tiles. 

The peak energy deposition in the local limiters by runaway impact shows up at the surface of graphite and 
does not vary with thickness. The first 3 mm of the carbon tiles will be subject to a heat load of 33 kJ/cm3 , 
which is certain to result in at least partial erosion (see figure 13b) 
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Figure 13: PeaJfc energy deposition in the first wall steel(a) and carbon protection (b) for the local limiter design. 
A runaway electron beam with 300 MJ/m2 surface heat load on the limiter surface and a single electron energy 
of 300 Me V were assumed (incident angle 1°). 

7 Conclusion 

The production of runaway electrons during disruptions has already caused some damage in existing tokamaks. 
Consequently, the next step device ITER will try to avoid operational scenarios which are prone to runaway 
production. It is also being attempted to include runaway electron protection in the design criteria of the 
plasma facing components. The exact prediction of the maximum heat flux envisaged is uncertain owing to the 
large variation of runaway generation with electron density and temperature at the end of thermal quench of a 
disruption. A rough estimation yields a 100 MJ beam energy of up to 300 MeV electrons, leading to about 30 
MJ/m2 heat flux to the plasma facing components if they are properly aligned and the magnetic field ripple is 
small. 

Monte Carlo codes either originating from high energy physics or developed for fusion research can be used 
for quantitative modelling of the energy deposition that includes the magnetic field. The overall uncertainty of 
the modelling is estimated to be smaller than 20%. 

Structural components (e.g. cooling channels) are best protected by thick carbon tiles, e.g. a thickness of 
1 cm prevents melting of molybdenum below 50 MJ/m2 . For a bare metallic first wall or divertor, melting has 
to be expected at about 15 MJ/m2 . On the other hand, a thin tungsten layer (2 mm) affords considerable 
protection of the structures behind it. The use of beryllium and copper could lead to component damage at 
about 10 MJ/m2 , but in JET a significant reduction of runaway electron generation has been observed with 
beryllium coating. 

For reactors working at high water temperatures, the additional heating by runaway electrons may lead to 
overpressurization of the cooling channels and subsequent loss of coolant accidents. 

In some machines (DIIID), no disruption generated runaway electrons have been observed, which gives rise 
to the hope that a proper understanding of the suppression mechanism might solve the problem. 
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ABSTRACT 
Since high heat flux removal in fusion reactors such as plasma facing components, in particular 

divertor plates, is subjected to high heat loads from their one side, comprehensive and promising 
databases are required. This database summarizes thermal and mechanical properties of various 
materials including newly developed carbon based materials. Thermal-hydraulics including heat 
transfer data and many critical heat flux data under one sided heating conditions are also summarized 
for water and helium gas. 

1. INTRODUCTION 

As the second stage of research and development (R&D) for fusion experimental reactors, re
cent three large tokamaks, i.e., JET in the European Community, JT-60 in Japan, and TFTR in the 
United States of America, were designed and constructed. Break-even plasma condition which is 
defined that an output fusion power produced by D-T reaction is equal to an input power have been 
achieved in JET. Equivalent break-even plasma condition in hydrogen plasma operation has also 
been achieved in JT-60. These promising positive results lead the importance of R&D efforts on the 
next stage of fusion experimental reactors such as the International Thermonuclear Experimental 
Reactor (ITER) program [1], which is a collaborative enterprise between the European Community, 
Japan, the Russian Federation, and the United States of America. 

Since next fusion experimental reactors will be designed to handle the nuclear fusion power, 
reactor engineering R&D issues are very important. In particular, development of plasma facing 
components which will be subjected to severe heat loads not only during steady state normal opera
tion but also during off-normal events such as plasma disruptions becomes one of the key issues to be 
overcome. Divertor plates are the most important plasma facing components. To minimize impuri
ties into the plasma, it is necessary to use low-Z plasma facing materials such as high performance 
carbon- or beryllium-based materials with high thermal conductivity and strong mechanical proper
ties. Furthermore, to facilitate the conduction of heat from the armor to the actively cooled heat sink 
structure, the armor tile must be well-bonded to the heat sink structure. Therefore, it is very important 
to develop the bonding technology because of poor compatibilities of thermomechanical properties. 
Since the ITER is also designed for high plasma current and steady state operation, the plasma facing 
components will be subjected to more severe heat loads than those for the existing fusion experimen
tal machines such as the JET, JT-60, and TFTR. As summarized in table 1 [1], the steady state heat 
flux on the surface of the divertor plate is expected to be 15 to 30 MW»m2. 

For developing the plasma facing components such as the divertor plate, R&D issues can be 
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categorized into three developmental items: 1) the armor, 2) the heat removal structure, and 3) the 
braze technology. 

With regard to developing the armor materials, there are some experimental results [2-10]. The 
most important issue is erosion damage by the tokamak plasma at normal and off-normal operations. 
Evaluations of the damage of divertor plates under disruption heat loads reveal that the surface of the 
armor material is enormously damaged. Essentially undamaged are the interface and the substrate of 
the divertor plate during a disruption. However there are large discrepancies of the material erosion 
data on the thermal shock heat loads between the experiments [2-10]. Therefore, only thermal and 
mechanical properties of carbon based materials and metals are presented in this paper. 

The second issue is development of heat removal structures for the divertor plates under one
sided heating condition. In ITER, the divertor plate is exposed to stationary heat flux as high as 15 to 
30 MW«m2 described above. Since little developmental study of heat removal structure under one
sided heating conditions is available, high performance cooling structure is needed for the ITER 
divertor plates. The following thermal characteristics becomes important; critical heat flux (CHF) of 
the cooling structure, critical heat flux (CHF) correlations, and heat transfer around the circumfer
ence. 

Since the third issue, i. e., brazing and fabricating technologies, are described and reported in 
Ref. 11, this R&D issue is skipped. 

2. MATERIAL PROPERTIES 

Tables 2 to 5 and figures 1 and 2 show thermal and mechanical properties of various carbon 
based materials and metals [1,12,13]. For carbon based materials, carbon fibers are used for improv
ing thermal conductivity and reinforcing the bulk material compared with the graphite. One, two, and 

Table 1 Required Performances for ITER PFCs. 

Operation Phase 

Components 

Normal Operation 
- Average neutron wall load MW/m2 

- Peak/Average Surface Heat Flux MW/m2 

- Peak Volumetric Heat Load in Structure MW/m3 

- Number of Pulses (full load) 

- Total Burn Time H 

-Peak Neutron Damage (steel) dpa 

- Incident DT-lons: 

•Peak Flux 102 0 /m2s 
• Energy eV 

- Allowed water leak g/s 
Disruptions . 
- Number (at full load) 1 0 

- Thermal Quench 
•Time ms 
• Peak energy depos. MJ/m2 

- Current Quench 
•Time ms 

• Radiative energy depos. MJ/m 

• Run-away electron 2 
energy depos. (< 300MeV) MJ/m 

Physics 

First Wall 

1 

0.6/0.15 

20 

Divertor 

0.5 

15-30 

5 

1 

400 

0.7 0.3 

1 
10-100 

4000 
50-100 

10-8 

500 

0.1-3 
2 [ 10-20 

5-100 
2 

30 

Technology 

First Wall 

0.8 

0.6/0.15 

15 

Divertor 

0.4 

15-30 

4 

2-5 

10 4 - 3 x 1 0 4 

12-36 5-15 

1 
10-100 

4000 
60-200 

10-8 

200-500 

0.1-3 
2 [ 10-20 

5-100 
2 

30 
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three directional carbon fiber reinforced carbon composites (CFCs) are commercially available for 
fusion applications. Since fibers are highly oriented in the CFCs, these materials have anisotropic 
properties as shown in table. In general, one-directional CFCs have high thermal conductivities over 
500 Wnrr^K"1 at room temperature parallel to the fiber, while fairly low perpendicular to the fiber. 
Their thermal expansion coefficient are almost zero in the fiber direction and around 105 K-1 parallel 
to the fiber. From viewpoint of the residual stress from brazing, it is very important to match their 
thermal expansion coefficients. In this case, copper based materials are much better selection for one 
directional CFCs. Although their suitable thermal properties and thermal expansion coefficients as an 
armor tile for divertor plates, one directional CFCs have fairly low ultimate strengths in perpendicular 
to the fiber. From viewpoint of thermal stress and fatigue of the bonds, higher ultimate strength in this 
direction is required to withstand cracking and fracturing problems induced by high heat loads during 
manufacturing process and operation under one sided heating conditions. On the other hand, two or 
three directional CFCs have higher mechanical properties and relatively high thermal conductivities. 
In particular, newly developed three directional CFCs have thermal conductivities around 100 W»m 
'•K"1 at 1000 °C. For design of divertor plates, further databases such as thermal and mechanical 
properties after neutron irradiation are required. 

Table 2 Thermal conductivities of varoius carbon based materials as a function of temperature 

Unit:W-m-'«K 

Tema/°C 
20.0 
27.0 
57.0 

100.0 
127.0 
200.0 
227.0 
300.0 
350.0 
400.0 
427.0 
500.0 
600.0 
627.0 
700.0 
800.0 
900.0 
1000.0 

1100.0 
1200.0 
1300.0 
1400.0 
1500.0 
1600.0 
2000.0 

IG-430U 

155.0 

142.0 

128.0 

100.0 

80.0 

63.0 

52.0 

44.7 

P-130'1 

850.0 

700.0 

525.0 

440.0 

325.0 

MFC-1 "2 

640.0/25.0 
570.0/23.5 

495.0/21.0 

442.1/19.0 

397.3/17.0 

359.7/15.5 
328.3/14.2 

302.1/13.1 
280.3/12.3 
261.9/11.6 
246.3/11.1 
232.6/10.7 

220.2/10.3 
208.5/10.1 
196.8/9.8 
184.8/9.6 
176.0/9.4 

CX-2002U *3 

381.0/320.0/215 

299.0/251.3/180 

254.0/213.5/150 

193.0/161.7/117 

153.0/127.1/94 

120.0/100.0/74 

104.0/85.0/65 

3DCC/S *4 

247.0 

230.0 

186.4 

157.1 

145.0 
125.4 

116.5 

106.0 
105.6 

107.9 
104.0 

SEP112 "4 

280.0/210.0 

140.0/123.0 

131.0/105.0 

95.00/76.00 

76.00/62.00 

58.00/52.00 

*1 : P-130 is bulk fiber material, not composite. Thermal conductivity is measured in fiber direction. 
*2 : MFC-1 is felt type unidirectional carbon fiber reforced carbon composite. In the table, the first value corresponds to 

the thermal conductivity in the fiber direction and the second value in perpendicular to the fiber, respectivily. 
*3 : CX-2002U is felt type two-directional carbon fiber reforced carbon composite. In the table, the values in each 

direction are measured. -~ 

*4 : 3DCC/S is three-directional carbon fiber reforced carbon composite. In the table, these data are measured by area method. 
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Table 3 Thermal conductivities of varoius metals as a function of temperature 

Unit : W-m '-rC1 

TemD./°C 
2 0 0 
27.0 
57.0 

100.0 
127.0 
200.0 
227.0 
300.0 
327.0 
400.0 
427.0 
500.0 
527.0 
550.0 
600.0 
650.0 
700.0 
727.0 
750.0 
800.0 
850.0 
900.0 
927.0 
950.0 

1000.0 
1050.0 
1500.0 
2000.0 

Mo 

137.0 

136.0 

134.0 

131.0 

124.0 

TZM 
1 2 5 0 

115.0 

100.0 

87.0 
75.0 

Mo5Re 

118.0 

115.0 

1 1 4 0 

113.0 

112.0 

Mo41Re 

50.9 

54.3 

57.4 

61.5 

63.2 

64 3 

Nb-lZr 
47 5 

50.2 

S i S 

57.5 

OF-Cu 

398.0 

383.0 

371.0 

357.0 

342.0 

DS-Cu 
350.0 

340.0 

325.0 

315.0 

3 o n n 

290.0 

W 

178.0 

139.0 

128.0 

121.0 

115.0 

W3Re 

118.0 

115.0 

116.0 

113.0 

110.0 

108.0 

W5Re 

88.5 

90.0 

W10Re 

68.9 

70.1 

71.8 

73.2 

74.4 

75 n 

W26Re 

39.5 

47.6 

51 9 

55 3 

59 3 

60.9 

66.7 

64.1 
fi?8 

W30Cu 

293.0 

285.0 

2 7 6 0 

PR7 0 

258.0 

DS-Cu : dispersion strengthened copper, 0.5 % AI203, "GridCop" 
W30(wt%)Cu : copper-intiltrated W-Cu (pseudo-) alloy. 

Table 4 Thermal expansion coefficients 

T e m p l e 

2 0 . 0 
27 .0 

100 .0 

2 0 0 . 0 

3 0 0 . 0 

3 2 7 . 0 

3 5 0 . 0 

4 0 0 . 0 

5 0 0 . 0 

5 2 7 . 0 

fiOO.O 

7 0 0 . 0 

R00 0 

9 2 7 . 0 

1000 .0 

M F C - 1 
(1 /2 ,3) 

-0 .9 /12 .0 

C X - 2 0 0 2 U 
(1 ,2 /3) 

1.6/5.8 

S E P N 1 1 2 
(1 ,2 /3 ) 

1 .5 /2 .7 

1.7/2.9 

2 .4 /3 .8 

I G - 4 3 0 U 

4 . 7 

Mo 

4.8 

5.3 

5.7 

6.7 

TZM 

5.3 

W 

4.4 

i 5 

4.7 

W5Re 

4.35 

4.45 

W30CU 

11.5 

Nb-1Zr 

7.0 

7.3 

7.R 

8.1 

Unit: 

Cu 

15.4 

16.6 

18.3 
19.1 

20.0 

21.6 

l O ^ - K - l 

DS-Cu 

16.9 

17.0 
17.3 
17.7 

18.0 

18.5 

19.0 

W30(wt%)Cu : copper-infiltrated W-Cu (pseudo-) alloy. 

DS-Cu : dispersion strengthened copper, 0.5 % AI203 , 'GridCop" 

Table 5 Density, elastic moduli, yield and ultimate strength, and Poisson ratio 

MFC-1 CX2002 SEPN112 IG430U OF-Cu DS-Cu TZM W5Re W-30Cu 
density at RT, g/cm3 

elastic modulus, GPa 
1.67 1.96 

100. (//) 10.7(1) 
0.8 W 8.1(2; 

3.4 (3) 

1.95 1.81 8.9 8.9 10.2 19.4 14.0 
28.0 (//) 9.5 82.4 ( 20°C) 134. ( 20°C) 300. ( 20°C) 400. ( 27°C) 218. 
24.0 (1) 78.5 (100°C) 121. (200°C) 260. (500°C) 382. (527°C) 

73.5(200°C) 106. (400°C) 220.(1000°C) 
65.7(500°C) 91.(600°C) 140.(1500°C) 
58.8(800°C) 75. (800°C) 
44.1(.2)-20. 462.(.2)-20. 710.(.2)-20. 
103.(4.)-20. 516.(10)-20. 1150(17)-20. 
34.3(.2)-400. 228.(.2)-400. 550.(.2)-400. 
66.7(4.)-400. 270.(4.)-400. 970.(15)-400. 

ultimate strength at RT, 400./216UI) 35./49.(1) 65.//60(11) 42.194. 245. 516. 1150. 1100. 520. 
MPa, tensitafcpressiVe 3./16.LL) 31750.(2) 35.//fl0<±) 

11754.(3) 

yield strength, MPa.(%)-°C 
at 20° and 400°C 

Poisson ratio 0.15 0.19 0.11 0.18 0.33 0.3 0.32 0.3 0.3 
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3. THERMAL-HYDRAULICS 

Since divertor plates are subjected to high heat loads under their one side, characteristics of 
thermal-hydraulics such as critical heat fluxes and heat transfer coefficient of the cooling channel are 
required. In this paper, critical heat fluxes and heat transfer coefficients based on the experiments 
under one sided heating conditions are summarized and are compared with existing correlations based 
on the uniform heating condition. 

3.1 Critical heat flux 
Under one sided heating conditions, various kinds of cooling channel elements for high heat 

flux and steady state heat removal have been investigated so far [14-21]. There are two types of the 
cooling elements, i. e. either a tube or a panel structures. In this section, critical heat flux of the tube 
structure, straight tube, internally-finned tube, and swirl tube, is described first and performance of 
hypervapotron as the panel structure is discussed second. 

3.1-1 Straight tube 
Figure 3 shows a typical example of incident critical heat flux of various cooling channels 

performed in hydrogen ion beam facility at Japan Atomic Energy Research Institute (JAERI) [20]. In 
the figure, vertical axis indicates incident critical heat flux (ICHF) which is defined as heat flux 
applied at outer surface of the cooling structure. Inlet water pressure and flow velocity range from 
0.44 to 0.96 Mpa and from 2.2 to 15 m»s', respectively. All data were measured at the subcooling 
from 55 to 100 K. As seen in Fig. 3, ICHFs of tubes without internal fins or a twisted tape under one 
sided heating condition increase with flow velocity. However, ICHF saturates if flow velocity in
creases for more than 10 m»s'. For example, ICHF of straight tube is around 20 MW»m2 for flow 
velocities from 10 to 16 m«s"\ In this experiment, major dimensions of the straight tube were 10 mm 
outer diameter and 7 mm inner diameter. To investigate the outer diameter dependence, JAERI has 
also performed identical experiments for different outer diameter straight tube. At smaller tube (OD/ 
7mm), ICHFs were slightly higher under identical cooling conditions. On the other hand, ICHFs of 
larger tube (OD/15 mm) were similar values compared with those of 10 mm outer diameter straight 
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tube. For the evaluation of the dimension dependence of ICHF, further experiments will be required. 
Dependence of ICHFs on the inlet pressure was also evaluated and was small in the experiments. 
These results are very consistent with the previous experimental results [16]. 

3.1-2 Internally-finned tube 
There are some kinds of tubes with an internal fin, namely internally-finned tube. In general, 

tubes with helixed internal fins are used for high heat flux removal to enlarge cooling area and to 
promote small vortex flow along the flow direction at the boundary layer. In Oak Ridge National 
Laboratory (ORNL) and the JAERI experiments, number of fins and helix angle were selected to 16 
and 5°. Experimental results of the internally-finned tube have also indicated in figure 3. Major 
dimensions were 10 mm outer diameter, 7 mm inner diameter, and about 1 mm fin height. ICHFs of 
the internally-finned tube linearly increase with the flow velocity. At lower flow velocities (up to 9 
m*s-1), ICHFs, however, are lower than those of the straight tube due mainly to large flow stagnation 
area around the internal fins. At higher flow velocities (more than 9 m»s _1), ICHFs are higher. It 
means that much larger flow rate will be necessary to obtain the identical ICHF up to 20 MW»m2. 
Dependence of ICHFs on the inlet pressure was also measured and was confirmed to be small which 
is similar tendency of the straight tube. 

3.1-3 Swirl tube 
Up to now, swirl tube has been tested in many laboratories [18-21], and has confirmed its high 

performance. In general, a thin tape around 0.5 mm made of Inconnel-625 or stainless steel 304 is 
twisted, and then this twisted tape is inserted and fixed to a smooth tube inner wall by cold working or 
brazing. To obtain strong extraction force between the tape and the tube wall (i. e. force needed to 
pull out the tape, normalized to the unit length of tape), cold working and/or brazing are applied, 
resulting in the extraction force per length at least 600 N»m_1 even if only cold working is applied [20]. 
Furthermore, both ends of the twisted tape are also fixed to the tube wall with sleeves. Advantages of 
twisted tape are not only to increase heat transfer coefficient but also to mix hot and cold water under 
one sided heating conditions. During boiling, the resultant centrifugal force radially accelerates the 
denser water and displaces the lighter vapor bubbles more efficiently. 

To minimize the thermal deformation during heating, JAERI proposed to add an external fin at 
the rear of the swirl tube as shown in Fig. 4 [20]. Consequently, the plastic thermal deformation 
measured drastically decreased as shown in Fig. 5. The abscissa is defined by vertical thermal defor
mation length at the tube length of 1 m. Although only one point for each tube in the figure is 
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EXTERNALLY-FINNED TUBE 

Figure 4 Schematic of the externally-finned swirl tube. 
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measured with micrometer after testing, it is confirmed that thermal deformation behavior of the tube 
is similar tendency during heating. This type of tube, namely an externally-finned swirl tube, has 
great performances on not only ICHFs, but also thermal deformation compared with other type of 
tubes. It is noted that at the flow velocity of 10 m»s'l ICHF as high as 38 MW»m2 was obtained in the 
externally-finned swirl tube. 

Effect of the pressure on ICHFs are also indicated in Fig. 3. Its dependence on the inlet water 
pressure of from 0.5 to 0.9 MPa, which corresponds to saturation temperature difference of about 25 
K, seems to be small. For evaluation of ICHF on the pressure, further experiments will be necessary 
for relatively wide pressure ranges up to 4 MPa. 

Other important issue for the design of the divertor plate, ICHF dependence on the subcooling, 
should be evaluated. Figure 6 shows ICHF of swirl tube as a function of the subcooling for different 
flow velocities performed in electron beam test system at Sandia National Laboratories as the col
laborative experiment between US and Japan [22]. Strong dependences of ICHFs on the subcooling 
are observed. ICHF-dependence on subcooling is nearly linear, ranging from as low as 20 MW«m2 at 
30 K subcooling, to 60 MW»m2 at 150 K subcooling. From the figure, a proportionality constant is 
expected to be around 0.3 MW»m 2*K_1. For example, ICHF at the subcooling of 80 K decreases by a 
factor of 0.6 at the 130 K. Even if such high dependence on the subcooling, swirl tube has ICHF as 
high as 40 MW»m2 at a cooling condition for subcooling, flow velocity, and inlet pressure to be 80 K, 
10 m»s', and IMPa. Swirl tube has already been applied as a cooling tube element of an ion beam 
dump for neutral beam injector at ORNL. This ion beam dump can handle a total power of 2.7 MW, 
in particular surface heat flux as high as 54 MW»m2 for 30 s [ 18]. An ion beam dump which consists 
of an array of 16 externally-finned swirl tubes was also installed in JT-60 NB test bed (PBEF). This 
ion beam dump have been operated for long periods under large number of high-heat-flux environ
ments, which typical beam condition is 20 to 35 MW»m2 for several seconds. For more than 5 years 
operation, no fatal damages including erosion by sputtering and water corrosion induced by high flow 
velocity around 10 nvs ' have been confirmed. Furthermore, for neutral beam injector based on 
negative-ion-beam of JT-60 the externally-finned swirl tube is applied for a cooling tube element of a 
negative and positive ion dumps, based on the successful experimental results. Each ion dump is 
designed to be able to handle residual deuterium beams at an beam energy of 500 keV and a total 
power of 4.2 MW for 10 s with a peak heat flux around 15 MW»m2 under the design velocity of 10 

•g 
o 

50 ~ — i — i — I -

° 10 

-i 1 1 "I 1 1 1 1 r -

O :ICHF Point 

Cooling Condition 
Flow Velocity : 10 m/s 
Inlet Pressure : 0.96 MPa 

j i i. i = 1 

0 5 10 15 
Thermal Deformation AL, mm 

20 

Figure 5 A comparison of thermal deformation for various cooling tubes. 

252 



CM 

E 

x 
3 

(0 

X 

o 

100 

80 

60 

SNL-A/JAERI-FUSION CHF EXP. 

Swirl Tube | | 
.Inlet Water Pressure : 1 MPa 
Heated Length': 2 cm 

"" _ i i 
VAxiai = 6.5 m/s 

VAxiai = 8.66 m/s 

0 VAxiai = 10 m/s 

O VAxiai =13 m/s 

•S 40 

6 
c 
•g 
"o 
c 

20 

0 
0 40 80 120 

Subcooling Tsat-Tbulk, K 

160 

Figure 6 ICHF of Swirl Tube for Different Subcooling 

In the figure, symbols • , H , n , and • show JAERI ICHF data obtained under the subcooling of from 75 to 90 K. 

n r s 1 for 1 MPa [23]. 

3.1-4 Hypervapotron 
Hypervapotron (HV) as shown in Fig. 7 is device of finned panel structure with flow direction 

perpendicular to the fins. To be effective, HV is made from a high thermal conductivity material such 
as copper. Coolant is subcooled water at a velocity of 3 to 10 m»s-1. The device operates in a " 
hypervapotron" mode at velocities less than 3 m»s_1 if the heat flux is high enough [24]. During this 
mode, the space between the fins starts filling up with water vapor. Once the space is completely 
filled with steam, the steam is expelled in the main stream and the space filled with cold water. Thus 
the device operates in a transient (pulsating) mode. At higher velocities ( above 5 m»s!), the device 
operates in a steady state mode. Figure 8 shows some of the experimental results obtained at JET 
test bed by Falter [25] for a water cooled copper HV. These results show that, at low values of 
incident heat flux the heat transfer is by forced convection only. As the heat flux is increased some of 
the heat transfer surface reaches incipient boiling temperature. After further increase in the incident 
heat flux, due to high thermal conductivity of the copper, and large conduction areas, heat transfer by 
forced convection, nucleate boiling and film boiling can simultaneously occur in HV. Peak surface 
heat fluxes greater than 25 MW»m2, which are adequate for fusion divertors, have been achieved in 
HVs without burnout at a subcooling of about 100 K. Further experiments such as subcooling depen
dence will be necessary for the evaluations. A comparison of HV and swirl tube under identical heat 
flux and cooling conditions, has shown that, HV has a 50 % pressure drop and about 33 % pumping 
power compared to swirl tube. During the coolant pressure was about 1 MPa, the subcooling for swirl 
tube was 134 K and subcooling for HV was 114 K, respectively. The peak surface temperatures were 
approximately equal at the peak heat flux of 25 MW»m2. 
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A method to analytically predict the performance of HV described in Ref. 26, shows good 
agreement between analysis and experiments for variety of geometries, for two different materials 
and a range of flow conditions as shown in Fig. 9. The analytical method consists of using the 
standard thermal hydraulic correlations in different heat transfer regimes (forced convection, incipi
ent boiling, nucleate boiling etc.) to obtain a continuous relation describing heat transfer coefficient as 
a function of local heat transfer surface temperature. The relation depends on the flow geometry, flow 
velocity, coolant pressure and subcooling. This relation is then used in a finite element analysis with 
the prescribed incident heat flux to calculate the temperature distribution in the HV geometry. 

HV can be rectangular or cylindrical in geometry as shown in Fig. 7. Therefore, HVs can be 
possible for cooling of ITER (peak heat flux = 5 MW*m2) and TPX (peak heat flux = 7.5 MW»m2) 
divertors. In addition it can be used for other fusion applications with high heat flux where water is 
acceptable as a coolant, such as NB dump plates, Gyrotrons and ECH dummy loads. Main advan
tages of hypervapotron is the ability to operate at lower velocities and pressure, for same heat transfer 
performance and safety margin. 
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3.2 CHF comparison [27] 

3.2-1 Tube without heat transfer enhancement 
Before the comparison between the experimental CHF data and the existing CHF correlations, 

experimental ICHFs have been translated into critical heat flux at the tube inner surface (CHF) by 
applying heat transfer coefficient proposed by Thorn [28] or Shah [29]. Since none of correlations for 
CHF under one sided heating conditions do not yet exist, experimental CHF data have been compared 
with some existing CHF correlations [30-34] obtained under the uniform heating condition. It is 
noted that these correlations predict CHF values with a discrepancy as large as around ± 40 % at the 
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Figure 12 Comparison of experimental CHF data with predicted CHF 
for rectangular faced circular tube. 

same flow condition due mainly to different data bases. Figures 10, 11, and 12 show comparison 
results of the experimental CHF data under one sided heating conditions with the existing correla
tions. The ordinate indicates the ratio of the experimental CHF value to that predicted by each corre
lation. For straight tube, the experimental data show relatively good agreement with the some corre
lations proposed by Inasaka-Nariai, Knoebel, and Katto with an accuracy of -20 to +10 %. On the 
other hand, for a tube with an external fin or a rectangular faced circular tube, correlations except for 
Gunther's correlation systematically underestimate CHF values for over the range of mass flows in
vestigated in the present experimental conditions described above. It might be for two reasons; 1) 
applied heat transfer coefficient along the circumference of the tube is slightly different compared 
with the actual phenomenon and 2) the existing correlations strongly depend on the inner diameter 
and the pressure, while in the experiments a small difference for different inner diameter and the 
pressure. To evaluate the applicability of the existing correlations for one sided heating conditions, 
further experiments at the wide ranges of the pressure, dimension and subcooling are necessary. 

3.2-2 Swirl tube 
For swirl tube, there are a few investigations on a comparison of the experimental results with 

the existing correlation. Koski [19] and Schlosser [21] reported that modified Tong-75 has been 
shown to be reasonable for their experimental results under one sided heating conditions performed in 
different test facilities. Though they measured ICHFs from the experiments, CHF at the tube inner 
wall have been analyzed with using the existing heat transfer correlations based on the uniform heat
ing condition described above. However they have not investigated whether or not the existing heat 
transfer correlations are applicable for one sided heating conditions. From the experimental results on 
heat transfer under one sided heating conditions described in next section, it is noted that an additional 
error about ± 10 % between the correlations and the experimental results includes in their evaluations 
when their existing correlations are simply applied. Furthermore, a few experimental data was used 
for their evaluations and experimental conditions ranged very small. For the evaluation of the appli
cability of the existing CHF correlations on CHF under one sided heating conditions, further experi
ments are strongly required. It is also very important to evaluate heat transfer coefficient along the 
circumference of the tube because of one sided heating conditions. 
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Figure 15 Evaluation procedure for the prediction of heat transfer coefficients. 

3.3 Heat transfer 

3.3-1 Water cooling 
For prediction of heat transfer under one-sided heating conditions, none of literatures and ex

perimental results, however, have led us whether or not existing correlations based on uniform heat
ing condition, i. e., Thorn and Shah (Jens-Lottes) correlations, can be applied. Furthermore, their 
predictions are also scattered as shown in Fig. 13 even if the same analytical condition is applied. 
This reason is attributable mainly to 1) lack of database, 2) small range of super heat up to 20 K, and 
3) wide extrapolation. In the cooling channel of the divertor plates, nucleate boiling with super heat 
more than 20 K will be expected due to high heat flux environment. To systematically evaluate heat 
transfer phenomenon under one sided heating conditions, JAERI has performed heat transfer experi
ments of four kinds of cooling test tubes as shown in Fig. 14 at JT-60 NB test bed [35]. In the test 
tube, many thermocouples are buried along the circumference and flow direction to measure tempera
ture responses at different positions. Figure 15 shows the evaluation procedure for the prediction of 
heat transfer coefficients under one sided heating conditions. Experimental conditions are as follows; 

water flow velocity ; 4.2 ~ 16 m/s 
Local pressure ; 0.5 ~ 1.3 MPa 
Incident heat flux (peak) ; 2 ~ 40 MW/m2 

Heat flux profile ; Gaussian 
e-holding at half maximum ; 175 mm 
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At the first step, finite element analysis using ADINA has been performed applying the experi
mental conditions to predict the temperature distributions at the thermocouple positions and has been 
compared with the experiments. Typical results in the tube without a twisted tape are shown in Figs. 
16, 17, and 18. Figure 16 shows an example of temperature distributions at the thermocouple posi
tions for different surface heat fluxes ranged from non boiling to nucleate boiling close to burnout. 
The abscissa shows the angle from the top of the tube. This figure also shows analytical results 
predicted by Thorn and Shah(Jens-Lottes) correlations. At forced convection cooling (none boiling) 
regime, analytical results show relatively good agreement with the experimental results. On the other 
hand, at transition to boiling and nucleate boiling regimes it is found that experimental data position 
among lines predicted by their correlations within an error of -10 % to + 30 % as shown in Fig. 16, 
where Thorn correlation overpredicts the temperatures, while Shah correlation underpredicts. It 
means that experimental data can roughly be predicted within a band between their predicted lines. 
Based on these results, temperature distributions at the tube inner wall and inner surface heat fluxes 
are analyzed as shown in Figs. 17 and 18, respectively [35]. In particular inner surface heat flux can 
be predicted within an accuracy of ± 10 % by applying their correlations even if relatively large 
temperature differences between their correlations are observed. Therefore, for tubes without a 
twisted tape, existing heat transfer correlations introduced by Thorn and Shah are roughly applicable 
for the heat transfer prediction under one sided heating conditions with an accuracy of ± 30 %, al
though a small discrepancy between the experiments and the analyses is found. To determine the heat 
transfer coefficients under one sided heating conditions, further evaluations such as inverse analyses 
of heat conduction are necessary. Figure 19 shows a preliminary result of inverse analysis of heat 
conduction [36]. 

JAERI/PBEFV10P10 
T ' ' ' 1 ' ' 

0 45 90 135 180 
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Figure 18 Heat flux distributions at the tube inner wall. 
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For the tube with the twisted tape inserted, similar evaluation procedure has been applied to 
predict heat transfer coefficients under one sided heating conditions [36]. In this case, large heat 
transfer enhancement is expected due to vortex flow. At the first step for the evaluations, Gambill 
correlation [37] for heat transfer enhancement factor at non boiling regime has simply been applied 
for all regimes. Figure 20 shows a comparison of experimental and analytical temperature distribu
tions at the thermocouple positions for different incident heat fluxes. Experimental data also roughly 
position among the predicted lines as the similar to the results of the tube without the twisted tape, 
leading us to conceive prospect for the prediction of heat transfer coefficients under one sided heating 
conditions. Therefore, heat transfer coefficients over the entire temperature range at this time can be 
predicted by applying the following correlations within an accuracy of ± 30%; 

- Non boiling regime 
0.14 

Nu = 0.023 •Re0.8.prD-4.(Ji—), 

Nils = Nu- 2.18 
v0.09"' 

M 0.14 
*w 

Dittus-Boelter equation [38] (1) 

Gambill equation for swirl flow [37] (2) 

- Transition to nucleate boiling 

q = 
Qcon 

l+ |HMl(i-_9bL|) 2 

qboii" J 

0.5 

- Nucleate boiling 

TwairTsat = 0.022-
,0.5 e x p s 

Bergles-Rohsenow equation [39] (3) 

Thorn correlation [28] (4) 
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or 

Twall = 4 K " L°HTsat " TL) + (j^j) + TL; 

V = 230.0-
q \0.5 

(GHg) 

Jens-Lottes correlation [40] (5) 

(6) 

where, 
Nu 
Nu 
Res 

Pr 

y 
q 
^con 

^boil 

> 
wall 

H 

Nusselt number (-), 
Nusseld Number for swirl flow (-), 
Reynolds Number (-), 
Prandtl Number (-), 
Dynamic viscosity of liquid (Pa»s), 
Dynamic viscosity of liquid at wall temperature (Pa»s), 
Tape twist ratio ( =Llg0/Di), 
Total heat flux (MW*nv2), 
Heat flux predicted at forced convection flow (MW»m2), 
Heat flux for boiling (MW»m2), 
Fully developed boiling heat flux at incipient boiling (MW*m2), 
Wall temperature (K), 
Saturation temperature (K), 
Local water pressure (MPa), 
Mixed-mean temperature of liquid (K), 
Heat transfer coefficient at non-boiling regime (W»m 2»K'), 
Mass flow rate (kg»s1), 
Latent heat of vaporization (J*K_1). 



3.3-2 Performance of helium gas cooling 
To investigate performances of helium gas cooling, the EBTS helium flow loop (HeFL) at 

Sandia National Laboratories has successfully been used to test three types of helium-cooled divertor 
mock-ups in 1993. All three mockups were manufactured of Glidcop dispersion-strengthened copper 
alloy. The first heat exchanger was manufactured by Creare, Inc. and makes use of microfin technol
ogy and helium flow normal to the heated surface. This technology provides for enhanced heat trans
fer at relatively low flow rates and much reduced pumping requirements. The Creare sample was 
tested to a maximum heat flux of 4.0 MW»m2 in the 30 kW electron beam test system (EBTS) using 
7.3 g«s * of helium mass flow and produced a pressure drop of only 3.4 kPa at 1.4 MPa. The second 
helium-cooled divertor mock-up was designed and manufactured by General Atomics. It consisted of 
millimeter-size axial fins and flow channels machined in Glidcop Al-15. This design used low pres
sure drops and high mass flow rates to achieve good heat removal. The GA specimen was tested 
using 22 g»s"' of helium mass flow which produced a 5 kPa pressure drop at 4.0 MPa. It attained a 
maximum heat flux of 9 MW»m~2 while maintaining a surface temperature below 400 °C. This tem
perature was selected to be compatible with a 2 mm thick beryllium tile at the plasma interface, where 
the maximum surface temperature must be below 700 °C. The third specimen was an Glidcop Al-15, 
axial flow, helium-cooled divertor mock-up filled with a porous metal wick designed and manufac
tured by Thermacore, Inc. The internal porous metal wick effectively increases the available heat 
transfer area. This divertor module was characterized by low mass flow, ~lg»s1, and high pressure 
drop operation near 66 kPa at 4.0 MPa. It survived a maximum heat flux of 16 MW»nr2 and reached 
surface temperatures of 740 °C. 
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All figures should be on separate sheets and numbered consecutively 
with Arabic numerals, e.g. Fig. 1. A separate list of captions must be 
provided (see also General above). 

Tables must carry a heading and be numbered consecutively with 
Roman numerals in the order in which they are mentioned in the text, e.g. 
Table II. Footnotes to tables should be indicated by raised letters (not 
numbers or asterisks) and set immediately below the table itself. Tables 
should be typed clearly for possible direct reproduction. 

Footnotes to the text should be numbered consecutively with raised 
Arabic numerals; excessive use of footnotes should be avoided. 

All equations should be typed as carefully as possible, with unavailable 
Greek letters and other symbols clearly inserted by hand. Specifically: 

(1) To eliminate confusion between symbols with similar appearance 
(e.g. between ones, ells and primes), make them as distinct as 
possible, if necessary marking them clearly by hand. In manuscripts 
with handwritten formulas, all further sources of confusion (such as 
n's and u's, u's and v's, e's and l's, J's and I's) should also be 
marked. 

(2) Indicate a vector by an arrow on top rather than by bold face 
lettering. 

(3) Tensors of second rank should bear two arrows on top; if higher rank 
tensors are required, choose an appropriate symbol and explain it. 

(4) Indicate the normal algebraic product by simple juxtaposition of 
symbols, i.e. without multiplication sign. _ _ 

(5) Write scalar products of vectors with a raised point, e.g. A B . 
(6) Use the multiplication sign (X) solely to designate: (i) a vector 

product, (ii) an algebraic (but not a scalar) product in the case where 
an equation has to be split over two lines, and (iii) in expressions like 
3 cm x 3 cm or 2 X 106 cm. 

(7) The nabla operator (V) does not carry an arrow. 
(8) When equations are split over two or more lines, place operational 

signs only at the beginning of each new line, not at the end of the 
preceding line. For direct reproduction of an equation, the length of 
the lines should not exceed 9 cm. 

(9) Where it is impossible to split long fractions over two lines, use 
negative exponents: similarly, replace root signs by fractional 
exponents where appropriate. 

(10) Do not use symbols, abbreviations and formulations that are 
recognizable only in a particular language. 

Use SI units as far as possible; where this is not possible, please give the 
appropriate conversion factor. 


